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This report summarizes the scientific accomplishments achieved through the 
JUPITER-II Japan-US Collaboration Program.  The JUPITER-II collaboration 
(Japan-USA Program of Irradiation/Integration Test for Fusion Research –II) has been  
carried out through six years (2001-2006) under Phase 4 of the collaboration 
implemented by Amendment 4 of Annex I to the MEXT (Ministry of Education, Culture, 
Sports, Science and Technology)-DOE (United States Department of Energy) 
Cooperation.  This program followed the RTNS-II Program (Phase 1: 1982-1986), the 
FFTF/MOTA Program (Phase 2: 1987-1994) and the JUPITER Program (Phase 3: 
1995-2000). 

The JUPITER-II collaboration was established to provide the scientific foundations 
for understanding the integrated behavior of blanket materials combinations operating 
under conditions characteristic of fusion reactors, including interactive neutron 
irradiation effects, high temperature coolant flow phenomena, heat and mass transport 
in blanket materials, and coolant chemistry and its interactions with surrounding 
materials. The scientific concept of this program is to study the key technology in 
macroscopic system integration for advanced blanket based on an understanding of the 
relevant mechanics at the microscopic level. 
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1. Summary of the JUPITER-II Project 

 (K. Abe) 

1-1 Introduction  

 

The JUPITER-II collaboration (Japan-USA Program of Irradiation/Integration Test for Fusion 

Research –II) has been  carried out through six years (2001-2006) under Phase 4 of the collaboration 

implemented by Amendment 4 of Annex I to the MEXT (Ministry of Education, Culture, Sports, 

Science and Technology )-DOE (United States Department of Energy) Cooperation. This program 

followed the RTNS-II Program (Phase 1: 1982-1986), the FFTF/MOTA Program (Phase 2: 1987-1994) 

and the JUPITER Program (Phase 3: 1995-2000) [1]. 

In the RTNS-II Program the fundamental mechanism of radiation damage was emphasized and 

“cascade effects'' of neutron irradiation were clarified at low fluence levels by using a fusion relevant 14 

MeV neutron source. In the FFTF/MOTA Program, on the other hand, the microstructural development 

and property changes caused by relatively high dose levels up to about 100 dpa were studied using 

materials irradiation capsules in the fast reactor.  

   In the JUPITER Program, in order to study the dynamic behavior of fusion reactor materials under 

irradiation and their response to variable and complex irradiation conditions, a program of systematic 

irradiation experiments utilizing fission neutrons at HFIR and ATR reactors has been performed. The 

irradiation experiments in this program included low activation structural materials, functional ceramics 

and other innovative materials 

   Throughout these programs, the irradiation resistance of various structural and functional materials 

were surveyed during and after neutron irradiation. These basic understandings of irradiation 

performance, as well as new developments in alloy technology, led to the prospect that ferritic steels, 

vanadium alloys and SiC/SiC composite are strong candidates for low activation structural materials and 

led naturally to a new research theme of materials system integration for advanced fusion blankets. 

The JUPITER-II collaboration was established to provide the scientific foundations for 

understanding the integrated behavior of blanket materials combinations operating under conditions 

characteristic of fusion reactors, including interactive neutron irradiation effects, high temperature 

coolant flow phenomena, heat and mass transport in blanket materials, and coolant chemistry and its 

interactions with surrounding materials. The scientific concept of this program is to study the elemental 

technology in macroscopic system integration for advanced blanket based on an understanding of the 

relevant mechanics at the microscopic level, as schematically illustrated in Fig.1 [2]. 
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Outcomes from this program have been presented at international fusion oriented meetings, such as 

ICFRM and ISFNT, and published in related articles. Technical results of each research subjects in 

detail and full lists of publication will be summarized in the latter sections. The overall perspective of 

the program and typical references are described in this section.   

 

1-2 Objectives and Tasks  

 

1.2.1 Advanced Blanket System and Integration Issues 

 

Fusion reactor blankets must successfully generate and recover tritium, function as radiation 

shielding, and  convert the kinetic energy of fast neutrons to usable heat. Advanced blankets are also 

required to satisfy requirements for high thremodynamic efficiency and low induced radioactivity. There 

are several advanced blanket concepts that combine various breeding/cooling materials and low 

activation structural materials [3,4]. Structural materials considered are ferritic steels, vanadium alloys 

and SiC/SiC composite instead of austenitic steels. Breeding materials studied are Li ceramics, liquid 

metals (Li, Li-Pb), and molten salt (LiF-BeF2, Flibe). Coolant materials considered are water, He gas, 

liquid metal and molten salt. The advanced blanket systems studied in this program are (a) Flibe molten 

salt system, (b) Vanadium alloys with Li, (c) SiC/SiC with He.  

The Flibe system design avoids MHD problems due to its low electrical conductivity and it has 

Fig.1  Schematic concept of JUPITER-II Program. 
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relatively low reactivity with oxygen and water. However, the low thermal conductivity of Flibe limits 

the power density, and its low tritium breeding ratio requires a neutron multiplier such as Be. Reduction-

oxidation (Redox) control and corrosion problems involving the structural materials must also be solved.  

The liquid lithium breeder concept has high thermal conductivity and a high tritium breeding ratio. If 

lithium is combined with vanadium alloys, relatively simple blanket design with high thermal efficiency 

and low induced radioactivity is possible. However, MHD problems must be solved, and liquid lithium 

and vanadium alloy technology must be further developed. 

The SiC/SiC composite as structural material has relatively lower induced radioactivity and can be 

used at very high temperatures with He gas cooling. Using solid breeding materials, a blanket design 

with high thermal efficiency and low induced radioactivity is proposed. Issues to be solved are 

irradiation performance with thermal conductivity degradation under high concentration of He in the 

composite, and thermomechanics of the combination with breeding materials.  

Table 1 summarizes the characteristics and issues for these three types of blanket systems [5-7]. 

Irradiation performance of materials system and related tritium issues are common to all systems.                   

 

Table 1  Characteristics of advanced blanket systems studied in JUPITER-II Program [5-7] 

System FLiBe system Vanadium Alloys/Li SiC/SiC /He 
Candidate Structural 
Material 

Ferritic, ODS 
(Vanadium Alloy) 

Vanadium Alloy 
V-4Cr-4Ti 

SiC/SiC Composite 

Coolant FLiBe (He) Liquid Li He 
Breeding Materials FLiBe Li Li2O etc 
Typical Blanket Design FFHR 

Liquid Blanket 
ARIES-RS 
Liquid Blanket 

DREAM 
Gas Cooled Blanket 

Activation Medium Low Low Very Low 

Inlet / Outlet 
 
Temperature & Heat 
Flux 

450/550(700) °C 
 
Medium 

330/610°C 
 
High 

500/800°C 
 
High/Medium 

Thermal Efficiency 37% 45% 50% 
Issues for Power 
Reactor 

FLiBe Technology 
Redox Control 

MHD Drop 
Li Technology 

Thermal Conductivity
Hermeticity 

Materials System Issues Corrosion Ceramic Coating 
Fabrication 

H, He Production 
Fabrication 
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1.2.2 Tasks and Objectives 

 

In the program, research themes were categorized and research objectives are clarified as 

summarized below.  

 

Task 1.  Self-Cooled Liquid Blanket 

1-1.  Flibe system 

1-1 A.  Flibe Handling/Tritium Chemistry 

Technical requirements necessary to apply Flibe to a self-cooled liquid blanket of a fusion reactor 

were surveyed. Maintaining Flibe under a reducing atmosphere is a key issue to transform TF to T2 

with a faster reaction rate compared with the residence time in blanket. The purpose of the task is 

to clarify whether or not the Redox control of Flibe can be achieved with Be through the following 

reaction. 

  Be + 2 TF  BeF2 + T2 

1-1 B.  Flibe Thermofluid Flow Simulation 

The thermal conductivity of Flibe is low, and its kinematic viscosity is high compared to other 

lithium-containing metal alloys. The high viscosity and low thermal conductivity put Flibe in the 

class of high Prandtl number fluids. In order to obtain sufficiently large heat transfer for such a 

fluid coolant, high turbulence is required under magnetic field. The effects of magnetic field on the 

turbulence is an important issue for heat transfer. 

1-2.  Lithium Cooled with V Alloy Structure 

1-2 A.  Coatings for MHD Reduction 

In order to reduce the pressure drop from the magneto-hydrodynamic force assisted with liquid 

lithium coolant flowing through magnetic fields, conductive structural materials must be coated 

with insulating ceramics. The purpose of the task is to find stable ceramics in high-temperature 

lithium, to coat the layer on to vanadium alloys and to evaluate its stability including radiation 

effects.  

1-2 B.  V Alloy Capsule Irradiation 

The candidate vanadium alloy is V-4Ti-4Cr, whose irradiation creep properties and compatibility 

with lithium are important for high-temperature applications. Related mechanical properties and 

their improvement by alloy modification and heat treatment are also important. The purpose of the 

task is to obtain information on property changes caused by neutron irradiation in the lithium 
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capsule. 

Task 2.  High-Temperature Gas-Cooled Blanket 

  2-1.  SiC Fundamental Issues, Fabrication, and Materials Supply 

  2-2.  SiC System Thermomechanics 

  2-3.  SiC Capsule Irradiation 

The purpose of task 2 is to demonstrate the feasibility of high efficiency gas cooling blanket 

systems using advanced SiC/SiC composites based on new material development strategy and 

thermo-mechanical properties and irradiation resistance of the materials system. Three subtasks 

are arranged systematically. In subtask 2-1, the research subjects are fundamental issues, 

fabrication, and materials supply of SiC/SiC composites. The combination of mechanical integrity 

and thermal properties is focused. In subtask 2-2, thermomechanics, compatibility and heat 

transfer performance of gas blanket system were studied. The thermomechanical interaction 

between the lithium-oxide pebble bed and SiC materials must be known. Radiation behavior of the 

advanced SiC/SiC composites and solid breeding system in high temperature environment were 

studied in subtask 2-3. The properties of composite and also the behavior of matrix, fiber and 

interface after high-temperature irradiation and effects of H and He are important.  

 

Task 3.  Blanket System Modeling 

  3-1.  Design-based Integration Modeling 

The main purpose of this task is to develop the integrated engineering model of blanket systems 

and to make clear key issues in each task in this project from the point of view of blanket systems 

based on fusion reactor designs. For this purpose, it is essential to optimize the blanket system not 

as a single component but as an integrated system device under the boundary conditions of burning 

core plasmas and out-vessel environments. Therefore, collaboration to connection to each task is 

very important.  

3-2. Materials System Modeling 

In order to understand the microscopic behavior of materials under fusion relevant irradiation 

conditions, multiscale modeling of microstructural evolution including He and interface effects 

must be studies. Extension to macroscopic behavior will require combination with Finite Element 

Method analysis. 
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Table 2  Research tasks and coordinators in JUPITER-II Program 

Representative K. Abe S. Berk/G. Nardella 
Program Coordinator A. Kohyama & S. Tanaka S.J. Zinkle and D.K. 

Sze 
Japan US  

Task Task 
Coordinators

Deputy 
Task 
Coordinators 

Deputy

1-1-A: FLibe 
Handling        
/Tritium 
Chemistry/Safety 

T. Terai 
K. Okuno/ 
M. 
Nishikawa 

D.A. Petti 
R.A. 
Anderl

1-1:  
FLiBe 
Cooled 

1-1-B: FLibe 
Termofluid Flow 
Simulation 

T. Kunugi T. Kunugi M.A. Abdou 
N. 
Morley

1-2-A: Coatings for 
MHD Reduction 

T. Muroga 
B.A. 
Pint 

Task1: 
Self-Cooled 
Liquid 
Blanket 

1-2:  
Li 
Cooled 
with V 
Alloy 
Structure

1-2-B: V Alloy Capsule 
Irradiation 

T. Muroga 

H. Matsui 

R.J. Kurtz 
G.R. 
Odette

2-1: SiC Fundamental 
Issues, Fabrication, 
and Material Supply 

T. Hinoki 
Y. 
Katoh 

2-2: SiC System 
Themomechanics 

A. Shimizu A. Ying

Task2: 
High-Temperature 
Gas-Cooled Blanket

2-3: SiC Capsule 
Irradiation 

A. Hasegawa

A. 
Hasegawa 

L.L. Snead 

L.L. 
Snead 

3-1: Design-based 
Integration Modeling 

H. 
Hashizume 

D. Sze 
Task3: 
Blanket System 
Modeling 3-2: Material Systems 

Modeling 

A. Sagara 
N. 
Sekimura 

N.M. 
Ghoniem R.E. 

Stoller 
Liaisons  S.J.Zinkle (ORNL), D.A. Petti (INL), M. A. Abdou (UCLA), C. Namba (NIFS) 
         H. Matsui (IMR Oarai), S. Ohnuki, A. Kimura, J. Robertson (PIE) 
  

1-3.   Managing structure and 

Facilities  

 

1.3.1   Managing System 

 

The management structure 

continued with a Steering 

Committee consisting of a 

Representative (Japan: K. Abe, 

US: S. Berk/G. Nardella) and two 

Program Coordinators (Japan: A. 

Kohyama, S. Tanaka, US: S. J. 

Zinkle, D.-K. Sze) for each side, 

with five Task Coordinators for 

each side, and with nine Subtask 

Coordinators for each side.  In 

addition, there were six Liaison 

Officers for the U.S. side and four 

for the Japanese side, their 

purpose being to facilitate 

communications and assist in the coordination of collaboration activities. Tasks and coordinators are 

shown in Table 2. The whole program plan and research schedule were discussed at the annual Steering 

Committee Meetings. Research assignments and appropriate workshops were arranged for each tasks. 

The Personnel Assignment Guidelines for the JUPITER-II Collaboration, developed by the Steering 

Committee in the second year, continued to contribute toward the fruitfulness and productivity of 

assignments from both sides. 

In Japanese side, Research Planning Committee of Japan-USA Fusion Collaboration Program has 

been organized by national Institute for Fusion Science to decide the annual plan of assignments and 

workshops for JUPITER-II Program as well as other fusion-related collaboration programs. Technical 

issues and priorities in JUPITER-II Program were discussed at Domestic Researchers Meetings in spring 

and fall annually. 
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Fig.2  Facilities used in JUPITER-II Program. (HL: Hot Laboratory) 

 

1.3.2   Facilities 

 

Fig.2 shows the main facilities used and flows of test specimens in this program. Flibe experiments 

under the JUPITER-II Program were performed in the Safety and Tritium Applied Research Facility 

(STAR) at the Idaho National Laboratory (INL). These experiments included production, purification, 

sampling, analysis and Redox control of Flibe. STAR is a unique facility for systematic experiments 

using Flibe and related tritium work. 

Thermofluid simulation experiments of Flibe were done using the FLiHy Loop with and without 

magnetic field at University of California, Los Angeles (UCLA). Simulation experiments using High 

Temperature Salt were done using the TNT (Tohoku-NIFS-Thermofluid) loop at Tohoku University. 

Neutron irradiation experiments were done using the High Flux Isotope Reactor (HFIR) at Oak 

Ridge National Laboratory (ORNL). The HFIR provides both a high flux of fast neutrons to produce 

displacement damage and a high flux of thermal neutrons to produce helium and hydrogen through (n,a) 

and (n,p) reaction. Complementary irradiation tests were done using the JOYO (fast experimental 

reactor) and Japan Materials Test Reactor (JMTR) at Japan Atomic Energy Agency (JAEA) in Japan. 

Post Irradiation Experiments (PIE) were performed at the hot laboratories at ORNL, and also at Pacific 

Northwest National Laboratory (PNNL) in the early stages of the program. Subsidiary tests were 
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performed at hot cells of Oarai Branch of Institute of Materials Research (IMR), Tohoku University. 

Lithium experiments for ceramic coating of vanadium were performed at ORNL. 

Fabrication and testing of SiC/SiC composite were done using the High Temperature Materials 

Laboratory (HTML) at ORNL and at the Institute of Advanced Energy of Kyoto University. 

Thermomechanics experiments of SiC and breeding materials were done at UCLA.  

Other facilities used for experiments in Japan were the DUET facility at Kyoto University, the 

Cyclotron and Dynamitron accelerators at Tohoku University, the creep apparatus at NIFS, the molten 

salt apparatus at the University of Tokyo, etc.  

 

1-4 Concluding remarks 

The Japan-USA collaborative program, JUPITER-II, has made significant progress in a six-year 

research program titled “The irradiation performance and system integration of advanced blanket” 

through a six-year plan for 2001-2006. The scientific concept of this program is to study the elemental 

technology in macroscopic system integration for advanced fusion blankets based on an understanding 

of the relevant mechanics at the microscopic level..  The types of systematic experimental and 

theoretical studies of blanket materials conducted under JUPITER-II are important and essential 

elements toward realizing attractive fusion energy options.  

For the three blanket systems studied, technical feasibility was shown from the viewpoint of their 

original issues. Remaining issues are tritium behavior and related irradiation performance of materials 

system in advanced blankets. Some of these issues are being studied now in Phase 5 of the Japan-USA 

Collaboration, called the TITAN Program.  

Through this program, many young scientists including doctoral students contributed to the success 

of the task research work. It is expected that fusion research and developments for the future will be 

strengthened by these researchers.  
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2. Highlights of Accomplishments 

(A. Kohyama, S. Tanaka, S.J. Zinkle and D.K. Sze) 

2.1 Flibe System  

 

Flibe Chemistry [1-4] 

Flibe handling and purification method was tested and an experimental apparatus to investigate the 

Be Redox control of Flibe was prepared. The Redox control of Flibe by Be was proved experimentally, 

and the prompt transformation of HF to H2 was completed in the Flibe crucible. Related results are 

summarized below. 

For the subtask on molten salt handling and tritium/chemistry control, hydro-fluorination was 

demonstrated for reducing impurities in Flibe to acceptable levels with the resulting fluorides either 

precipitating or remaining stable in the salt.  Many practical lessons were learned while operating 

systems using Flibe, such as the need for in-line filtration to remove large carbon particles, splatter 

shields to prevent vapor species transport which tends to plug gas purge exhaust lines, and coating of all 

system components with Ni to minimize corrosion from salt or salt vapor contact. 

Mobilization studies were performed to quantify salt vapor species at temperatures lower than those 

of previous studies, producing results in the appropriate temperature range of a fusion blanket system.  

The predominant vapor species was verified to be BeF2, however the quantity observed was 3-5 times 

less than values expected from extrapolated high temperature data or model predictions.  Concentrations 

of Li components also increased with temperature, reflecting a possible change in the vaporizing gas 

species. 

Permeation studies performed with deuterium or tritium in Flibe provided data on mass transport 

parameters of solubility and diffusivity – key parameters required for the selection and design of blanket 

tritium extraction techniques.  Two different experiment systems were developed, varying the contact 

surface of the salt and container with the permeating species.  Diffusivity of deuterium in liquid Flibe 

was measured to be marginally larger than that for solid Flibe, whereas the activation energy of diffusion 

was similar in value to F+ diffusion.   

A major objective of this subtask was to demonstrate Redox control with excess Be introduced into 

the flibe, allowing the energetically preferred formation of BeF2 and recombination of molecular tritium.  

Experiments were performed allowing introduction of HF into salt exposed to metallic Be samples, 

followed by quantifying the rate of HF conversion.  Rapid and effective reduction of HF occurred at the 

concentrations much higher compared to those expected in a blanket system; without neutrons to 
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generate T+, low F- concentrations are practically unachievable.  However, modeling of the chemical 

system assisted in calculating rate coefficients that can be used to predict system behavior at the very 

low concentrations applicable to the blanket.  An unexpected result obtained from the experiment series 

concerns the mechanism of Be transport into the salt.  Rather than dissolution of Be metal, which is 

known to have very low solubility in flibe, the transport appears driven by galvanic action.  This 

discovery can potentially influence the design of the chemical control system for a blanket.   

Corrosion tests were also performed with and without Redox control for samples of the advanced 

ferritic steel JLF-1.  Exposures of up to 500 hours in the non-flowing molten salt indicate a corrosion 

rate of 0.1 µm/hr, with a Cr-rich oxide layer forming at the sample interface.  Corrosion was effectively 

halted during periods of REDOX control using Be. 

 

Flibe Thermofluid [5,6] 

   In the first half of the program, thermofluid flow experiment without magnetic field was performed. 

Selection of stimulant fluid (30 to 40% KOH aqueous solution) and reconstruction of FLiHy loop with 

enough length test section were completed. Development of Particle Image Velocimetry (PIV) for non-

MHD pipe flow was performed. Direct Numerical Simulation (DNS) code was improved and MHD 

turbulence model was developed. 

   In the second half of the program, the thermofluid flow experiment was extended to the condition with 

magnetic field. Velocity profile and turbulence quantities are measured under magnetic field. Heat 

transfer and temperature profile measurement was performed by developing thermocouple tower. Heat 

transfer tests at high parameter range were performed successfully to establish a database for MHD flow 

and heat transfer and to validate the MHD turbulence model. 

As for flow characteristics, DNS results and PIV measurement regarding the mean velocity and the 

turbulent statistics of turbulent pipe flows showed very good agreement, and the laminarization of 

turbulent flow due to the Lorentz force was clearly observed in both DNS and PIV experiments. 

Therefore, a large database for turbulent flow with and without magnetic field was established and can 

be used for developing the non-MHD and MHD turbulence models.  

As for heat transfer characteristics, temperature profiles with conducting wall were measured for 

lower Re number flow, and the effect of a  magnetic field on temperature fluctuation was clearly 

observed. Effect of thermal stratification on heat transfer performance was examined and temperature 

profile was generated by interaction between laminarization due to B effect and thermal stratification. It 

was found that the degradation of heat transfer performance due to B-field is larger than the 
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conventional prediction regarding low Pr number fluid.  

 

2.2 Vanadium/Li System 

 

MHD Coating [7,8] 

For the subtask on coatings for vanadium alloys to reduce the pressure drop from the magneto-

hydrodynamic force associated with liquid lithium coolant flowing through magnetic fields, four 

important results were obtained. (1) Identification of leading candidate ceramics: Exploration of MHD 

coating candidates was carried out by Li exposure tests of bulk ceramics. Ceramics of Er2O3 and Y2O3 

showed good stability in Li. Later, reaction layer was observed in Y2O3. Er2O3 is shown to be the 

promising new candidates. (2) Development of coating with sufficient stability in static Li: Various 

coating technologies were applied for fabrication of Er2O3 coating on V-4Cr-4Ti substrate. High 

crystalline Er2O3 coating showed good stability in Li to 973K at 1000hr. (3) Development of two-layer 

coatings, i.e. to coat the V-alloy with insulator and then have another thin V-alloy coating outside the 

insulator to protect the insulating coating from Li corrosion, with sufficient stability in static Li: In-situ 

resistivity measurements in Li for V/Er2O3/V alloy substrates systems showed satisfactory resisitivity in 

molen Li to 873K. This two-layer coating showed good performance in static Li. (4) Compatibility in 

flowing Li: Using a stainless steel loop at 873K for 1000hr, no significant damage was observed for 

Er2O3 bulk specimens and weight loss was small. Compatibility of the two-layer coating in flowing Li at 

973K were tested in ORNL using a loop made of vanadium alloy. 

The electrical resistance of the coated specimens in contact with Li was acceptable up to 600°C and 

was not degraded by repeated temperature cycling between the room temperature to 600°C in static Li.  

Bulk specimens of Er2O3, Y2O3 and AlN irradiated at 450°C in Li environment in HFIR-RB-17J were 

examined and no signification corrosion was observed.   

 

Li Capsule Irradiation [9-11] 

Performance of V-alloy components in Li and irradiation environments up to 3-5 dpa at 450 and 

600 °C was clarified as follows. (1) Regarding the effect of Li environment on thermal creep 

performance of V-4Cr-4Ti, creep rate was lower in Li than in vacuum. (2) Regarding irradiation creep in 

Li, comparison with Na capsule irradiation in JOYO reactor showed insignificant difference in 

irradiation creep between Li and Na environments. (3) Regarding improvement of irradiation properties 

of V-4Cr-4Ti by doping with Si, Al, and Y, relatively higher ductility after irradiation was confirmed for 
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specimens in irradiated in HFIR-17J at 450C to 5 dpa. Microstructures showed retarded dislocation 

evolution by the addition of Si, Al, and Y. 

Recent results are as follows: Measurement of diametral strains of pressurized creep tubes irradiated 

at 425°C was completed.  The results showed moderate irradiation creep strain with only small 

differences between specimens prepared from the US-Heat and NIFS-Heat of V-4Cr-4Ti.  The results 

are also consistent with those obtained for specimens irradiated in a Na environment in the JOYO 

reactor.   Measurement and analysis of the creep tubes irradiated at 600°C has almost been completed.   

The effect of Y, Al, and Si additions on microstructure and tensile properties was investigated.  

Suppression of irradiation-induced hardening and loss of ductility by addition of Y, Al, and Si was 

confirmed.  Charpy impact tests are planned for an identical set of specimens.  Shipping of the 

specimens irradiated at 425°C to Japan was aonost complete.   

Research activity continued to study enhancement of technology for testing small fracture and 

deformation specimens at variable loading rates for application to HFIR-RB-17J irradiated specimens.  

The PIE of HFIR RB-17J specimens includes the effect of trace elements on the microstructure and 

properties of vanadium alloys, characterization of laser weld joints and advanced alloys, measurement of 

radiation-induced fracture transition temperature shifts using disc compact tension and pre-cracked bend 

bar specimens, and determination of stress-state effects on flow localization in V-4Cr-4Ti.   

 

2-3 SiC/He System 

 

SiC Fabrication [12-14] 

Extensive efforts for development and characterization of advanced SiC/SiC composites for fusion 

have been successfully carried out in Task 2-1. Advanced small specimen test technologies and 

procedures for mechanical properties of SiC/SiC were  developed. Joining and hermetic sealing using 

(a) (NITE) SiC/SiC and (b) (CVI) / NITE hybrid process has been explored. The robust joining 

technique using NITE joint was successfully developed and evaluated. The optimized composite 

samples were produced and supplied to irradiation experiments. Guidance was provided for selection of 

appropriate materials for the pebble-bed thermo-mechanics experiments.  

Recently, progress has been achieved in the areas of fracture toughness evaluation and interfacial 

shear properties characterization for advanced SiC/SiC composites, and chemical compatibility of SiC in 

dual-cooled blankets.  The fracture behavior of advanced SiC fiber composites with (a) CVI and (b) 

NITE SiC matrices were successfully evaluated by bend testing of single edge notched beam (SENB) 
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specimens.  Based on that, J-integral analysis of SENB fracture was selected as a standard test method 

for post-irradiation examination of 18J specimens.  For the interfacial characterization, methods to 

explicitly determine debond and frictional shear stresses at fiber/matrix interfaces by single fiber push-

out experiments were developed.  Additionally, static compatibility testing of high purity monolithic SiC 

and advanced SiC/SiC composite materials in liquid lead-lithium was performed in support of dual-

cooled blanket R&D, providing another promise of those materials systems.   

 

Thermomechanics [15] 

For the subtask on helium-cooled SiC/SiC composite and solid breeder pebble bed blanket system 

thermomechanics, experiments were performed for the Li2TiO3 pebble bed using a batch of Li2TiO3 

pebbles not previously investigated.  Specifically, CVD-SiC clad deformation-time histories were 

recorded using a laser position sensor.  The thermo-mechanical interaction between this batch of pebbles 

and CVD-SiC clad appeared less significant as compared to what happened to the previous beds of 

Li4SiO4 pebbles, where hundreds of micrometers deformations have been recorded.  Here the 

deformation dropped below twenty micronmeters because of a lower thermal expansion coefficient of 

metatitanate pebbles, and therefore a lower differential thermal stress at the pebble/SiC interface.  A 

lower differential thermal stress is preferable for blanket operations, and thus Li2TiO3 pebbles are more 

compatible for use in high temperature SiC/SiC blankets.  Stress relaxation of the bed was found to be 

fast even when initially applied stresses were low such as around 0.2MPa.   

To understand and develop predictive capability of thermomechanics concerning a structure/ceramic 

breeder pebble bed material system, experimental data from Task 2.2 confirmed that a different set of 

consecutive equations other than those obtained from the uni-axial experimental results was needed to 

better describe ceramic breeder thermomechanical properties under prototypical loading conditions.  The 

design based on the DREAM concept reduces the above concern, where heat generated inside the 

breeder bed is removed by the forced convection (rather than conduction as in the ARIES-I case.) 

However, a cost-effective tritium extraction technology from the high temperature helium stream is 

needed in order to make this concept attractive. 

 

He capsule irradiation [16,17] 

In subtask 2-3, various PIE and analysis of HFIR-14J experiment was carried out to establish 

radiation resistant design strategy of SiC/SiC composites. Screening irradiation in HFIR rabbit was 

carried out on the new developed SiC/SiC composited to confirm the material selection. Supporting 
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experiments in JMTR and JOYO reactors, and accelerator irradiation were conducted to ensure He/H 

effect on microstructure development, mechanical properties of the advanced composites and monolithic 

SiC. Results of the rabbit and supporting irradiation experiments showed the advanced SiC/SiC 

composite was expected to have enough radiation resistance at high temperature region. The HFIR-18J 

irradiation rig for high temperature irradiation experiments was fabricated and irradiation experiment 

will be completed in early 2008.   

Other accomplishments include the completion of post irradiation examination of tensile specimens 

from the screening rabbit irradiation campaign.  Results confirmed the strength retention of advanced 

SiC fiber, CVI SiC matrix composites after irradiation at below 1000ºC, and also implied potential 

degradation in ultimate tensile strength after irradiation above about 1100ºC.     

 

2.4 Design and Modeling 

 

Design-based Integration Modeling [18-20] 

The main works performed in this task are as follows:  

(1) Flibe Blanket system (Task 1-1-A):  

Design and revelop code, MCNP-4C, which has been newly improved for a non-axisymmetric helical 

system in order to enable frequent modification of blanket designs and to quickly check neutronics 

performance requirements on tritium recovery system  

Proposal and key issues on tritium permeation  

Design and evaluation of Flibe / V blanket  

(2) Thermofluid of Flibe (Task 1-1-B)Requirements on the first wall condition for FFHR 

Modeling of MHD effects on heat-transfer  

Enhancement of heat-transfer efficiency  

(3) Li-V Blanket (Task 1-2-A):  

Evaluation and requirements on MHD coating  

Design and evaluation of Self-cooled Be-free Li/V blanket  

(4) All tasks:  

Improvement of neutronics calculation system for helical structure. 

 

Recent results for the subtask on design-based integration modeling are as follows. The peaking 

factor of neutron wall loading in helical reactor designs such as FFHR has been evaluated using the 3D 
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Monte-Carlo neutron transpmance.  The peaking factor evaluated is fairly low, estimated as 1.2 on a 

simplified model with a helical neutron source with typical profiles of plasma density and temperature.  

A new concept for a Flibe cooled vanadium-alloy blanket has been proposed to increase the outlet 

operation temperature and ΔT.  Thermodynamics analysis has revealed that, although the conventional 

redox control with Be (TF to T2) results in an unacceptably high T inventory in V-alloy, another redox 

control (T2 to TF) by MoF6 or WF6 doping works well with a corrosion protective Mo or W coating on 

V-alloy.  However, tritium recovery in the form of TF is the key issue.  As for the conventional Be in 

flibe, the thermodynamic analysis proves that the redox control can be achieved even under the TF 

concentration of 10 Pa expected in a steady-state fusion power of 1 GW in such as FFHR2.  Regarding T 

recovery using flibe-He counter-current extraction tower of 5 m height, the T decontamination factor 

estimated is sufficiently high around 106 at the outlet. T permeation through tube walls in a heat 

exchanger is the key issue. 

 

Materials systems Modeling [21,22] 

The topics studied were as follows: (1) code development for evaluating atomic displacements due 

to neutron irradiations, (2) multiscale modeling of helium effects in irradiated materials, (3) interface 

damage modeling in irradiated alloys and compounds, (4) modeling of microstructural evolution of 

vanadium alloys under irradiation, (5) modeling of radiation damage in advanced SiC/SiC composites, 

(6) modeling of mechanical deformation through multiscale simulations, (7) the development of MD-

FEM combination methodology, (8) calculation of ideal interfacial strength between vanadium and 

oxide ceramics, and (9) information technology for modeling and integration of experimental data with 

computer models. 

Recent results for the subtask on materials systems modeling were as follows. Multiscale modeling 

of microstructural evolution in reduced activation ferritic-martensitic steels during irradiation was done 

using molecular dynamics (MD) and kinetic Monte Carlo (KMC) simulation techniques.  The nucleation 

path of He bubbles in metals under wide irradiation conditions was clarified.  This effort can clearly 

explain a difference in formation mechanisms between He bubbles in fusion first wall materials where 

He is produced by (n, α) nuclear transmutation reactions and those in fusion divertor materials where He 

is directly implanted.  Energetics of lattice defects in β-SiC was investigated using an MD technique 

with empirical interatomic potentials, which will be used to evaluate the formation kinetics of defect 

clusters in ceramics during irradiation.  A new modeling method linking different size-scales with MD 

and the finite element method (FEM) was developed to investigate dislocation movements and crack 
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initiation and propagation in materials.  This effort can be applied to clarify the mechanism of radiation-

induced mechanical property changes of irradiated materials.  A detailed Kinetic Rate Theory based 

Helium bubble evolution code (HEROS) was developed to describe bubble growth and gas release from 

helium implanted tungsten.  A knowledge-based fusion materials database, Fusion NET, was developed 

for automated archiving of materials property data and rendering it in a web-based interactive form that 

is convenient for structural designers and analysts.  For example, data and properties for F82H have 

been assembled and stored in the database.  This is being applied to the design and analysis of test 

blanket modules for ITER. 

 

2.5 Summary and Conclusion 

 

The program completed its six-year plan with important progress toward its objectives and with 

significant scientific accomplishments that address key issues for several attractive blanket systems of 

common international interest. The program had four main research emphases, as follows:  

1) Flibe system:  It was shown that redox(reduction-oxidation) control of Flibe by Be is feasible. 

Thermofluid flow simulation and experiment and numerical demonstrated the MHD effects on 

turbulence and heat transfer. This will provide database for thermal analysis for a Flibe based 

fusion blanket.  

2) Vanadium/Li system:  MHD ceramics coating of vanadium alloys and compatibility with Li was 

verified successfully. Neutron irradiation experiments in Li capsule and radiation creep 

experiments showed the radiation resistance of the candidate alloys.  

3) SiC/He system:  Fabrication of advanced composites with high thermal conductivity was 

performed successfully and used for neutron irradiation experiment in He capsule at high 

temperatures to show good radiation resistance.  

4) Blanket system modeling:  Design-based integration modeling of Flibe system and V/Li system 

improved substantially.  Multi-scale materials system modeling including He effect progressed. 
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3. Task Summaries

	 	 	 	 		

3-1	Task	1-1-A:	Flibe	Handling/Tritium	Chemistry	

	 	 					(T.	Terai,	K.	Okuno,	M.	Nishikawa,	D.	Petti,	R.A.	Anderl)

3-2 Task 1-1-B: Thermofluid Characteristics of Flibe Simulant

	 	 					(T.	Kunugi,	T.	Yokomine,	M.	A.	Abdou,	N.	B.	Morley)	 	

3-3 Task 1-2-A: MHD coating for V/Li systems

	 	 					(T.	Muroga	and	B.A.	Pint)

3-4 Task 1-2-B: Vanadium Alloy Capsule Irradiation

	 	 					(T.	Muroga,	H.	Matsui,	R.J.	Kurtz,	G..R.	Odette)

3-5 Task 2-1    : SiC/SiC Fundamentals and Material Processing   

	 	 					(T.	Hinoki	and	Y.	Katoh)

3-6 Task 2-2    : SiC System Thermomechanics

       (A. Shimizu and A. Ying)

3-7 Task 2-3    : SiC Capsule Irradiation

	 	 					(A.	Hasegawa	and	Y.	Katoh)

3-8 Task 3-1    : Design-based Integration Modeling      

       (A. Sagara, H. Hashizume, N.M. Ghoniem, D.K. Sze)

3-9	Task	3-2				:	Materials	Modeling	 	 	 	 	 	 	

       (A. Sagara, N. Sekimura, N.M. Ghoniem, R.E. Stoller)



3-1  Task 1-1-A: Flibe Handling/Tritium Chemistry 
(T. Terai, K. Okuno, M. Nishikawa, D.A. Petti, R.A. Anderl) 

 
3-1-1  Objectives of the Task 
 

Based on the key issues associated with the use of Flibe as a coolant in a fusion 

blanket, the objectives of our work are:  

• to develop the capability to purify Flibe at the liter scale for use in the experiments;  

• to characterize tritium/deuterium behavior (e.g., solubility and diffusivity) in 

REDOX-controlled and non-REDOX controlled Flibe;  

• to characterize the magnitude and physio-chemical forms of material mobilized 

during an accidental spill of Flibe and to develop safe handling practices;  

• to develop a redox agent for use in Flibe in a fusion blanket;  

• to demonstrate the effectiveness of the redox agent in terms of structural material 

corrosion for fusion materials of interest using a simple dip specimens in small scale 

pot type experiments.  

 

3-1-2  Participants to the Task 

 

T. Terai, S. Tanaka, A. Suzuki, H. Nishimura (U. Tokyo), M. Nishikawa, S. Fukada, K. 

Katayama (Kyushu U.), K. Okuno, Y. Oya (Shizuoka U.), Y. Hatano, M. Hara (Toyama 

U.), A. Sagara (NIFS) 

D. A. Petti, G.R. Smolik, Michael F. Simpson, John P. Sharpe, R.A. Anderl (INL) 

Da-Kai Sze (UCSD) 

 

3-1-3 Research Highlights 

(a) Flibe purification 

 

The Flibe used in the JUPITER-II collaboration was prepared from reagent grade 

chemicals. Both the Be2F and LiF were listed as 99.9% pure based upon the metals 

Table 1 Impurities in ingredients and final salt 

O (ppm)  C (ppm)  N (ppm)  Fe (ppm)  Ni (ppm)  Cr (ppm)  

BeF2  5700  <20  58  295  20  18  

LiF  60  <2  78  100  30  4  

Flibe  560  10  32  260  15  16  
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content. The powders were dried and 

weighed to provide the mole ratio of 

2:1 and then purged with helium and 

melted. The salt was then purged with 

gas mixtures of He, H2 and HF at 520 

◦C to reduce inherent oxides in a pot.  

The salt was then filtered through a 60μm metal mesh frit during a transfer to another 
vessel. The impurities in the final product are given in Table 1. Measurements of 

beryllium and lithium in the final product ranged from 8.3 to 8.5 and 13.06 to 13.2 wt%, 

respectively. Although these are lower than the theoretical values of 9.04 and 14.14 wt%, 

the lithium to beryllium mole ratios of 2.01–2.06 are close to the targeted composition. 

This suggests that the weight-based discrepancies might be due to absorbed water or 

analytical biases. 

 

(b) Flibe mobilization experiment 

 

A key safety issue associated with Flibe 

is the mobilization of vapors and aerosols 

from accidental introduction of air, moist air, 

or steam to the molten salt. Mobilization tests 

were performed with argon, air and moist air 

using a classical transpiration apparatus 

designed for vapor pressure determinations.  

A schematic of the test system setup in an 

inert gas glove box is shown in Fig. 1.  Flibe 

salt was tested in argon at temperatures of 

500, 600, 700 and 800 ◦C at flow rates of 25, 

50 and 100 sccm. Nickel crucibles were used 

for most tests; however, some tests were also 

run in glassy carbon crucibles. Tests with dry air were run at these four temperatures with 

flow rates of 25 and 50 sccm. Tests in moist air were run at 600, 700 and 800 ◦C with flow 

rates of 25 and 50 sccm.  

The BeF2 and LiBeF3 partial pressures that were derived from the mobilized material 

Fig. 1. Transpiration test setup. 

Fig. 2. Total pressure over Flibe. 

Fig. 3. BeF2 pressure in various environments. 

22



chemical analyses for the argon tests are plotted in Fig. 2 along with those from the 

previous studies and models. Total measured pressures for BeF2 and LiBeF3 are two to 

three times lower than predicted values. The increasing contribution from the lithium 

species in the INEEL data is apparent at 700 and 800C.  

Partial pressures calculated for BeF2 for all three test gases are shown in Fig. 3. The 

data for moist air parallels and are about one-half of those measured for the argon tests. 

The reason for the lower datum points in the dry air tests at 700 and 800 ◦C is not known. 

This trend is based upon limited tests and some repeated tests would be needed to confirm 

this trend. The data did not show any markedly different volatilization rates in dry and 

moist air compared to those in argon.  

Mass comparisons using probe interior ICP-AES measurements and sample loss for 

the argon test series in the nickel crucibles showed that about 22% of the material was 

deposited in the probe. The remainder was deposited on the probe exterior and the walls 

of the test chamber. This reflects the diffusion and re-deposition of material down the 

temperature gradient. Mass flux calculation 

(kg/m h) obtained by adjusting ICP-AES 

measurements for the 22% factor generally 

agreed within a factor of two of the mass based 

determinations for individual tests.  

 

(c)  REDOX control and corrosion 

 

A series of experiments was performed in 

which HF was bubbled through Flibe with 

varying concentrations of dissolved Be to investigate 

the viability of using Be as a redox agent in a molten 

Flibe (2LiF–BeF2) blanket. The objective of this 

work was to perform such measurements with the 

goal of obtaining useful kinetic data that could be 

used to quantitatively validate the feasibility of using 

Be as a redox agent in Flibe.  

A simplified diagram of the system used for 

Fig. 4. test system for measureing redox 
kinetics 

Fig. 5. Reactor for measuring redox 
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observing the HF–Be redox reaction is shown in Fig. 4. A mixture of H2, He and HF gases 

was introduced into the test reactor, while the effluent passed through a quadrupole mass 

spectrometer (QMS) followed by an autotitrator. The reactor, shown in more detail in Fig. 

5, was designed to provide a controlled reaction between Be and HF in the molten salt 

phase. The HF was introduced into the system via bubbling into the salt in a gas mixture 

that also contains H2 and He. The H2 is intended to minimize the likelihood of HF 

reacting with metal components in the system hardware. The He is a carrier gas so that the 

total actual flow rate was about 300 cm3/min to minimize transport time to the QMS and 

titrator. A cylindrical beryllium rod, 0.76 cm in diameter and 3 cm in length was 

introduced into the salt for a specified period of time. A nickel tube containing a slow flow 

of He (∼2–5 sccm) acted as a sheath to protect the Be specimen from contact with HF or 

salt (via capillary action) during times when it was not in the salt. All non-nickel metal 

surfaces inside of the reactor were spray coated with nickel to prevent HF from 

participating in corrosion-type side reactions.  

Each experiment started with the HF–H2–He feed gas bubbled into the salt with the 

Be specimen pulled out of the salt. 

Once the HF concentration in the 

effluent stabilized close to the expected 

level, the Be specimen was inserted 

into the salt. After 10–60 min, the Be 

was lifted out of the salt and into its 

protective housing while HF in the 

effluent was continually monitored for 

times ranging from several hours up to 

a few days. Once the HF concentration 

in the effluent had again stabilized, the 

next experiment was run by re-inserting 

the Be into the salt for a different 

duration. As shown in Fig. 6, the 

effluent HF concentration as measured 

by the QMS dropped rapidly usually 

within a matter of minutes after the Be 

Fig. 6. HF concentration measured by QMS on the 
outlet of the REDOX experiment for several Be 
immersion times. 

Fig. 7. Effects of immersion time on the initial mole 
fraction of Be in the salt 
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was initially inserted into the salt. The 

slow recovery of the effluent HF 

concentration after the Be was removed 

is believed to be the result of continued 

reaction of Be dissolved in the salt with 

HF added by ongoing gas injection.  

The autotitrator data from the redox 

experiments were used to estimate the 

amount of Be that dissolved into the salt 

for each experiment. The results of the 

analysis are shown in Fig. 7, where mole 

fraction of Be in the salt is plotted versus 

immersion time. The linearity of the plot in Fig. 7 suggests a simple mass transfer 

mechanism with a high saturated concentration.  

Fig. 8 shows the comparison of HF effluent curves from Flibe pot between 

experiment and caculation. Close agreement was obtained between them with use of 

proper values of a Be dissolution rate, the saturated Be solubility in Flibe, a reaction rate 

coefficient of Be + 2HF = BeF2 + H2.  

Corrosion tests were also performed with and without REDOX control for samples of 

the advanced ferritic steel JLF-1 as seen in Fig. 9. The dissolution rates of Fe and Cr were 

suppressed by dipping Be into Flibe. However, their rates were increased when the Be rod 

was withdrawn from Flibe. Exposures of up to 500 hours in the non-flowing molten salt 

indicate a corrosion rate of 0.1µm/hr, with a Cr-rich oxide layer forming at the sample 

interface.  Corrosion is 

effectively halted during 

periods of REDOX control 

using Be. 

 

(d) Deuterium/tritium behavior  

 

In this study, deuterium 

transport experiments were 

Fig. 8 Comparison between experiment and 
calculation for Flibe redox control 
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conducted in a cylindrically symmetric, 

dual probe permeation pot setup 

illustrated in Fig. 10. The assembly 

consisted of a type-316 stainless-steel 

pot, a nickel crucible for containing 

Flibe, two permeation probes of 

thin-walled nickel, a gas-manifold to 

enable Ar purge gas flow through 

assembly volumes, and a quadrupole 

mass spectrometer (QMS) for on-line 

measurements of the flow stream gas 

transport between the probes and the cover gas above the molten salt. Typically, with the 

pot at test temperature, probe-1 was pressurized with deuterium and QMS analysis of Ar 

gas from probe-2 provided a measure of the deuterium that permeated through the walls 

of probe-1, the molten Flibe and the walls of probe-2. The barrier volumes and the 

volumes above the salt were purged with separate Ar gas streams that were analyzed 

sequentially with the QMS.  

Several deuterium permeation experiments were made with the system at 

temperatures of 600 and 650 ◦C and with a deuterium pressure of around 9.0 × 104 Pa in 

probe-1. TMAP-4 simulation calculations were used to evaluate the overall deuterium 

permeation rates in the Flibe/Ni/D2 

system using previous literature 

transport data for these materials. 

These analyses showed that 

diffusion in Flibe was 

rate-determining for our 

experimental conditions. Results of 

the analytical fit (by adjustment of 

diffusivity and solubility values) 

were compared to experimental 

data measured at 600 and 650 ◦C. 

Diffusion coefficients derived from 

Fig. 10. Schematic illustration of cylindrically 
symmetric, permeation probe assembly. 

Fig. 11. Diffusion coefficients for Flibe. 

26



these experiments are compared to previously 

published data in Fig. 11. 

Solubility coefficients derived from these 

experiments were comparable to those for DF 

in Flibe, as reported by Field and Shaffer, 

rather than to those for H2, D2, reported by 

Malinauskas et al. These results suggest that 

the chemical potential of deuterium in the Flibe 

for the current experiments was greater than 

the chemical potential of D solute when the 

dominant species of deuterium in Flibe was D2. 

This interpretation is consistent with previous experiments in which a significant 

overpressure of hydrogen was required to promote exchange reactions with TF in the salt 

and facilitate transport of tritium in the Flibe as HT. Thus, these results suggest that 

deuterium transport in the present experiments was mediated by the presence of a bond 

between D+ and F− in the molten salt.  

    Diffusivity of T2 in Flibe which redox condition is sufficiently controlled was 

determined for the first time. The result is shown in Fig. 12. The activation energy of T2 in 

the redox-controlled Flibe was smaller than that of D2 in the non-redoxcontrolled Flibe. 

This is because T2 is the dominant species in the redox-controlled Flibe while DF is that 

in the non-redox-controlled Flibe. 

 

3-1-4. Summary  

 

The experimental program has been focused on addressing the key feasibility issues 

associated with the use of Flibe. Data have been gathered on purification of Flibe, 

deuterium transport in non-REDOX controlled Flibe, and Flibe mobilization under 

accident conditions. Most importantly, our REDOX experiments have indicated that Be is 

a good redox agent to control HF and suppress corrosion, and the kinetics at fairly high 

concentrations are rapid. The solubility and diffusivity of D2 and T2 in Flibe were 

successfully determined. 

Fig. 12 Diffusivity of T2 in Flibe 
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3-2 Task 1-1-B: Thermofluid Characteristics of Flibe Simulant 
(T. Kunugi, T. Yokomine, M. A. Abdou, N. B. Morley) 

 

3-2-1 Objectives of the Task 

 

A molten salt coolant, Flibe, has attracted attention because high temperature stability and low 

magneto-hydro-dynamics (MHD) pressure drop are special concerns. However, there are some issues 

making Flibe-based blanket design challenging. The main issues include 1) low thermal conductivity of 

Flibe (1.0 W/mK), 2) high kinematic viscosity at temperatures close to the melting point (11.5 mm2/s at 

500 °C) and 3) to need an additional neutron multiplier because of the limitation of the tritium 

breeding capability of Flibe, and 4) the requirement of the structural material with temperature range 

over 650 °C. The high viscosity and low thermal conductivity put Flibe in the class of high Prandtl 

number fluids. In order to obtain sufficiently large heat transfer using high Prandtl number fluid coolant, 

high turbulence is required under a high magnetic field. Thus, it is important to investigate the effect of 

magnetic fields on the flow and heat transfer characteristics of the high Prandtl number fluids.  

 

3-2-2 Participants to the Task 

 

T. Kunugi, Z. Kawara (Kyoto U.) 

T. Yokomine, S. Ebara (Kyushu U.) 

S. Satake (Tokyo U. of Science) 

S. Toda, H. Hashizume, K. Yuki (Tohoku U.) 

Y. Yamamoto (Nagoya U.) 

M. A. Abdou, N. B. Morley, J. Takeuchi, R. Miraghaie, S. Smolentsev, H. Huang, Y. Tajima, , T. 

Sketchley, J. Burris (UCLA) 

 

3-2-3 Research Highlights 

 

A pipe flow experimental facility called “FLiHy” (FLibe Hydrodynamics) was constructed at UCLA 

as shown in Fig. 1. The experimental facility consisted of a pipe flow loop with a transparent 

visualization section by using a Particle Image Velocimetry (PIV) system. Pure water and 30% aqueous 

solution of potassium hydroxide (KOH hereafter) were used as a working fluid for Non-MHD flow and 

MHD flow, respectively. The experimental approaches include flow and heat transfer measurements 
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using a Flibe simulant fluid along with a direct numerical simulation (DNS) by Satake et al. in J. 

Turbulence (2002) and the modeling by Smolentsev et al. in Int. J. Eng. Sci. (2002). 

The flow facility utilizing water and electrically conducting fluid as a Flibe simulant was constructed, 

and turbulent flow field measurements using PIV and heat transfer measurements by Takeuchi et al. in 

Fusion Eng Design (2006) were carried out without magnetic field using water as a working fluid to 

establish the experimental techniques. The performance of this FLiHy facility for the non-MHD flows 

in pipe was verified with high accuracy compared with the existing experimental results by Eggels et al. 

in J. Fluid Mechanics (1994) and the DNS data by Satake et al. in Lecture Notes in Computer Science 

1940 (2000) as shown in Fig. 2.  

 

Flow direction
Tank

Measurement section

Heat exchanger
Flow meter

Filter

 Electromagnet

Laser

Light Sheet Probe

 
Fig. 1. Schematic drawing of FLiHy facility              Fig. 2 Mean velocity distribution in case of Re=11300 

 

As for MHD flow experiments, a magnet used for the current experiments produces maximum 2.0 

Tesla magnetic fields in a narrow gap of the iron core at 3000 A of applied electric current. The pipe 

flow test section was placed in the gap which was 1.4 m in the streamwise direction, 25 cm in height, 

and 15 cm in width. The B field has uniform distribution within 5% variation for 1.0 m in the 

streamwise direction. The mean velocity measurements were performed for five different Hartmann 

numbers: Ha = 0, 5, 10, 15 and 20 (based on pipe radius) as shown in Fig. 3. The mean velocity 

profiles show that it becomes flatter as the Hartmann number increases in the core region of the flow, 

and that the near-wall velocity gradient increases with increasing of the Hartmann number: this shows 

the typical characteristics of the Hartmann flow. Figure 4 shows the streamwise-velocity fluctuation 

distribution in the radial direction for Re=5300. The intensity of the velocity fluctuation decreases with 

increasing of the Hartmann number. Thus, the application of the magnetic filed leads the turbulent flow 

to the laminar flow: this phenomenon usually calls a “Laminarization due to the Lorentz force.” 
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29



 3

r/R

U
/U

c

0 0.2 0.4 0.6 0.8 10

0.2

0.4

0.6

0.8

1

U/Uc (DNS)
U/Uc (Ha= 0)
U/Uc (Ha= 5)
U/Uc (Ha= 10)
U/Uc (Ha= 15)
U/Uc (Ha= 20)

 

Fig. 3 Mean velocity distritution at Re = 5300   Fig. 4 Streamwise velocity fluctuation at Re=5300 

 

As for the heat transfer experiments, a part of the test section of FLiHy loop was heated uniformly 

by heating tape under the constant magnetic field up to 2.0 Tesla. Forty T-type thermocouples with a 

diameter of 0.75 mm were fixed with high thermal conductivity grease (15 W/mK) in the holes of 1mm 

diameter at five axial stations and eight angles from the horizontal magnetic field. The depths of holes 

and the tube wall thickness were 4 mm and 5 mm respectively, i.e., the length from the inner tube 

surface to measuring point was 1mm. Temperature of KOH was monitored at both the inlet and the 

outlet of test section using thermocouples. The bulk mixing temperature of arbitrary cross section was 

estimated by the linear interpolation from the inlet and the outlet temperature. The radial temperature 

distribution of the fluid flow in the pipe was measured by means of thermocouples tower (TC tower) 

which was consisted of the Inconel sheathed K-type thermocouples with a diameter of 0.13mm arranged 

from the inner wall surface to the centre of the pipe as shown in Fig. 5. The 63% response time of this 

thermocouple was 2 ms. The angle of TC tower and magnetic field was set to 0 degree and 90 degrees. 

The Reynolds number based on bulk velocity and pipe diameter was set to 5000 and 20000 for Ha=0, 5, 

10 and 15, and Pr=6 and 10. Figure 6 shows a non-dimensional mean temperature (T+) distribution from 

the wall (y+) in case of Re=9000. The solid line shows the existing correlation by Kader and the plots 

along the correlation corresponds to Ha=0, i.e., non-MHD flow. Other plots for Ha=5 and 10 are away 

from the correlation curve. This means that the temperature inside the pipe increases in case of MHD 

flows, i.e., this is another evidence of the laminarization of turbulent flow under the magnetic fields. 

Influence of the transverse magnetic field on the heat transfer is also to suppress as shown in Fig. 7.  
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Fig. 5 Temperature measurement system inside the pipe: (a) TC tower equipment  (b) Traverse system  

 

Fig. 6 Non-dimensional temperature distribution                Fig. 7 Heat transfer deterioration in the case 
of Re=20000 and Pr=6.2 

 

3-2-４ Summary 

 

The PIV measurement technique for non-MHD/MHD turbulent flows of Flibe simulant fluid was 

developed. The non-MHD turbulent flow measurements showed in very good agreement with the well 

established DNS database, so that the FLIHY loop was confirmed as a fluid dynamic experimental 

facility with high accuracy. By obtaining the two-dimensional two-component vectors map from the 

measurement of the MHD turbulent pipe flow, the change of the mean flow profile and the suppression 

of turbulence by MHD effects were shown. The heat transfer results showed its deterioration due to the 

magnetic field. The current MHD turbulent flow models will be able to revise based on these data. 
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3-3 Task 1-2A : MHD coating for V/Li systems 
 (T. Muroga and B.A. Pint) 

3-3-1 Objectives of the Task 
 

The objective of this task is to develop coatings to reduce the pressure drop 
associated with the magneto-hydrodynamic (MHD) effect that were compatible with Li 
at ~700°C.  A strategy was laid out to evaluate bulk ceramics in static Li compatibility 
tests followed by development of coatings and evaluations in static Li and in flowing Li 
with a temperature gradient. Also carried out in this task were preliminary evaluation of 
irradiation effects of the coating and fundamental investigation on the interface structure 
and strength and mass-transfer in V-alloy substrate/coating/Li system. 

 
3-3-2 Participants to the Task 
 
T. Muroga, T. Nagasaka, T. Tanaka (NIFS), T. Terai, A. Suzuki, A. Sawada, Z. Yao (U. 
Tokyo), K. Abe, M. Satou, M. Fujiwara (Tohoku U.) 
B.A. Pint, M. Li, P. F. Tortorelli (ORNL), A. Jankowski (LLNL) 
 
3-3-3 Research Highlights 
(a) Static immersion tests of 
candidate bulk ceramics 

Figure 1 summarizes the 
bulk ceramic testing in static Li.  
The mass losses shown after 
1000h exposures in Li reflect the 
degree of dissolution.  The 
dissolution of CaO was observed. 
Calculations showed that the 
equilibrium solubility of Ca in Li 
increased dramatically with 
temperature, which was 
consistent with the high 
dissolution rates observed 
experimentally.  Thus, the task 
focused efforts on Y2O3 and 
Er2O3.  
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Figure 1.  Mass losses after 1000h in a static Li 
capsule test as a function of temperature for 
candidate oxide and nitride materials.  The 
dashed line shows the mass loss associated with 
the loss of ~10µm of coating in a 1000h 
exposure.
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(b) Long term compatibility of single layer coating 

The static Li immersion tests of bulk specimens identified Y2O3 and Er2O3 as 
promising candidate ceramics. Feasibility of the coating with Y2O3 and Er2O3 on 
V-4Cr-4Ti was demonstrated by EB-PVD, Arc Source Plasma Deposition and RF 
sputtering. Especially, Er2O3 fabricated with Arc Source Plasma Deposition showed 
good corrosion resistance as shown in Figure 2. By deposition on a substrate at higher 
temperature, high crystalline Er2O3 coating was produced, which were shown to be 
stable in Li to 1000hr at 973K. 
 
 (c) In-situ resistivity of 
two-layer coatings 

Coating development 
focused on Y2O3 and Er2O3 and 
then on these coatings with a 
vanadium overlayer.  While 
mass loss is one measure of 
performance, the principal figure 
of merit is resistivity.  Therefore, 
the resistivity of bulk materials 
and coatings also was measured, 
Figure 3.  For the coatings, an 
in-situ test was developed to 
measure the resistivity of the 
coating in contact with Li.  
These tests, along with static Li 

Substrate Temp.

RT

Exfoliated

1000hr in liquid Li

773K 873K 973K 

850K

 
Figure 2. Change of Er2O3 coating on V-4Cr-4Ti by exposure to Li at 773, 873 and 
973K for 1000 hr. The coating was made using Arc Source Plasma Deposition 
method with substrate temperature at RT and 850K. Crystalline structure of Er2O3
was observed only in the case of the high substrate temperature. Remarkable change 
was not observed in the coating at high substrate temperature after exposure to Li. 
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Figure 3.  Resistivity as a function of temperature 
for as-received EB-PVD Er2O3 and Y2O3 coatings, 
in-situ Er2O3/V coatings and literature and 
measured values for bulk Y2O3 and bulk Y2Ti2O7.  
Minimum required coating values are shown for 
reference. 
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exposures, revealed that a single-layer 
oxide coating was not performing well 
and that multi-layer coatings showed 
superior performance. 
 
(d) Impurity transfer of V-4Cr-4Ti 
alloy during liquid lithium exposure 

Figure 4 shows impurity contents, 
tensile stress and elongation of US 
(US-832665) and Japanese 
(NIFS-HEAT-2) heats of V-4Cr-4Ti as 
a function of exposure time to Li at 
1073K. Remarkable difference in the 
rate of N enrichment and O depletion 
is seen between the two alloys. 
However, the total and the uniform elongation of the both alloys saturated around 20% 
and 10%, respectively. The difference in the impurity transfer of the two alloys may be 
attributed to the difference in the sample thickness, 3 mm for US-832665 and 0.25 mm 
for NIFS-HEAT-2. 
 
(e) Thermal convection tests  

Monometallic, thermal 
convection loop test with flowing 
Li (~2cm/s) and a thermal gradient 
(~400°-700°C) was carried out.  
The loop was constructed of 
V-4Cr-4Ti tubing and contained 
specimens of V-4Cr-4Ti including 
several with Y2O3 /V MHD 
coatings.  The loop operated for 
2,350h in a vacuum chamber with 
a pressure of <10-5Pa during 
operation.  The experiment 
required the development of 
specialized control and temperature 
monitoring systems. 
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Figure 4.  Impurity contents, (b) tensile 
stress and (c) elongation of US (US-832665) 
and Japanese (NIFS-HEAT-2) reference 
V-4Cr-4Ti alloys as a function of exposure 
time to molten Li at 1073K 

 

-0.6

-0.4

-0.2

0

0.2

0.4

M
as

s C
ha

ng
e 

(m
g/

cm
2 )

1 4 7 10 13 16 19 22 25 28 31 34 37 40 43 46 49 52 55 58

Specimen Number

—
M

H
D

300
400
500
600
700

Te
m

p.
(°

C)

hot legcold leg
phase 1
phase 2

—
M

H
D

—
M

H
D

—
M

H
D

—
M

H
D—

M
H

D*

 
Figure 5.  Specimen mass gain for V-4Cr-4Ti 
specimens in the hot and cold leg of the 
mono-metallic loop along with the nominal 
temperature that the specimens saw during the two 
phases of operation.  In the hottest section of the 
loop, mass losses were observed, elsewhere, small 
mass gains were measured. 
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The initial results of the loop test 
showed no significant thickness loss 
from the MHD coatings and limited 
(<1µm) mass transfer of vanadium, 
Figure 5.  Interstitial mass transfer was 
observed with O being removed in the 
hottest section and C and N increase in 
the rest of the specimens.  (This 
explains the small mass gains in most of 
the specimens, Figure 5.)  Further 
characterization of the MHD coatings 
and V-4Cr-4Ti specimens will be 
conducted. 
 
(f) Evaluation of adhesive property of the MHD coating 

Y2O3 coating was successfully made on vanadium alloys by means of DC-sputter 
coating. To evaluate reliability of the coating, adhesive property was measured by 
scratch test. The Weibull analysis of the shear strength of the interface between yttrium 
oxide coating and vanadium alloys made by DC-sputter coating indicated that small 
additions of yttrium to V-4Cr-4Ti would improve adhesive property of the interface 
between yttrium oxide coating and vanadium alloys. 
 
(g) Radiation effects 

Radiation-induces conductivity of bulk and coating of Y2O3 and Er2O3 was 
evaluated by irradiations with D-T neutrons (FNS), fission neutrons (JMTR) and 
gamma-rays. Relative to the temperature effects of the resistivity, the irradiation effects 
were shown to be negligible as shown in Figure 6. Neutron irradiation of bulk Y2O3 and 
Er2O3 specimens in Li environments was carried out in HFIR-17J. No significant 
corrosion loss was observed at 425°C. 
 
3-3-4 Summary 

For the purpose of developing MHD coating for V/Li system, evaluations of a wide 
range of ceramic candidate materials were carried out and several were selected for 
coating development: Y2O3, Er2O3 etc. Technology for single and double coating 
fabrication was developed. Characterization of the coating by static and loop tests 
showed superior performance of the double layer coating. 
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3-4 Task 1-2-B: Vanadium Alloy Capsule Irradiation 
 (T. Muroga, H. Matsui, R.J. Kurtz, G.R. Odette) 

 
3-4-1 Objectives of the Task 
 

In this task, irradiations of vanadium alloys and MHD coating candidates in Li-filled 
capsules were carried out in HFIR for the purpose of studying the irradiation 
performance of structural components of V/Li blankets. The experimental objectives are 
to a) investigate the effect of trace elements C, O, and N and minor alloying elements Y, 
Al, Si on the properties of vanadium alloys irradiated at 425 and 600°C, b) study 
general aspects of deformation, fracture, and irradiation creep at irradiation 
temperatures of 425 and 600°C, c) examine the irradiation performance of weld joints 
of vanadium alloys mostly at 425°C, d) explore the fundamental effects of neutron 
irradiation on bulk ceramics relevant to MHD insulator coatings associated with 
Subtask 1-2-A, and e) perform a limited investigation of helium effects on mechanical 
properties of vanadium alloys using B-doping simulation techniques. Also carried out 
were out-of pile thermal and environmental control tests. 
 
3-4-2 Participants to the Task 
 
T. Muroga, T. Nagasaka (NIFS), K. Fukumoto (Fukui U.), H. Matsui, K. Abe, M. Satou, 
H. Kurishita (Tohoku U.), H. Watanabe, N. Yoshida, (Kyushu U.) S. Ohnuki (Hokkaido 
U.) 
R.J. Kurtz, D.S. Gelles, M.B. Toloczko (PNNL) D.T. Hoelzer, M. Li, S.J. Zinkle 
(ORNL), G..R. Odette, T. Yamamoto (UCSB) 
 
3-4-3 Research Highlights 
(a) Environmental effects on irradiation creep of V-4Cr-4Ti irradiated by neutrons 

The objective of this study is to investigate the effect of environment on 
irradiation creep properties of high-purified V-4Cr-4Ti alloys, NIFS-HEAT2 irradiated 
by neutrons.  In order to examine the effect of environment on irradiation creep 
pressurized creep tubes (PCTs) were enclosed in Li-filled capsules and irradiated in 
HFIR to 3.7 dpa at 425 and 600°C.  The results were compared to similar specimens 
enclosed in Na-filled capsules irradiated in JOYO. 
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It was found that the creep strain 
rate exhibited a linear relationship with 
the effective stress up to 150 MPa at 
425°C as shown in Fig. 1.  At 600°C 
the data were scattered but the creep 
strain was much larger than that at 
425°C. 

The activation energy of irradiation 
creep was estimated to be 46kJ/mol·K. 
No significant difference in irradiation 
creep behavior between liquid sodium 
and liquid lithium environments was 
observed. 

 
 (b) Compression Testing of Un- 
irradiated and Irradiated V-4Cr-4Ti 

To understand the effect of stress 
state on the propensity for localized 
deformation in vanadium alloys, 
compression specimens, fabricated 
from Heat 832665 and NIFS-1 heats of 
V-4Cr-4Ti, have been tested before and 
after irradiation in the High Flux 
Isotope Reactor at 425°C and 600°C to 
~3.7 dpa.  Specimens were tested 
before and after irradiation at temperatures of 25°C, ~250°C, and ~425°C.  
Unirradiated yield strength values in compression are similar to uniaxial tensile yield 
strength values found in the literature, see Figure 2.  Irradiation at 425°C to ~3.7 dpa 
more than doubles the compressive yield strength of both alloys at test temperatures of 
25°C and 425°C.  The increase in yield strength is due primarily to production of 
unshearable defect clusters and precipitates.  Microstructural studies on interrupted 
compression tests are underway to determine the effect of stress state on deformation 
behavior as a function of compressive strain. 
 
(c) Self-Consistent Constitutive Laws for Flow Localization-Ductility Loss in Irradiated 

Vanadium Alloys 
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Figure 2. Comparison of compressive and 
tensile yield strengths for two heats of 
unirradiated V-4Cr-4Ti.  Irradiation to ~3.7 
dpa at 425°C increased the compressive 
yield strength by more than a factor of two.

Figure. 1 Creep strain vs. applied stress for 
US832665 and NIFS-Heat 2 in HFIR Li 
capsule and Joyo Ba-capsule 
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A self-consistent approach to 
derive constitutive properties [σ(ε)] 
and corresponding plasticity rules 
of vanadium alloys over a strain 
range beyond the low-uniform 
ductility limit, especially after the 
irradiation, has been developed.   

The basic approach is to 
simultaneously measure load 
(P)-displacment (Δ) curves and 
large geometry changes (LGC) in 
subsized flat dogbone tensile 
specimens (both with and without side 
notches and center holes), in cone 
indentation tests, and three or four point 
bending tests.  Confocal microscope/ 
topological mapping and/or surface 
microimage analysis/strain mapping 
techniques are used to observe LGC.  An 
example of LGC measurements for a flat 
tensile specimen at various points in the 
load-elongation curve is shown in Figure 3.  
Experimental measurements of LGC are 
compared to corresponding predictions 
obtained from finite element models, 
iterating to arrive at an optimally 
self-consistent input σ(ε) and 
corresponding plasticity rules.  The technique has been successfully applied to 
irradiated flat tensile specimens of V-4Cr-4Ti and F82H steel.  An experimental setup 
to map strains around a center hole or a side notch in a specially designed tensile 
specimen has also been developed. 

 
(d) Improved Thermo-mechanical Treatment Developed 

The determination of ~1300ºC as the solvus temperature for Ti(CON) precipitates in 
V-4Cr-4Ti resulted in the establishment of a thermal-mechanical treatment (TMT) that 
redistributes the Ti solute atoms and O, N, and C interstitial atoms from an 

 
Figure 4. TEM micrographs showing 
Ti(CON) precipitates that formed in 
V-4Cr-4Ti following a final anneal at (a) 
1000ºC for 2 h and (b-d) 1300ºC for 1 h. 

 

Figure 3.  Large geometry change mapped on 
a flat tensile specimen under various loading 
conditions. 
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inhomogeneous distribution of a low 
number density of coarse 
globular-shaped Ti(CON) 
precipitates to a more homogeneous 
distribution of a high number density 
of nano-size plate-shaped Ti(CON) 
precipitates as shown in the TEM 
micrographs in Figure 4.  The 
plate-shaped Ti(CON) precipitates 
have a {100} habit with the matrix 
and obey the diffraction imaging 
contrast that is characteristic of 
dislocation loops that have a Burgers 
vector of b = a<100> with large 
stresses normal to the plate in the 
matrix.  The modified TMT that produces the high number density of plate-shaped 
Ti(CON) precipitates and cold-work induced dislocations also improves the high 
temperature strength properties of V-4Cr-4Ti compared to the conventional TMT that 
consists of a final annealing at 1000ºC for 1 to 2 hours and produces an inhomogeneous 
distribution of larger globular Ti(CON) precipitates as shown in Figure 5. 
 
(e) Development of V-Cr-Ti Type Alloys with Small Additives for Fusion Applications 

Results from oxidation experiments with controlled oxygen partial pressures in 
helium gas flow at elevated temperatures indicated that addition of 0.2 wt.% of yttrium 
to the V-4Cr-4Ti alloy decreased the diffusion coefficient of oxygen by an order of 
magnitude.  Yttrium in solution aids the formation of a protective layer against 
oxidation.  Results from indentation fracture toughness tests showed that the oxidation 
layer formed on a V-4Cr-4Ti-0.2Y alloy had more than five times greater fracture 
toughness (KIc) compared to that of the V-4Cr-4Ti alloy.  The depth profile of the 
hardness and weight change after oxidation indicated that the oxidation layer of the 
V-4Cr-4Ti-0.2Y alloy was denser and thinner than that of the V-4Cr-4Ti alloy.  The  
results suggest that yttrium improves oxidation resistance of the alloy by reducing 
oxygen diffusion and by forming a tough protective layer.  Improvement of 
compatibility with various environments including oxidation should reduce the effects 
of gaseous impurity pick-up during fabrication, thermo-mechanical treatment and 
reactor operations. 
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Figure 5. The reciprocal temperature 
dependence of creep rate for NIFS-Heat-2 
tested at 240 MPa using different TMT. 
Standard (STD): 1000 ºC 2h; 
Solution-annealed, aged and cold-worked 
(SAACW): 1100 ºC 1h+600ºC 20h+20%CW.
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The tensile properties of 
V-4Cr-4Ti and V-4Cr-4Ti 
-0.1SiAlY irradiated in 
HFIR at 425ºC to ~3.7 dpa 
are shown in Figure 6.  

In the case of 
V-4Cr-4Ti-Si-Al-Y type 
alloys, the uniform 
elongation is larger and the 
yield stress is lower than 
for the V-4Cr-4Ti alloy.  
The differences probably represent scavenging of interstitial impurities (C,O, and N) by 
small amounts of Si,Al, and Y.  It is possible that the differences correspond to 
microstructural evolution during irradiation, such as irradiation-enhanced precipitation.  
 
(f) Development of a Semi-Automated Small Specimen Fracture Testing Instrument 

A semi-automated device for performing fracture tests on small pre-cracked bend 
bars has been developed.  The overall test device consists of. a) an indexed specimen 
cartridge positioning stage, b) two types of test fixtures for dynamic and static loading, 
c) a loading device for easy specimen insertion, d) a gas blanket temperature control 
system, and e) a load-time-displacement instrumentation and data acquisition system.  
The dynamic loading station consists of a high-power, high-speed stepper motor driving 
an instrumented TUP on a lever arm.  Nine bend bars with allowable dimensions 
ranging from ≈1.65x1.65x8mm to 3.3x3.3x18 mm are loaded in a testing cartridge with 
the long specimen axis vertical so that the loading resembles an IZOD impact test.  
The instrument has been extensively calibrated and validated by comparison to data 
from tests from drop tower instruments both in the U.S. and in Japan. 
 
3-4-4 Summary 

The Li-capsule irradiations on vanadium alloys in HFIR were carried out. Radiation 
effects on candidate vanadium alloys with respect to mechanical properties including 
creep properties and compression properties, trace and minor alloying effects were 
clarified, enhancing the feasibility of vanadium alloys for V/Li blankets. PIE of 
irradiated specimens are being continues both in the US and Japan by their domestic 
programs. 
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Figure 6. Tensile properties of V-4Cr-4Ti and 
V-4Cr-4Ti-0.1SiAlY irradiated in HFIR at 425ºC to ~3.7 
dpa. 
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3-5 Task 2-1 : SiC/SiC Fundamentals and Material Processing 
 (T. Hinoki and Y. Katoh) 

 
3-5-1 Objectives of the Task 
 

The objectives of Task 2 is to demonstrate feasibility of high efficiency gas 
cooling blanket system using advanced SiC/SiC composites based on new material 
design and development strategies and by evaluating thermo-mechanical properties and 
irradiation resistance of the material system.  Materials design and fabrication, 
fundamental properties evaluation, and micromechanical constitutive modeling of 
materials behavior were studied in Subtask 2-1. In aid of other subtasks, design, 
fabrication, and supply of adequate SiC/SiC composites were also performed in 
Subtask 2-1. Thermo mechanics, compatibility and heat transfer performance of the 
model gas blanket systems, comprising SiC/SiC structure and ceramic breeder pebbles 
were studied in Subtask 2-2. Based on the material development and the 
thermo-mechanical analysis, radiation behavior of the advanced SiC/SiC composites and 
elements of solid breeding blanket systems in high temperature environment were 
studies in Subtask 2-3. 

   The scope of Task 2-1 is followed; 
• Baseline properties 

– Perform thermal conductivity assessment and modeling 
– Develop high thermal conductivity CVI composites 
– Develop appropriate test techniques 

• Joining and hermetic sealing 
– Design hermetic materials 
– Develop robust joining technique 

• Process development / optimization 
– Optimize FCVI Process 
– Develop alternate processes 

• Materials supply 
– Supply composite materials to other subtasks 

 
3-5-2 Participants to the Task 
 
T. Hinoki, A. Kohyama, T. Nozawa, S. Kondo, H. Kishimoto (Kyoto U.) A. Hasegawa, 
(Tohoku University), T. Shibayama (Hokkaido U.) 
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Y.Katoh, L.L.Snead, B.A. Pint, S.J. Zinkle, E. Lara-Curzio, H-T. Lin, R.A. Lowden, G.C. 
McLaughlin (ORNL) C.H. Henager, Jr., G.E. Youngblood, R.H. Jones, C.A. Lewinsohn 
(PNNL) 
 
3-5-3 Research Highlights 

Extensive R&D efforts for 
development and characterization of 
advanced SiC/SiC composites for fusion 
have been successfully carried out in Task 
2-1. The FCVI process using high purity 
SiC fibers was optimized and density, 
mechanical properties and uniformity were 
improved significantly. Figure 1 shows 
multilayer fiber/matrix interphase of 
reduced C and SiC and fracture surface of 
the composites. Complicated fracture at the 
fiber/matrix interphase increased utimate 
tensile strength. Advanced small specimen 
test technologies and procedures for 
mechanical properties of SiC/SiC were 
developed. Joining and hermetic sealing 
using of NITE SiC/SiC and CVI / NITE 
hybrid process has been explored. The 
robust joining technique using NITE joint 
was successfully developed and evaluated. 
The optimized composite samples were 
produced and supplied to irradiation experiments. Refractory coating technique for SiC 
and SiC/SiC composites was also developed by infrared transient liquid phase 
processing. The tungsten armored silicon carbide samples proved uniform, strong, and 
capable of withstanding thermal fatigue testing. Guidance was provided for selection of 
appropriate materials for the pebble-bed thermo-mechanics experiments.  

Anisotropy of SiC/SiC composites was characterized by transthickness tensile 
test, diametral compression test and shear test using double-notched specimens in 
adition to basic tensile test. The diametral compression experiment for SiC/SiC 
composites was newly developed as shown in Figure 2 and size effect was also 
evaluated. Progress has been achieved in the areas of fracture toughness evaluation and 

5μm

2μm

(a)

(b)

Figure 1: A SEM image of multilayer
(C/SiC) fiber/matrix interphase (a) and 
fracture surface of the composites (b) 
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interfacial shear 
properties 
characterization for 
advanced SiC/SiC 
composites, and 
chemical compatibility 
of SiC in dual-cooled 
blankets. The fracture 
behavior of advanced 
SiC fiber composites 
with chemically 
vapor-infiltrated (CVI) 
and nano-infiltration 
and transient eutectic-phase (NITE) SiC matrices were successfully evaluated by bend 
testing of single edge notched beam (SENB) specimens. Based on that, J-integral 
analysis of SENB fracture was selected as a standard test method for post-irradiation 
examination of 18J specimens. For the interfacial characterization, methods to explicitly 
determine debond and frictional shear stresses at fiber/matrix interfaces by single fiber 
push-out experiments were developed. Additionally, static compatibility testing of high 
purity monolithic SiC and advanced SiC/SiC composite materials in liquid lead-lithium 
was performed in support of dual-cooled blanket R&D, providing another promise of 
those materials systems.   
 
Following is achivement overview of Task 2-1; 

 Extensive R&D for development and characterization of advanced SiC/SiC 
composites for fusion have been successfully carried out in JUPITER-II Task 
2-1.  

 Developed radiation-resistant CVI SiC/SiC composites 
 Optimized FCVI process was developed. 
 Advanced radiation resistant interphase was developed. 
 Advanced high thermal conductivity composite was demonstrated. 

 Pursued advanced joining, coating and hermetic materials 
 Robust joint of SiC/SiC by NITE process was studied. 
 Tungsten coating technique for SiC materials were developed by infrared 

transient liquid phase processing. 
 Hermetic, high performance CVI / NITE hybrid composite was 

Figure 2: Procedure of diametral compression test with 
SEM images of SiC/SiC composites before and after the 
experiment 
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developed. 
 Developed advanced evaluation methods and test procedures 

 Small specimen test technologies were developed to generate 
engineering property data for advanced SiC/SiC.  

 Anisotropic mechanical properties were characterized. 
 Predictive capability for anisotropic thermal conductivity of woven 

fabric, CVI SiC/SiC composites was developed. 
 Enabled advanced interactions with design activities 

 SiC - breeding materials compatibility 
 Chemical compatibility of SiC with various lithium oxide ceramics was 

studied. 
 Static compatibility of SiC and SiC/SiC with Pb-Li was studied. 
 Chemical compatibility of SiC with ceramic and liquid metal breeders 

was positively addressed. 
 Materials supply and guidance 

 Guidance was provided for the maximized value of irradiation and 
thermo-mechanics experiments.  

 Various composite materials were designed, produced, and supplied to 
irradiation experiments.  

 Academic and educational impact 
 Greater than 35 peer-reviewed papers were published. 
 ~10 PhD and MS students were involved. 

 
3-5-4 Summary 
 

Task 2-1 functioned as a utility vehicle for entire Task 2 very effectively. 
Moreover, Task 2-1 represented ideal collaboration between two countries. 
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3-6  Task 2-2 : SiC System Thermomechanics 
 (A.Shimizu and A.Ying) 

3-6-1 Objectives of the Task 
 

The high temperature gas cooled solid blanket concept aims to obtain the outlet 
coolant temperature equivalent to or higher than HTGR. There exist two typical designs 
for it, namely DREAM and ARIES-I. In the former, both heat and tritium generated in 
the blanket are extracted by a single helium flow while they are, in the latter, recovered 
separately by flows for each. Although the DREAM design can simplify the blanket 
structure, the problem of how to recover the low partial pressure tritium from high 
temperature/pressure helium has not been solved yet. 

Meanwhile, the purge gas in the ARIES-I design must be of low pressure and velocity 
in order to ensure higher tritium exit density so that generated heat must be transported 
to the coolant only by thermal conduction and radiation through the packed layer. Each 
candidate breeder material has limited operating temperature window, for instance 
between 673 and 1193 K for Li2TiO3, so that allowable temperature difference within 
the blanket is only of 100 K order. Meanwhile, the packed pebble layer has essentially 
poor apparent thermal conductivity due to small pebble-to-pebble contact area so that 
overall heat transfer performance between breeding zone and coolant is affected 
strongly by thermomechanical interactions between pebbles as well as between 
SiCf/SiC clad and pebbles. In addition, the stresses generated from differential thermal 
expansion between pebbles and SiC/SiCf containment structure, and/or the irradiation 
swelling of pebbles may break the particles and endanger safe blanket operation. 

 Based on these, main efforts of the task 2-2 were directed towards clarification of 
thermomechanical characteristics of the pebble bed layer cladded within SiC plates. 

 
3-6-2  Participants to the Task 
 
A. Ying, M. Abdou, A. Abou-Sena, J. An and T. Sketchley (UCLA), Y. Katoh (ORNL),  
A. Shimizu and T. Yokomine (Kyushu Univ.), A. Hasegawa (Tohoku Univ.), A. 
Kohyama (Kyoto University) 
 
3-6-3 Research Highlights 
 

In the first stage, thermal hydraulic analysis was performed for the DREAM type 
blanket in which 10 MPa helium enters the module of single size pebble bed with a 
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typical packing density of 62%. The distinct feature of velocity overshooting near the 
containing wall was well simulated by adapted simulation code. Although the helium 
flow becomes slightly stagnant behind the partition membrane plate, it does not cause a 
significant increase in the temperature so that the calculated maximum temperature of 
1191 K at the outlet was kept well below the allowable level.. It was concluded, 
therefore, that the thermal-hydraulic design of the DREAM type blanket is easy 
compared to that of ARIES-I type blanket. 

The second subject was the thermomechanical characteristics of the pebble bed layer. 
A cylindrical pebble bed test assembly was constructed for that purpose in which 
ceramic lithium orthosilicate pebbles were enclosed between two CVD SiC plates that 
were fixed at their circumference. The deformations of the top SiC plate, with respect to 
temperature rise, were measured and the results reflected the amount of bending of the 
SiC plate under the effect of differential thermal stress and the applied constrained 
mechanical boundary. Main observations are as follows. 
•Even the small thermal stress was significantly magnified at the particle/wall and 
particle/particle contacts as a result of small contact areas. This caused a thermal creep 
to occur as the deformation decreased as the bed temperature was kept at a constant 
value. As the creep was initiated, both the stress magnitude and the creep rate were 
reduced. The creep evolution process was found to depend significantly on the 
temperature level. 
•The numerical simulation by DEM was able to capture the trend of the experimental 
data concerning thermal creep characteristics. However, the absolute values would still 
need to be resolved by finding the correct material properties. 
•Experimental data confirmed that a different set of consecutive equations other than 
those obtained from the uni-axial experimental results is needed to better describe 
ceramic breeder thermomechanical properties under prototypical thermo-mechanical 
loading conditions. 
 
3-6-4 Summary 
 

The task 2-2 has broadened the understanding of pebble bed material system 
thermomechanics and its impact on the use of SiC/SiC structure in a helium-cooled 
ceramic breeder blanket concept. The interface conductance was found not to be a fixed 
value but varies according to pebble bed thermomechanical state and design associated 
mechanical boundary conditions. The thermal stress induced by the differential thermal 
expansion between the SiC structural clad and the ceramic breeder pebble bed  may 
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crack the pebbles and cause the clad to be separated away from the pebble bed.  This 
can form a gap at the interface and increase the breeder temperature even more. This 
makes a design that based on the ARIES-I concept more challenging. 

The design based on the DREAM concept reduces the above concern, where heat 
generated inside the breeder bed is removed by the forced convection (rather than 
conduction as in the ARIES-I case.) However, a cost-effective tritium extraction 
technology from the high temperature helium stream is needed in order to make this 
concept attractive. 
 

 

Figure 1 Example Task 2-2 SiC/pebble bed thermomechanics activities/results 
 

SiC/pebble bed thermomechanics test set-
up with Keyence laser position system for 
displacement measurement 

FEM simulation of SiC/Li2TiO3 
pebble bed thermomechanics at 

800C. Calculated differential stress 
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3-7 Task 2-3 : SiC Capsule Irradiation 
  (A.Hasegawa and Y.Katoh) 

 
3-7-1 Objectives of the Task 
 
  The objectives of Task 2 is to demonstrate feasibility of high efficiency gas cooling 
blanket system using advanced SiC/SiC composites based on new material design and 
development strategies and by evaluating thermo-mechanical properties and irradiation 
resistance of the material system.  Materials design and fabrication, fundamental 
properties evaluation, and micromechanical constitutive modeling of materials 
behavior were studied in Subtask 2-1. In aid of other subtasks, design, fabrication, and 
supply of adequate SiC/SiC composites were also performed in Subtask 2-1. Thermo 
mechanics, compatibility and heat transfer performance of the model gas blanket 
systems, comprising SiC/SiC structure and ceramic breeder pebbles were studied in 
Subtask 2-2. Based on the material development and the thermo-mechanical analysis, 
radiation behavior of the advanced SiC/SiC composites and elements of solid breeding 
blanket systems in high temperature environment were studies in Subtask 2-3. 

   In order to clarify radiation behavior of the solid blanket system using SiC/SiC 
composites, irradiation experiments in high temperature (800-1300ºC) conditions were 
planed to address the important scientific issues, including; 
 (a) dimensional stability, thermal conductivity and strength change due to irradiation,         
 (b) radiation resistance of newly developed SiC/SiC composites, joints, and hermetic 
coating,  
 (c) chemical compatibility between SiC/SiC composites and ceramic breeding 
materials or neutron multiplier under neutron irradiation, 
 (d) He effects on mechanical properties and dimensional stability of SiC/SiC 
composites and constituents, and  
 (e) irradiation performance of the key elements of SiC/SiC-based ceramic-breeding 
blanket systems. 
 
3-7-2 Participants to the Task 
A.Hasegawa, S.Nogami(Tohoku University), T.Hinoki, A.Kohyama, T.Nozawa, 
S.Kondou (Kyoto U.) , T.Shibayama(Hokkaido U.) 
Y.Katoh, L.L.Snead, B.A. Pint, S.J. Zinkle, J.L. McDuffee (ORNL), C.H. Henager, Jr., 
G.E. Youngblood (PNNL), N.B. Morley (UCLA) 
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3-7-3 Research Highlights 
  In the first half of the program period, PIE of HFIR-14J and rabbit irradiation 
expeirnents were conducted to examine fundamental irradiation behavior of 
near-stoihciometric SiC fiber composites and to identify adequate SiC/SiC composites 
for irradiation in more extensive and severe conditions in the HFIR-18J campaign.  
The PIE of HFIR-14J have successfully been completed and the knowledge acquired 
were utilized in Subtask 2-1 for design and fabrication of SiC/SiC composites with 
improved irradiation stability. The results showed:  
  (a) Newly developed SiC fibers, with low oxygen content, high crystallinity and 
near-stoichiometric composition, possess very substantially improved resistance to 
neutron irradiation at elevated temperatures compared to the older generation SiC fibers. 
  (b) He implanted prior to neutron irradiation exerts only negligible effects on 
post-irradiation mechanical properties of SiC and SiC/SiC composites. 
 
   Based on the results, several types of SiC/SiC composites, including those with 
interphases specifically designed for improved radiation stability and those produced 
through novel processing techniques newly developed in Japan, were fabricated and 
examined for irradiation performance using rabbit irradiation facility of HFIR. The low 
dose, high temperature irradiation performance was positively addressed for most of the 
composites tested. The results were utilized to identify appropriate materials, irradiation 
conditions, and properties for evaluation for the planned HFIR-18J irradiation campaign. 
The following results were obtained.  
  (c) Rabbit capsule irradiation (1000C, 4dpa) was completed. The developmental 
composite fabricated through Nano-Infiltration and Transient Eutectic-phase (NITE) 
process demonstrated the excellent radiation stability, whereas the developmental 
near-stoichiometric polymer 
-impregnation and pyrolysis (PIP) 
composites lost mechanical integrity.  
A figure shows   stress-strain 
curves of unirradiated and irradiated 
SiC/SiC composites fabricated by 
NITE process. No degradation 
(strength, modulus) in NITE SiC was 
confirmed. Irradiation-toughening 
was apparent.  
                             Figure: Stress-strain curves of NITE composites 
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  In the second half of the program period, neutron irradiation experiment using an 
instrumented capsule in the Large Removable Beryllium (RB*) Facility of HFIR was 
designed, developed, and performed as a core irradiation program of Subtask 2-3. 
Objectives of the experiment were 1) to gain understanding of irradiation effects in 
SiC/SiC composites and constituents in aggressive domains of fusion-relevant 
irradiation conditions, 2) to determine neutron irradiation effects in the new generations 
SiC/SiC composites, joints, and SiC-ceramic breeder systems, 3) to aid constitutive 
modeling of irradiation effects on 
mechanical and transport 
properties of SiC/SiC, and 4) to 
acquire irradiation effect data in 
support of blanket system R&D. 
The irradiation capsule 
designated RB-18J was 
developed to irradiate large 
quantity of specimens of various 
types to a medium dose (~6 dpa) at 800, 1100 
and 1300ºC. In parallel with the development of 
the irradiation matrix and the capsule, novel 
techniques for studying irradiation creep and 
in-pile compatibility experiments were 
developed. The irradiation experiments started 
from the summer of 2007 and the PIE is 
anticipated to start from the summer of 2008. 
Figures show a schematic view of irradiation 
capsule of 18J and specimens of SiC/SiC 
composites. 
 
 The RB-18J is the first-ever experiment that examines the mechanical properties 
of SiC-based ceramics and composites of current interest to fusion energy development 
after irradiation in a very high temperature regime (>~1000ºC). Below are the examples 
of scientific issues which are expected to be addressed by the 18J experiment.  

(d) Responses of high-purity, ideal-grade SiC and advanced SiC/SiC composites and 
constituents (matrix materials, fibers, interphase) to neutron irradiation at very high 
temperatures. 

(e) Upper temperature limit due to irradiation for advanced SiC/SiC in terms of 
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Composite In-plane Tension 

Composite In-plane Toughness 

Composite Interlaminar Shear  

Composite Thermal Diffusivity 

Composite Trans-thick Tension 
10mm 
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baseline properties. 
(f) Some of the critical yet controversial questions regarding irradiation effects in 

advanced SiC/SiC such as potential benefit of advanced composite design factors 
(advanced interphases, hybrid composites, etc.) developed through recent fusion 
SiC/SiC R&D efforts, irradiation effect on fracture toughness, and potentially expedited 
interfacial degradation at very high temperatures.  

(g) Fundamental irradiation response of various breeding ceramics and reactivity with 
SiC under irradiation. 
 
   In order to support the irradiation experiment in HFIR, irradiation experiments in 
Japanese reactors were also conducted using JMTR and JOYO using the same SiC/SiC 
composites fabricated in subtask2-1. Helium effects and supporting fundamental studies 
were conducted by neutron and charged particle irradiation using DuET(Kyoto 
University), Dynamitorn(Tohoku University) and TIARA(JAERI). Following results 
were obtained. 
  (h) irradiation resistance to high temperature and lower fluence of SiC/SiC 
composites 
  (i) map of irradiation microstructure evolution of SiC 
  (j)synergistic effect of Heliun, Hydrogen and displacement damage on SiC/SiC 
composites. 
 
3-7-4 Summary 
  In order to demonstrate feasibility of high efficiency gas cooling blanket 
system using advanced SiC/SiC composites based on new material 
development strategy and irradiation resistance of the material system were 
examined.  
   Evaluation of radiation resistance of SiC and advanced SiC/SiC developed and 
fabricated JUPITER-II program were performed using HFIR irradiation ( rabbit capsule 
and HFIR-18J RB* capsule irradiation). Additional irradiation data of the advanced 
SiC/SiC and SiC was also collected by alternative irradiation facilitates such as JMTR, 
JOYO and charged particle irradiation facilities.   
  Radiation resistance of advanced SiC/SiC composite was demonstrated. Gide line of 
radiation resistance of SiC/SiC composites was confirmed. Engineering data of 
advanced SiC/SiC composites at high temperature irradiation conditions was collected. 
The data shows feasibility of the high temperature gas cooling system made of SiC/SiC 
composites.  
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3-8  Task 3-1: Design-based Integration Modeling 
   (A. Sagara, H. Hashizume, N.M. Ghoniem, D.K. Sze) 

 
3-8-1  Objectives of the Task 
 

The main purpose of this task is to develop integrated engineering models of blanket 

systems based on fusion reactor designs. The constraints imposed by one area of research 

must be considered in solving problems in another area.  Integration has been 

accomplished in the areas of tritium transport and permeation, thermofluids, materials, 

and neutronics.  For this purpose, it is essential to optimize the blanket system not as a 

single component but as an integrated system device under the boundary conditions of 

burning core plasmas and out-vessel environments. Therefore, collaboration works with 

connecting each task are basically quite important.  

 

3-8-2  Participants to the Task 

 

A. Sagara, T. Muroga, T. Tanaka (NIFS),  

S. Fukada, M. Nishikawa (kyusyu U.),  

S. Tanaka, T. Terai, A. Suzuki (U. Tokyo),  

S. Toda, H. Hashizume, K. Yuki, S. Chiba (Tohoku U.),  

S. Satake (Tokyo U of Science), T. Kunugi (Kyoto U.),  

N.M. Ghoniem, S. Sharafat, M.Z. Youssef (UCLA), 

Da-Kai Sze (UCSD) 

 

3-8-3 Research Highlights 

 

Fukada et al., have revealed that, for the FFHR blanket system, tritium permeation 

windows in a realistic-scale (lower than a few 100 m2) are usable for tritium disengager 

systems. It is found that the diffusion process of tritium in Flibe or the surface process at 

the boundary is the critical rate limiting process to be investigated. From the safety point 

of view, they have proposed that a small amount of Flibe or He gas flow in the double 

tube are good as permeation barriers to reduce the tritium leakage rate below 10 Ci/day. 

However, it is pointed out that the most serious problem is permeation leak of about 34 

kCi/day through the heat exchanger to the He loop. 
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Muroga et al., have evaluated the V-alloy/Flibe blanket system for FFHR to increase 

the operation temperature. For this system, thermodynamic analysis has been carried out 

for another REDOX control (T2 to TF) with MoF6 or WF6, which can form corrosion 

protective Mo or W coating on V-alloy surfaces with self-healing capability, resulting in 

reduction of T inventory in the blanket below 100 g by doping of 1ppm MoF6 or WF6. 

Among the issues of this concept is recovery of tritium in the form of TF and Mo or W out 

of the blanket. 

Sagara et al., have newly proposed the STB (Spectral-shifter and Tritium breeder 

Blanket) for replacement-free blankets in the reactor life of 30 years in FFHR. For this 

STB, they have evaluated the first wall condition for FFHR, and have proposed 

enhancement of Flibe cooling capability on one-side heating over 1MW/m2. Regarding 

this request, the Task 1-1-B group has investigated modeling of MHD effects on 

heat-transfer.  

Hashizume et al., have investigated flow structures in sphere-packed pipes to 

enhance heat-transfer efficiency in the TNT (Tohoku-NIFS Thermofluid) loop 

experiments using HTS (Heat Transfer Salt, Tm= 142°C). Same performance as turbulent 

flow has been obtained at one order lower flow rate. This is a big advantage for reducing 

MHD effects and the pumping power. They have also investigated MHD suppression 

coating on the Li/V-alloy blanket system. They have proposed a three-layered wall 

system, where the inner thin metal layer protects permeation of lithium into cracks in the 

coated layer. The performance required to the insulator has been evaluated. Based on this 

coating concept, they designed and evaluated a self-cooled Be-free Li/V blanket resulting 

in good tritium breeding. 

However, improving 

shielding efficiency is the 

major key issue. 

Tanaka et al., have 

started a new challenge to 

construct an interface 

code between the 

Monte-Carlo neutron 

transport code MCNP-4C 

FIG. 8. Top view of calculated neutron wall 
load distribution. (72 o of the torus)  

Fig.1. Example of 3-D geometry data with MCNP (~3,000 

cells) and helical neutron wall loading 
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and a complicated blanket design such as in helical systems in order to enable us to 

frequently modify blanket designs and quickly check neutronics performance. The 

examples are shown in Fig. 1. Using this easy-feedback code system, both of the Flibe 

cooled reduced-activation ferritic steel (RAFS) and Li/V-alloy blanket systems have be 

optimized in the feasibility of tritium breeding ratio higher than 1.0 and nuclear shielding 

in the FFHR2m helical design. 

 

3-8-4  Summary 

 

The main research performed in this task as collaboration works with connecting each 

task are as follows:  

(1) Flibe Blanket system (Task 1-1-A),  

・ Design and requirements on tritium recovery system,  

・ Proposal and key issues on tritium permeation,  

・ Design and evaluation of Flibe / V blanket,  
(2) Thermofluid of Flibe (Task 1-1-B),  

・ Requirements on the first wall condition for FFHR, 

・ Modeling of MHD effects on heat-transfer,  

・ Enhancement of heat-transfer efficiency,  
(3) Li-V Blanket (Task 1-2-A),  

・ Evaluation and requirements on MHD coating,  

・ Design and evaluation of Self-cooled Be-free Li/V blanket,  
(4) All tasks,  

・ Improvement of neutronics calculation system for helical structure. 
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3-9  Task 3-2: Materials Modeling 

(A. Sagara, N. Sekimura, N.M. Ghoniem, R.E. Stoller) 

3-9-1  Objectives of the Task 

 

The goal of task 3.2 at the beginning of the JUPITER-II project was to establish the 

methodology of “Multiscale Modeling of Mechanical Deformation (M3D)” for 

contributions to the research and development of fusion materials, which may cover a 

broad range of fundamental issues, including: primary radiation damage formation, 

extended defect formation and evolution, dislocation-defect interactions, dislocation 

dynamics, the development of constitutive relationships for irradiated materials, and 

predictions of engineering properties of materials needed for component design. For this 

purpose, a wide variety of evaluation techniques should be used, because a solid material 

has essentially a hierarchical structure from atoms to continuum bodies, and in addition, a 

radiation damage process is essentially a multi-time, -length and -energy scale 

phenomenon.  

 

3-9-2  Participants to the Task 

 

K. Morishita (Kyoto University), M. Satou (Tohoku University), N. Nita, H. Matsui 

(Tohoku University), T. Okita, N. Sekimura, H. Abe (University of Tokyo) 

B.D. Wirth (UC Berkeley), T. Diaz de la Rubia, W.G. Wolfer (LLNL), N.M. Ghoniem, S. 

Sharafat (UCLA), H.L. Heinisch, F. Gao, R.J. Kurtz (PNNL), G.R. Odette (UCSB), R.E. 

Stoller (ORNL) 

 

3-9-3 Research Highlights 

 

Morishita et al. have investigated the nucleation and growth process of helium 

bubbles in Fe. They employed molecular dynamics and molecular statics calculation 

techniques as well as continuum theory to determine the formation energy of helium 

bubbles.  Furthermore, they introduced these results as input parameters in kinetic 

Monte-Carlo simulations, thus enabling us to study the nucleation kinetics of helium 

bubbles as a function of temperature and point defect concentrations in an Fe matrix.  An 

Arrhenius plot of bubble growth rates shows two different activation energies clearly, 
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depending on helium concentrations in the matrix: one is 0.74 eV and the other is 0.078 

eV, as shown in Fig. 1, which are in good agreement with the vacancy and interstitial 

helium migration energies, respectively. It indicates that the growth of helium bubbles is 

controlled by vacancy migration when the helium concentration is relatively low, while it 

is controlled by interstitial helium migration when the helium concentration is relatively 

high. These results respectively correspond to the fusion first wall environment where 

helium is created by (n, α) transmutation reactions and the fusion divertor material 

environment where helium is directly implanted. This work was performed in 

collaboration with LLNL, PNNL, UC Berkeley and UCLA. 

Abe et al. performed molecular dynamics calculations to investigate dynamical 

interactions between an SFT and a dislocation, and they estimated the effects of the 

interaction on radiation-induced hardening. Also, they investigated the migration 

behavior of a crowdion bundle (i.e., a small self-interstitial atom loop) using a molecular 

dynamics technique. They compared the calculation results with in situ TEM 

observations. This work was performed in collaboration with ORNL. 

Fundamental understanding of metal/ceramics bonding will provide useful guideline 

to develop a robust coating technique. Satou et al. performed ab-initio calculations to 

investigate bonding states between vanadium and coated CaO. Ideal peak interfacial 

strength between vanadium and CaO was evaluated using universal binding energy 

relation to be 6.4 GPa. Evaluation of other combinations of metals/ceramics and the effect 

of crystal orientation showed that 

atomistic configuration at the 

interface strongly related the ideal 

strength of the interface. This work 

was done in  collaboration with 

UCLA and CSUN. 

SiC/SiC composite materials 

are proposed candidates for fusion 

structures, but the formation 

mechanisms of defect clusters in 

the material are not well understood. 

Watanabe et al. are now 
 

Fig. 1. Arrhenium plot of bubble growth rate. 
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investigating formation energy of small self-interstitial atom loops in SiC, using a 

molecular static calculation technique.  

Each of these studies is really important for fusion materials science and technology. 

Further efforts to achieve the final goal “M3D” should be made using findings obtained 

from these studies.   

Sharafat et al. investigated the transport of helium in irradiated materials driven by 

spatially dependent fields, such as temperature and stress gradients. To this end modeling 

of helium transport through finite geometries thus requires a spatially dependent helium 

transport model. A spatially resolved rate-theory based helium bubble evolution code was 

developed at UCLA, called HEROS (Helium Bubble Evolution and ResOlution Code). 

The HEROS bubble evolution model is based on a simplification of hierarchical kinetic 

rate equations for the clustering of helium bubbles, immobile vacancy clusters, glissile 

interstitial clusters, sessile dislocation loops, as well as precipitates and grain boundaries.  

The HEROS code models helium transport through a finite media allowing for space and 

time inhomogeneities caused by spatially dependent temperature- and stress fields, as 

well as inhomogeneous production or implantation rates. The HEROS was applied to 

model low energy helium implantation data in tungsten. Space and time dependent 

helium bubble size distributions in helium implanted tungsten were developed. The 

HEROS code uses the helium implantation test characteristics and shows that the 

transport of helium bubbles is a strong function of temporal and spatial temperatures, and 

temperature gradients. Helium recycling rates determined by the HEROS code also 

compared well with experimental data.  

The primary goal of this research is to extend the “M3D” findings on radiation 

damage and defect formation and evolution, to predict engineering properties and 

performance of materials, particularly due to the formation of helium during fusion 

neutron exposure of metals. 

 

3-9-4  Information technology for modeling and integration of data and model: 

 

Improved accessibility to the latest and up-to-date material properties for fusion 

scientists and engineers is being addressed by Sharafat et al. through an effort to develop 

an online, interactive, scalable, and highly automated fusion materials properties database. 

Internet technology is providing the means to develop an efficient on-line fusion 
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materials database. By combining advanced Internet programming with Relational 

Database Management Software (RDBMS) an effective technology for online and 

interactive materials property database web site with Internet efficiency is being 

developed for the fusion research community.    The database is called “FusionNET©” 

and can be accessed at http://fusionnet.seas.ucla.edu. Key features of the FusionNET 

database are that publishing and updating of content is performed with the involvement of 

the fusion materials property data community: (1) data is presented with a uniform 

standard in both graphical and tabular format; (2) original publications of hosted data is 

available in PDF format; (3) search engines can readily locate available data upon 

request; (4) the materials database is automatically expandable; (5) older data is never 

removed, new data is simply added to the database; (6) new data can be submitted over 

the Internet directly to the site; (7) quality assurance can be performed with direct 

involvement of the data’s author.  Another advantage of the FusionNET material property 

database is that equivalent design equations can be generated for all tabulated data. A link 

is provided to choose from a large number of empirical and/or physical based design 

equations of materials property data.  The materials data is categorized into 

thermo-physical, mechanical, chemical, and microstructural properties, which are readily 

accessed using both textual information and thumbnail sketches. The database is 

currently hosting data on a number of structural metallic and ceramic materials, breeder 

materials, refractory alloys, and SiC. 

 

3-9-5 Summary 

 

The topics that we have devoted ourselves for this project were as follows:  

(1) code development for evaluating atomic displacements due to neutron irradiations,  

(2) multiscale modeling of helium effects in irradiated materials,  

(3) interface damage modeling in irradiated alloys and compounds,  

(4) modeling of microstructural evolution of vanadium alloys under irradiation,  

(5) modeling of radiation damage in advanced SiC/SiC composites,  

(6) modeling of mechanical deformation through multiscale simulations,  

(7) the development of MD-FEM combination methodology, 

(8) calculation of ideal interfacial strength between vanadium and oxide ceramics,  

(9) information technology for modeling and integration of data and model.  
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4. Research report

Task	1-1-A
(1) Initial studies of tritium behavior in flibe and flibe-facing material
(2) Quantitative measurement of beryllium-controlled redox of hydrogen 

fluoride in molten Flibe
(3) Interactions between molten Flibe and metallic Be
(4) JUPITER-II molten salt Flibe research: An update on tritium, mobilization 

and redox chemistry experiments
(5) Reaction Rate of Beryllium with Fluorine Ion for Flibe Redox Control

Task	1-1-B
(1) PIV Technique for measurement of turbulent flow under magnetic fields
(2) The influence of a magnetic field on turbulent heat transfer od a high 

Prandtl number fluid
(3) Direct numerical simulation of MHD flow with electrically conducting wall
(4) DNS and K-epsiron model simulation of MHD turbulent channel flows with 

heat transfer
(5) Experimental research on molten salt thermofluid technology using a high 

temperature molten salt loop applied for a fusion reactor Flibe blanket 
(6) Experimental investigation of turbulent heat transfer of high Prandtl  

number fluid flow under strong magnetic field
(7) Heat transfer performance for high Prandtl and high temperature molten salt 

flow in sphere-packed pipes
(8) Experimental study of MHD effects on heat transfer characteristics on  

turbulent pipe of flibe stimulant fluid 
Task	1-2-A

(1) Advances in development of vanadium alloys and MHD insulator coatings
(2) Recent progress in the development of electrically insulating coatings for a 

liquid lithium blanket
(3)	Initial characterization of V-4Cr-4Ti and MHD coatings exposed to flowing Li
(4) Tensile property of V-4Cr-4Ti alloy after liquid lithium exposure
(5) Biaxial thermal creep of two heats of V4Cr4Ti at 700 and 800oC in a liquid  

lithium environment
Task	1-2-B

(1) Recent progress on development of vanadium alloys for fusion
(2) Effects of doping elements on oxidation properties of V–Cr–Ti type alloys 

in several environments
(3) Microstructural examination of V- (Fe or Cr)-Ti alloys after thermal-creep 

or irradiation-creep tests
(4) Manufacturing pressurized creep tubes from highly purified V-4Cr-4Ti 

alloys, NIFS-Heat2
(5) Creep mechanism of highly purified V-4Cr-4Ti alloys during thermal creep 

in a vacuum
(6)	Tungsten coating on low activation vanadium alloys by plasma splay process
(7) The microstructure of laser-welded V-4Cr-4TI alloy after neutron irradiation
(8) Modeling the multiscale mechanics of flow localization-ductility loss in 
irradiation damaged BCC alloys using hysteresis loop analysis of tensile test



Task	2-1
(1) Optimization and characterization of chemical vapor infiltrated SiC/SiC 

Composites
(2) Tensile strength of chemical vapor infiltrated advanced SiC fiber composites 

at elevated temperatures 
(3) Tensile and thermal properties of chemically vapor-infiltrated silicon 

carbide composites of various high-modulus fiber reinforcements
Task	2-2

(1) Impact of material system thermomechanics and thermofluid performance 
on He-cooled ceramic breeder blanket designs with SiCf/SiC

(2) Experimental study of the interaction of ceramic breeder pebble beds with 
structural materials under thermo-mechanical loads

(3) Numerical characterization of thermo-mechanical performance of breeder 
pebble beds

Task	2-3
(1) The effect of high dose/high temperature irradiation on high purity fibers 

and their silicon carbide composites
(2) Neutron irradiation effects on high-crystallinity and near-stoichiometry SiC 

fibers and their composites
(3) Effect of He pre-implantation and neutron irradiation on mechanical 

properties of SiC/SiC composite
(4) Mechanical properties of advanced SiC/SiC composites after neutron 

Irradiation
(5) Current status and critical issues for development of SiC composites for 

fusion applications
(6) Evaluation of Fiber/Matrix Interfacial Strength of Neutron Irradiated SiC/

SiC Composites 
(7) Mechanical properties of advanced SiC/SiC composites after neutron 

Irradiation

Task	3-1
(1) Innovative liquid breeder blanket design activities in Japan 
(2) Neutronics investigation of advanced self-cooled liquid blanket systems in 

helical reactor
(3) Tritium control for Flibe/V-alloy blanket system 

Task	3-2
(1) MD and KMC modeling of the growth and shrinkage mechanisms of 

helium-vacancy clusters in Fe
(2) Nucleation path of helium bubbles in metals during irradiation
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Flibe-tritium experiment in the Japan-US joint 

project (JUPITER-II) was initiated in 2001. H/D isotopic 
exchange experiments were conducted to select a Flibe-
facing material. Because of hydrogen isotope interactions 
with carbon, Ni crucibles were selected for Flibe/tritium 
behavior experiments. A Flib-tritium pot with two Ni (or 
Cu) permeable probes was designed. The rate of the 
overall tritium permeation through the Flibe-facing Ni or 
Cu was estimated by numerical simulation using TMAP4 
code. Diffusion in bulk Flibe was found to be the rate-
determining step for purified Flibe. 

 
1. Introduction 

 
Flibe (LiF-BeF2 molten salt) has been considered a 

promising blanket material of a fusion reactor [1], 
because of low electron conductivity, i.e. low MHD effect, 
low tritium solubility, i.e. low tritium inventory, low 
reactivity with water and oxygen and so on. Flibe was 
also known as a heat transfer fluid for a molten salt 
reactor that was intensively investigated in ORNL [2]. 
Although a lot of physical or chemical properties were 
determined previously, tritium behavior in Flibe is less 
well understood. For example, there are few data 
available on diffusivity or the mass-transfer coefficient of 
hydrogen isotopes including tritium in Flibe except for 
Japanese researchers [3,4]. Thus, a Flibe-tritium 
chemistry study was initiated in 2001 as part of the Japan-
US joint project (JUPITER-II) [5]. In the first year of the 
project, experiments of Flibe handling, purification and 
tritium behavior in Flibe are being carried out. A purpose 
of our research is to determine tritium behavior in Flibe 
that is purified by He and then HF/H2 gas bubbling. As an 
initial study, results of preliminary research of tritium 
behavior in a Flibefacing material are presented here. 
 
2. Blank experiment 
 

Experiments were conducted to select a Flibe facing 
material to be used for our Flibe-tritium experiment. 
Graphite with a glassy carbon impregnation on surfaces 
was considered one of the most promising candidate 
materials for the experiment because of high resistance to 
corrosive Flibe and HF [5]. Highly purified H2 or D2 

mixed with He of a constant flow rate (100cm3(STP)/min) 
was introduced into a stainless-steel 316 pot with or 
without a glassy carbon crucible and Flibe. The residual 
gas exhausted from the pot system was analyzed by a 
closed-ion-source-type quadrupole mass spectrometer that 
has a very low background. Fig. 1 shows a comparison of 
the residual gas under the following three experimental 
conditions: (a) only stainless-steel 316 pot, (b) stainless 
steel 316 pot-glassy carbon crucible and (c) stainless-steel 
316 pot-glassy carbon crucible-Flibe. Temperature is 
600C. No appreciable release of hydrocarbons was 
observed in the stainless-steel 316 pot test. On the other 
hand, a small amount of hydrocarbons was released in the 
experiment with the carbon crucible. The release of 
hydrocarbons was strongly enhanced by the presence of 
Flibe. Fig. 2 shows variations of mass-spectrum peaks 
from m/e=15-20 with time when D2 was supplied to the 
stainless-steel pot and the glassy carbon crucible without 
Flibe. Glassy carbon at 600C was found to hold a certain 
amount of H atoms even after sufficient (around 2 days) 

 
 
Fig. 1. Comparison of mass-spectrum peaks of residual gas; 
(a)stainless steel 316 pot, (b) stainless-steel pot and carbon
crucible, (c) stainless-steel pot, carbon crucible and Flibe. 
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He purge before the D2 supply. The H amount trapped in 
the carbon crucible was evaluated to be 54 ml (STP) from 
the experiment of the isotopic exchange of D with H 
atoms. The hydrogen amount dissolved in Flibe was 
observed to be much less than that trapped in the carbon 
crucible [6,7]. The H atoms also exchanged with D in 
deuterocarbons, as seen in the respective peaks of 
m/e=15-20 in Fig. 2. The peak of m/e=15 may correspond 
to CH3

+, m/e=16 to CH2D+ and CH4
+, m/e=17 to CHD2

+ 
and CH3D+, m/e=18 to CD3

+ and CH2D2+, m/e=19 to 
CHD3+ and m/e=20 to CD4

+ and HF+. The slope of the 
mass-spectrum curves of m/e=15-17 decreases, while 
those of m/e=18-20 are almost constant or even increasing. 
This means that deuterided methane was generated by the 
interaction of carbon with D exchanged with H atoms 
trapped in the glassy carbon. Thus the use of glassy 
carbon was considered not appropriate for our Flibe-
tritium experiment. Carbon is known as a compatible 
material with Flibe and was used in the molten salt reactor 
experiment [2]. Generation of methane in the present 
experiment may be related to interaction between 
hydrogen and carbon impurities in Flibe. To ensure that 
our Flibe/tritium behavior experiments are not influenced 
by tritium interaction with carbon, we decided Ni to be 
the most reliable candidate as a crucible material for 
experiment under a very low impurity level. 

 
3. Flibe-tritium permeation pot 
 

�3.1. Design of flibe /tritium permeation pot 
Tritium behavior in Flibe and Flibe-facing materials 

is being investigated using a Flibe pot system containing 
Ni crucible and two permeation probes. The pot system 
was designed based on the following considerations: (1) 

one (or quasi-one) dimensional permeation, (2) easy 
operation, (3) low tritium leak to the glove-box 
atmosphere, and (4) low tritium inventory. Fig. 3 shows a 
schematic illustration of the Flibe-tritium permeation pot 
system. The pot has two cylindrical probes fabricated 
from Ni or Cu. A central Ni probe is maintained at a 
constant tritium pressure. Another outer probe is swept by 
purified He. The cover gas over Flibe is He. Permeated 
tritium is detected by ionization chambers. Thus the two 
probes can detect an overall permeation rate from the 
upstream probe through fluid Flibe to the downstream He 
purge gas. Comparison of the transient and steady-state 
permeation rates between experiment and analysis gives 
information on tritium diffusion coefficient in Flibe or 
permeation coefficient in metal. In the present paper, the 
analytical calculation results are presented below. 

 
3.2. Diffusion equations and solubility relations 
 

We considered more general situations where the 
diffusion process in a fluid film is different from that in 
bulk Flibe. This condition also includes a case where 
migration process on metal surfaces affects the diffusion 
process in the fluid film [8]. A one-dimensional overall 
tritium diffusion rate was calculated from the upstream 
probe through Flibe to the downstream probe. Mass 
transfer steps taken into consideration are six diffusion 
processes; (1) through the upstream Ni probe wall, (2) in 
the upstream surface film, (3) in bulk Flibe, (4) in the 
downstream surface film, (5) through the downstream 
probe wall, and (6) in the downstream He purge gas. The 
recombination process on the metal surfaces was assumed 
to be very fast. The diffusion equation for respective 
layers is described as follows: 

 

 
 
Fig. 2. Variations of mass-spectrum peaks of m/e=15-20 
with time. 

 
Fig. 3. A schematic diagram of the two-probe pot. 
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The tritium diffusion equations were simultaneously 

solved using the TMAP4 code [9]. The diffusion 
coefficients in Ni and Cu were given by a previous paper 
[10]. That in Flibe was reported in previous work [5,11]. 
Since tritium solubility is described by the Sieverts’ law 
in Ni and Cu [10] and the Henry law in Flibe [7,10], the 
boundary conditions are given for each interface as 
follows: 
 

 
 
 

3.3. Calculation of tritium permeation 
Fig. 4a, b are examples of the calculational results. 

The tritium pressure in the upstream probe, pup, that in 
He cover gas, pHe, and that in the downstream probe, 
pdown, are shown by a solid line. The downstream overall 
tritium permeation rate, jdown, is depicted by a dotted line. 
The steady state values of pdown and jdown that can be 
calculated in analytical way are also shown in the figure 
by short horizontal chain lines extending from the right y-
axis. The calculations of pdown and jdown by the TMAP4 
code are almost coincident with those by the analytical 
one. 

Several things were found from the two calculations. 
(1) The rate-determining step is diffusion in bulk 

Flibe. (2) The steady-state tritium permeation rate is 
almost unchanged regardless of the downstream Ni and 
Cu probes. (3) The time to reach the steady-state 
permeation for the Cu probe is smaller than that for the Ni 
probe. This is because the tritium diffusion coefficient in 
Cu is about ten times larger than that in Ni. (4) The 
tritium pressure in the He cover gas is about half of that in 
the upstream Ni probe. 

Fig. 5 shows the rate-determining step for various 
tritium pressures in the upstream probe and for various 
Flibe-metal interface conditions. The reciprocal of the 
value on the vertical axis corresponds to the mass-transfer 
resistance of migration through a film formed on Ni 
surfaces. It is assumed that both probes are made of Ni. 

Several things were also found from calculations of 
different diffusion coefficients in film, different probe 
distances and so on. (1) Diffusion in fluid Flibe is the 
rate-determining step under a usual tritium pressure if the 
migration resistance is ignored. (2) The steady-state 
permeation rate is almost in proportion to DFlibe/d. (3) 
Time to reach the steady-state permeation is almost in 
proportion to d2/DFlibe. (4) If He gas is bubbled into bulk 

 
Fig. 4. Rate of transient tritium permeation through Ni 
upstream and Cu downstream probes. (b) Rate of transient 
tritium permeation through Ni upstream and Ni 
downstream probes.

 
 
Fig. 5. Rate-determining step of overall tritium 
permeation through Flibe-facing Ni. 
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Flibe, transient time can be made very short. 
The present system was analyzed under a static Flibe 

condition. The calculation is still applicable to a Flibe 
system under a turbulent flowing condition. Then, the 
characteristic distance d in the above discussion is 
replaced by the boundary layer thickness, d, or the DFlibe/d 
is replaced by the mass-transfer coefficient, kFlibe. 

 
4. Conclusions 

 
H/D isotopic exchange experiments were conducted 

to select a Flibe-facing material. Because of hydrogen 
isotope interactions with carbon, Ni crucibles were 
selected for Flibe/tritium behavior experiment. The 
overall transient tritium permeation rate between the 
upstream and downstream probes was evaluated well by 
the TMAP4 code. The rate-determining step was the 
diffusion in Flibe in usual cases. 

 
5. Nomenclature 

 
cj : tritium concentration in Flibe (molecule per m3) or 
tritium concentration in metal (atom per m3) 
d : distance between two probe surfaces 
Dj : tritium diffusion coefficient in Flibe or metal (m2/s) 
Hj : Henry constant (atom per m3 Pa) 
Ko : tritium migration factor through film formedon metal 
surfaces (mol/ms) 
p : tritium pressure (Pa) 
Sj : Sieverts constant (atom per m3 Pa0.5) 
t : time 
to : thickness of film formed on metal surfaces (m) 
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Abstract  
In order to investigate the viability of using Be as a redox agent in a molten Flibe (2LiF–BeF2) blanket, a 
series of kinetics experiments were performed in which HF was bubbled through Flibe with varying 
concentrations of dissolved Be. The feed gas consisted of 910–1800 ppm HF and 0.1–0.2 vol.% H2, with the 
balance comprised of He. A cylindrical rod of Be was contacted with the salt for periods of time ranging from 
600 to 3600 s, resulting in mole fractions in the salt ranging from 4.3 x 10

− 5 
to 2.6 x10

− 4
. Initially, high HF 

conversion levels in excess of 90% were observed. As HF reacted with the Be, the conversion levels slowly 
dropped over a period of several hours to a few days. A simple kinetic model, which is first order in both HF 
and Be concentration has been coupled with a non-mixed reactor model to yield a good fit to the data. 
Application of this model indicates that Be should be suitable for keeping the TF concentration in the salt 
below 0.02 ppb.  
 
1. Introduction  

Molten Flibe (BeF2–2LiF) is currently under 
consideration as a blanket and coolant for both 
magnetic and inertial fusion systems [1,2]. This is 
because Flibe is very stable chemically and is an 
excellent attenuator of neutrons. One matter of 
concern for this application of Flibe, however, is the 
potential for generating corrosive TF molecules as a 
consequence of the reaction of neutrons with both 
Li-6 and Li-7. A redox agent is, thus, needed to 
reduce the T in TF to T2.  

A number of different redox agents have been 
considered, including Be, Ce, and Eu. Be is a more 
attractive candidate than Ce or Eu due to the fact 
that BeF2 is already a major component in the salt. 
The gradual accumulation of CeF3 or EuF3 in the 
salt would eventually necessitate salt purification or 
disposal and replacement. Both of these options 
would be costly. On the other hand, the rising BeF2 
concentration in the salt would only require addition 
of LiF to keep the salt near the eutectic 
composition.  

Some previous work has been reported that 
indicates Be is capable of serving as a redox agent 
in Flibe, keeping the TF concentrations low [3]. But 
no quantitative measurement of the rate of the 
Be–TF redox reaction is known to have been made. 
The objective of this study was to perform such 
measurements with the goal of obtaining useful 
kinetic data that could be used to rigorously validate 
the feasibility of using Be as a redox agent in Flibe. 
Of particular interest is whether the inclusion of Be 
in the salt can keep the TF concentrations below a 
level which would prevent the corrosion of 
structural materials.  

2. Kinetic model development  

It has been estimated that more than 90% of the 
T bred in the blanket will form TF, with the 
formation rate ranging from 1.2x10

18 
to 1.33 ×10

18 

atoms TF per m
3 
per second in the blanket [4]. For 

the experiments reported in this paper, the mass of 
salt was approximately 0.55 kg. In order for 
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experiments to be run under the appropriate 
conditions, the HF feed rate would need to be 5.5 
x10

− 10 
mol/s. Due to the volume of the test reactor, 

the total gas flow rate needed to be on the order of 
100 cm

3
/min (1.7x10− 6 

m
3
/s) or higher, assuming 

standard conditions. The HF feed concentration 
would need to be about 8 ppm. Due to reaction, the 
HF concentration in the effluent would be 
considerably less. This concentration level would be 
virtually undetectable using the measurement 
methods available. Thus, it was necessary to run 
experiments with an HF flow rate two orders of 
magnitude higher than would be typical for a fusion 
system. A model was then developed to facilitate 
extrapolation to lower HF concentrations. This 
section of the paper covers the development of this 
model. The next section will show how the 
measured data fit the model. It will then be 
demonstrated how extrapolation of the model 
predicts redox performance under actual fusion 
blanket conditions.  

A kinetic model has to first consider the relative 
importance of homogenous versus heterogeneous 
reactions. HF can be either in the gas phase or 
dissolved in the molten salt phase. Beryllium can be 
either in the solid phase or dissolved in the molten 
salt phase. Since early experiments indicated that 
Be had a high solubility in Flibe at the temperature 
of interest [5], it was decided to run the experiments 
in such a way as to minimize the extent of HF 
reaction with the Be surface. So, the model could 
then ignore this mechanism. As for the state of HF, 
it was assumed that equilibrium is rapidly reached 
for HF between the molten salt and vapor phases. 
Henry’s Law could then be used to relate the 
concentration of HF in the vapor phase to its con-
centration in the liquid phase. And it was assumed 
that the actual redox reaction occurred solely in the 
molten salt phase.  
The model itself consists of an intrinsic kinetics 
model as well as a reactor model. The intrinsic 
model neglects heat and mass transfer resistances 
and simply states the reaction rate as a function of 
species concentrations. The chosen intrinsic 
reaction rate ( )is given below. The unknown 
kinetic rate parameter is k. The mole fraction of HF 
in the gas phase is yHF. The mole fraction of Be in 
the liquid phase is xBe. The mole fraction in the salt 
phase is based on total moles of salt using 33 g/mol 
as the molar weight rather than 98.9 g/mol, which is 

representative of 2LiF–BeF2 being considered to be 
one molecule.  

  (1)  

A Henry’s Law constant is essentially embedded 
into the value for k, since the above equation is 
written in terms of the gas phase concentration of 
HF, not the liquid phase concentration. Assuming 
the gas bubbles containing HF traverse a 
fixed-length path through the salt without any 
backflow or mixing, the following differential 
equation can be used to determine the spatial 
dependence of the HF concentration in the gas 
phase. The distance along the path is l, the 
cross-sectional area of the path is A, and the total 
molar flow rate of gas through the path is ˙ntot.  

=    (2) 

 

Integrating over the path length yields a relationship 
between conversion of HF (f) and xBe. The effective 
volume of the bubble’s path is VR, defined by the 
total distance times the cross-sectional area (A). 
This reactor model is mathematically equivalent to a 
plug flow reactor (PFR).  

     (3) 

Conversion is a function of time, because xBe 
decreases with time. Assuming that the HF 
consumption is only due to Be consumption, Eq. (4) 
canbe derived which is a Be material balance. The 
moles of salt in the system is represented by ns, the 
initial mole fraction of Be in the salt is x

Be
0, and the 

initial mole fraction of HF in the gas phase is yHF 
0 

 

  (4)  

Simultaneously solving Eqs. (3) and (4) resultsin Eq. 
(5) inwhich xBe is implicitly defined as a function 
of time.  

 (5) 
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To determine the conversion of HF at any time, 
the initial Be concentration in the salt is first needed. 
Then, Eq. (5) isused to calculate the Be 
concentration at time t. This information is then 
plugged into Eq. (3) to yield the conversion. 

 
3. Experimental results and discussion 
 
3.1. Description of experimental system and 
procedure 
 

A simplified diagram of the system used 
forobserving the HF–Be redox reaction is shown in 
Fig. 1.Amixture of H2, He, and HF gases was 
flowed into the  

 

Fig. 1. Test system for measuring redox kinetics.  

test reactor containing molten Flibe at 803 K, while 
the effluent was channeled through a mass 
spectrometer (VG Quadrupole) followed by an 
autotitrator (Schott Titronic Universal). The 
preparation and purification of the Flibe used in this 
study is described in detail elsewhere [5–7]. The 
autotitrator used 0.1N NaOH to maintain the pH 
constant while gas containing HF was bubbled 
through a stirred titration cell. Effluent from the 
titration cell was directed into soda lime beds to 
react any residual HF that may be present in the gas. 
Experiments with two titration cells placed in series 
verified that virtually all of the HF was neutralized 
in the first titration cell.  

A more detailed drawing of the reactor is shown 
in Fig. 2. Its design was intended to support 
controlled reaction between Be and HF in the 
molten salt phase. The HF was introduced into the 

system via bubbling into the salt in a gas mixture 
that also contains H2 and He. The H2 was intended 
to minimize the likelihood of HF reacting with 
metal components in the system hardware. The He 
was a carrier gas so that the total actual flow rate 
was about 7.5x10− 6 

m
3
/s (2.2x10− 6 

m
3
/s at STP). The 

free volume inside of the reactor is estimated to be 
about 10− 3 

m
3
, so the gas residence time is about 130 

s. Beryllium could be introduced into the salt via 
dunking a cylindrical Be rod into the salt for a 
specified period of time. This rod had a diameter of 
0.0076 m and a length of 0.003 m. About 0.0019 m 
of the specimen was actually exposed to the salt. 
The rest was nestled within the mounting fixture. A 
nickel tube acted as a sheath for protecting the Be 
specimen from  

 

Fig. 2. Reactor for measuring redox kinetics.  

contact with HF or salt during times in which the Be 
was supposed to be isolated. A slow flow of He 
down through this sheath was used to prevent salt 
from rising up and coming in contact with the Be 
specimen. All other internal surfaces of 300 series 
stainless steel in the reactor were coated with nickel 
using a high velocity oxyfuel (HVOF) spray process 
to prevent HF from participating in corrosion-type 
side reactions.  

Each experiment started with the HF–H2–He 
feed gas being bubbled into the salt with the Be 
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specimen retracted. Once the HF concentration in 
the effluent stabilized at the expected level, the Be 
specimen was immersed into the salt. After 
600–3600 s, the Be was retracted while HF in the 
effluent was continually monitored for several hours 
up to a few days. Once the HF concentration in the 
effluent had again stabilized, the next experiment 
was run by re-immersing the Be into the salt for a 
different duration. The same Be specimen was used 
for each experiment reported in this paper, since the 
amount of material lost during each experiment was 
estimated to be very low. 

3.2. Be dissolution  

The autotitrator data from the redox experiments 
were used to estimate the amount of Be that dis-
solved into the salt for each experiment. In each 
case,  

 

Fig. 3. Effect of dunk time on the initial mole fraction of 
beryllium in the salt.  

the difference in the moles of HF, which would 
have titrated without any reaction occurring and the 
moles of HF, which were actually titrated was 
calculated. Some experiments were not included in 
this analysis due to evidence that either the Be was 
not completely consumed in the experiment or the 

initial HF concentration had not stabilized prior to 
dunking Be into the salt. The results of the analysis 
are shown in Fig. 3, where mole fraction of Be in 
the salt is plotted versus time. The symbol at the 
origin is not a data point in the literal sense. It is an 
assumed initial condition.  

The linearity of the plot in Fig. 3 suggests a 
simple mass transfer model of the form shown in Eq. 
(6), with the saturated concentration term being 
very high compared to the measured concentrations. 
The fact that the saturated Be concentration is very 
high is supported by saturation experiments which 
were performed and reported elsewhere [5].  

    (6) 

Since C
sat 

Be 
is much greater than CBe, this equation 

simplifies to Eq. (7).  

          (7) 

The approximate area of exposed surface, ABe,is  
5.0 × 10

− 4 
m

2
. The saturated concentration of Be 

in the salt has been estimated to be 21 mol/m
3 
based 

on results published elsewhere [5]. And the total 
moles of salt, ns, is about 16.7. Thus, h is calculated 
to be 1.1 ×  10

− 4 
m/s, based on these given 

assumptions.  
 
3.3. Redox reaction kinetics 
 

Table 1 gives a summary of conditions for each 
redox experiment reported in this paper. Previous 
experiments ran but not included in this table 
appearedto be affected by the presence of reactive 
impurities in the salt or on metal surfaces. As 
expected, the HF concentration in the effluent 
dropped rapidly within a matter of minutes after the 
Be was initially dunked into the salt. As shown in 
Fig. 4, the conversion of HF peaked above 90% for 

Table 1 
Summary of HF–Be redox experiments in Flibe 
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each run and then required as much as 60 h to return 
t o zero. The curve fits shown in Fig. 4 were based 
on the model from Section 2 of this paper and 
appear to be reasonably representative of the data. 

The decrease in HF conversion was attributed to 
the slow consumption of dissolved Be in the salt. 
The integrated moles of HF converted was used to 
estimate the mole fraction of Be in the salt (xBe) as 
a function of time. In Fig. 5, conversion is plotted 
versus xBe. The model based on Eq. (3) predicts 

nearly a single curve for all of these experiments, 
since ˙ntot is close to identical for all runs. 
Interestingly, Eq. (3) predicts no dependence on 
initial HF concentration. And Fig. 5 shows that the 
one experiment with an appreciably higher HF feed 
concentration relative to the rest (REDOX-9) 
demonstrated results very close to the rest. There 
may be a slight HF concentration dependence, since 
the conversion data points from REDOX-9 are a 
little lower than the rest. But the magnitude of the

difference is not very large. Intuitively, it was 
expected that the order of the HF concentration 
dependence in the intrinsic rate equation should be 
2. But fits involving such a model were poor in 
comparison to the ones that assumed an order of 1 
for the HF dependence. More experiments are 
needed with a larger variation in conditions to 
develop confidence in the order of the HF 
concentration dependence. Assuming that the given 
model is close enough to be useful, it is impressive 
that the curves generated in Figs. 4 and 5 are based 
on a single kinetic parameter (k). However, since 
the volume of the reactor in the model (VR) is an 
artificial construct based on the path traversed by 
the bubbles, k cannot be definitively separated from 
kVR. The best fit value of kVR was estimated to be 
2.25 mol/s. 

 

 
Fig. 4. HF conversion vs. time for redox experiments.  

 

 

 
Fig. 5. HF conversion vs. mole fraction of beryllium in the salt. 
 
3.4. Extrapolation of kinetics to blanket conditions  

As mentioned previously, it is assumed that there 
would be a TF generation rate of  
1.2x10

18 
molecules/m

3 
s(2x10− 6 

mol/m
3 
s) in the Flibe 

in a real fusion system. This must necessarily be 
balanced by the rate of redox with Be. Eq. (8) 
represents this relationship.  

 (8)  

Unfortunately, the kinetic model was only solved so 
that the combined product kVR is known. VR is an 
artificial construct, as mentioned previously. While 
neither VR nor k can be individually specified from 
the available experimental data, it is possible to 
place a lower bound on k by placing an upper bound 
on VR. Assume VR is the entire volume of salt used 
in the experiment (2.75x10− 4 

m
3
). This is expected 

to be a gross over-estimation of VR and thus a gross 
underestimation of k. But if k is still large enough to 
keep the TF concentration in the salt low, then the 
feasibility of Be-controlled redox will be 
convincingly supported.  

It is also necessary to convert from yHF to xHF, 
since it is the TF concentration in the salt, not the 
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vapor phase, which is critical with respect to corro-
sion. For low concentrations of HF in Flibe, 
Henry’s Law has been found to be valid [8]. The 
Henry’s Law constant at 773 K is 3.3x10

− 9 
mol 

HF/mol salt Pa [8]. Assuming the total pressure for 
the experiments was 8.5x10

4 
Pa, the following 

equation should satisfy the requirement for 
consuming TF as fast as it is produced.  

    (9)  

Experiments have indicated that Be solubility in the 
Flibe at 803 K is about 0.087 wt.% (xBe = 0.0032) 
[5]. At this level, the TF concentration in the salt 
could be maintained at a level well below 0.02 ppb. 
This is expected to keep the corrosion rate 
acceptably low 

4. Conclusions  

The Be–TF redox reaction has been quantitatively 
studied using HF in molten Flibe at 803 K. A series 
of kinetics experiments were run with HF feed 
concentrations ranging from 910 to 1800 ppm. 
Though this is too concentrated to be representative 
of conditions for a Flibe-based fusion system 
blanket, a kinetic model was derived and fit to the 
data. This kinetic model was used to estimate how 
low the TF concentration could be controlled by Be. 
That level appears to be no higher than 0.02 ppb, a 
magnitude well below that which is expected to lead 
to high rates of corrosion in the system. However, 
the initial HF concentration dependence in the 
kinetics model has not been well tested. Thus, more 
experiments with widely varying initial HF con-
centrations are necessary to develop confidence in 
the model and its extrapolation to realistic process 
conditions 
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To understand the interactions between molten Flibe 

and Be, a metallic Be rod was immersed in molten Flibe 
at 803K under He atmosphere for 210 h. The Be rod was 
significantly eroded during immersion in molten Flibe, 
and the Flibe changed from a clear crystal to a brownish-
gray marble-like appearance. The concentration of Be0 in 
Flibe was evaluated by dissolving salt samples in acid 
solutions. This dissolution test is based on the reaction of 
Be0 with proton ions in the acid solutions to generate H2. 
Hydrogen gas was generated from Flibe contacted with 
Be under flowing He. The amounts of gas generated 
corresponded to mole fractions of [Be0]/[Flibe] ranging 
from 9.9×10−4 to 7.6×10−3. On the other hand, no H2 was 
generated from Flibe that was not exposed to Be or which 
was exposed to Be and then given significant H2–HF–He 
bubbling. These observations showed that Be does, indeed, 
dissolve in Flibe as Be0. The fact that no Be0 was 
detected after bubbling H2–HF–He into the salt indicates 
that Be0 is an effective redox agent for reacting HF. 
 
1. Introduction 
 

Molten Flibe (2LiF–BeF2) is one of the candidate 
materials for liquid blanket breeding components for 
fusion reactors [1]. Flibe has many advantages as a liquid 
blanket material such as low electrical conductivity and 
low reactivity with air. On the other hand, Flibe generates 
tritium fluoride (TF) gas under neutron irradiation [2,3]. 
Since TF is a strongly corrosive gas, the pressure ratio of 
TF/T2 in the system has to be strictly controlled at low 
levels to prevent the corrosion of structural materials. 
Metallic Be has been proposed as a reductant for TF in 
molten Flibe [4–6]. It is the most suitable reductant, 
because Be acts also as a neutron multiplier. In addition, it 
is expected that this Be is made up the lost Be in Flibe 
during the neutron irradiation. The interaction between 
molten Flibe and metallic Be, however, has been scarcely 
investigated. From these viewpoints, the interaction 
between Be and Flibe and tritium behavior in Flibe have 
been extensively studied under the framework of the 

second Japan-US Program on Irradiation Tests for Fusion 
Research (JUPITER-II) [7–11]. 

In the present paper, the results of Be immersion tests 
are described. Metallic Be rods were immersed in molten 
Flibe at 803 K, and then the erosion of the Be and color 
changes to the Flibe were visually determined. The 
chemical state of Be in Flibe (Be2+ or Be0) was examined 
by observing H2 generation during acid dissolution. The 
analysis by means of Auger electron pectroscopy was also 
carried out. 
 
2. Experimental 
2-1. Immersion of Be rod in molten Flibe 
 

The Flibe was prepared from BeF2 (Alfa Aeasar) and 
LiF (Aldrich) powders, where the purities of both regents 
were above 99.9%. Several impurities concentrations are 
shown in Table 1. The molar ratio BeF2 to LiF was 
adjusted to be 2:1 in a glove box and then the mixed 
powder was put into a nickel crucible. Then the crucible 
was installed in a stainless steel pot and heated to 798K to 
melt the powders under He flow. 

To remove oxides in molten Flibe, HF gas was 
bubbled at 798K [10,11]. Then the Flibe was filtered to 
remove precipitates with a 60-� m sintered stainless steel 
filter. The purity of Flibe finally obtained is shown Table 
1. Details of the Flibe preparation have been described in 
previous work [10,11].  

The initial test (BeDis1) involved 20.6 g of prepared 
Flibe and a Be rod (0.525 g) in a nickel crucible. The 

Table 1 
Chemical analyses of original regents and Flibe 
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crucible was placed into a stainless steel pot. The stainless 
steel pot was equipped with gas ports to control the 
atmosphere in the pot. An electric heater surrounding the 
pot was used to control the temperature of the Flibe [7]. 
The temperature of the Flibe was raised to 803K and 
maintained for 210 h, while the plenum space in the pot 
was purged with He at 50 sccm. After cooling to room 
temperature, the pot was opened in a glove box. The Be 
rod and the Flibe were taken out from the nickel crucible 
and visually examined. An analysis by means of Auger 
electron spectroscopy was also carried out. Another 
similar test (BeDis2) was run for 74 h in a glassy carbon 
crucible. 

Also, a similar Be immersion test (BeDisHF1) was 
carried out while bubbling of H2–HF–He gas mixture 
through the salt. 

 
2-2. Dissolution of Flibe in acid solution 

 
To determine the chemical state and the 

concentration of neutral Be incorporated in Flibe by the 
immersion of the Be rods, samples of the salt were 
dissolved in acid (Table 2). This test is based on a 
reaction of reducing reagents with the proton ions in the 
acidic solution to generate hydrogen gas. For instance, if 
the reducing regent is Be, the reaction would be as 
follows: 

 
Be + 2H+− > Be2+ + H2.                    (1) 
 
Namely, Be present in the zero valence state (Be0) 

should generate hydrogen corresponding to its 
concentration in Flibe. On the other hand, the divalent 
form of Be (Be2+) would not generate hydrogen according 
to Eq. (1).  

Three types of Flibe specimens were examined by 
dissolution tests: (a) salt from BeDis1 and BeDis2 

obtained by the immersion tests under He atmosphere, (b) 
salt, identified as BeDisHF1, that had experienced Be 
immersions followed by significant H2–HF–He exposure, 
and (c) salt from hydrogen permeation experiments [8], 
PermH, which had never contacted metallic Be. 

These Flibe specimens were dissolved in H2SO4 
solutions, and any generated gas was collected using an 
inverted funnel attached to a burette. 

 
3. Results and discussion 
 
3.1. Appearance of Be rod and Flibe after immersion test 

 
Fig. 1 shows a picture of the Flibe and the Be rod 

after the immersion test under He atmosphere. The 
appearance of Flibe (BeDis1) changed from clear crystals 
to a marble-like appearance. The top surface was cloudy 
white, and various locations appeared black or reddish-
brown. 

To observe the cross section of BeDis1 and the shape 
of the Be rod, the BeDis1 salt was broken into several 
pieces by a wedge and a hammer and removed from the 
crucible. Fig. 2 shows the shape of the Be rod and the 
cross section of Flibe. Black matter was observed around 
the Be rod and at the interface between the Flibe and the 
nickel crucible. The color of the immersed Be rod 
changed from metallic silver to black. The shape of the 
Be rod was also changed significantly. Namely, the 
portion of the Be rod immersed in Flibe was severely 
eroded by molten Flibe. The top portion of the Be rod not 
immersed in Flibe retained its original shape. Since the 
immersed Be rod could not be completely removed from 
the Flibe matrix, its weight could not be measured 
accurately. The amount of Be lost to the Flibe was 
approximated by the change in the area of the cross 
section of the Be rod, where the length of the Be rod was 
assumed to be unchanged. This estimation from the Be 

Table 2 
Summary of dissolution of Flibe in acid solution 
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rod in Fig. 2 indicated a 25% decrease during the 
immersion test. The loss of weight of approximately 25% 
corresponded to a mole fraction of [Be0]/[Flibe] of 0.023. 
This calculation uses 33 g as the molar weight (denoted as 
MW) of the salt rather than the 98.9 g/mole which 
represents the MW of the 2LiF·BeF2 compound. 

 
3.2. Chemical state of Be incorporate Flibe 

 
Flibe specimens were readily dissolved in sulfuric 

acid solutions. Only BeDis1 and BeDis2 salt samples 
generated H2, and this gas appeared to be mainly 
generated from the black matter. No gas was generated 
from the PermH and BeDisHF samples. These 
observations indicated that Be was incorporated as Be0 
into the BeDis1 and BeDis2 salts and that the 
concentration of Be0 was highest in the black matter. The 
H2 generated by dissolving BeDis1 salts samples 
provided [Be0]/[Flibe] mole ratios ranging from 9.9×10−4 
to 4.2×10−3. The mean concentration of Be0 in BeDis1 
was calculated to be 2.1×10−3 by assuming that all H2 was 
generated by Be0. The ratios, however, represent only 
from 4 to 23 percent of the 0.023 mole fraction indicated 

by the sample loss reported in the previous section. This 
and possible consumption by oxidizing reagents such as 
H+ or other impurities in the Flibe may be reasons for the 
low Be0 accountability. Considering the scatter obtained 
from the acid dissolution tests, it seems likely that 
significant Be0 partitioned or segregated to surfaces 
probably during solidification. Sampling of the hot molten 
salt will be done in the future. The dissolving BeDis2 
salts gave [Be0]/[Flibe] ranging from 1.5×10−3 to 
7.6×10−3. The mean concentration in BeDis2 was 
4.3×10−3. Since these values are almost same as the result 
of the dissolving BeDis1, the concentration of Be0 in 
Flibe appeared not to be affected by the difference 
between the nickel crucible and the glassy carbon crucible. 
The mean concentration of Be0 in Flibe was estimated to 
be 3.2×10−3. 

It should be noted that BeDisHF1 specimens did not 
generate H2. This observation suggests that Be 
proportioned to the salt was completely consumed by the 
reaction withHFduring the subsequent treatments with the 
H2–HF–He gas mixtures. Namely, Be incorporated in 
Flibe acted as a reductant of HF. This is very encouraging 
with regard to the use of Be in the blanket of a fusion 
reactor to control fluorine potential [12]. 

 
3.3. Auger spectra of BeDis1 
 

The differentiated Auger spectrum of BeDis1 

 
 
Fig. 1. Top view of Flibe (BeDis1) and Be rod after heating 
at 803K for 210 h under He atmosphere. 
 

 
 
Fig. 2. Shape of Be rod and cross section of Flibe. 

 
 

Fig. 3. Auger spectrum of BeDis1. 
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specimen is shown in Fig. 3(a). Peaks for F, Li and Be 
were observed along with those for O and C. The detailed 
spectrum in low energy region is given in Fig. 3(b). 
Although the origins of several peaks have not been 
identified, the peak at 43 eV was assigned to Li in the 
state of LiF [13]. And the peak at 104 eV was assigned to 
Be in the metallic state [14,15]. The peak at 87 eV was 
assigned to Be in the state of BeF2. By assuming that the 
Auger electron was emitted by inter-atomic transition 
between Be 1 s electrons and F 2p electrons, the kinetic 
energy of Auger electron is described as: Ek=EBe1s-EF2p-
EF2p-φ. Here, the binding energy of Be 1 s electron (EBe1s) 
in BeF2 is 115.3–116.1 eV [16]. The kinetic energy Ek of 
Auger electrons corresponding to the peak at 87 eV was 
determined as 83.3 eV from non-differentiated spectrum. 
If the work function of the specimen (φ) is 0-4 eV as BeO 
and LiF prepared on metal substrates [17,18], the binding 
energy of F 2p electrons is evaluated to be 14.0–16.4 eV. 
These values are very close to the binding energy of F 2p 
electrons (EF2p) in BeF2 [19]. It should be emphasized 
that Be in the metallic state was present along with Be in 
the state of BeF2 as expected from the results of the 
dissolution tests by acid solution. 

 
4. Conclusions 
 

Interaction between Be and Flibe was studied by 
immersing a Be rod in molten Flibe under He atmosphere. 
The Be rod was significantly eroded during immersion of 
Be in molten Flibe, and the appearance of Flibe was also 
changed. The dissolution of Be immersed Flibe in acid 
solution led to the generation of H2 gas. This observation 
indicates that Be was incorporated in Flibe as Be0 and not 
as Be2+. Similar immersion tests were also carried out and 
then subjected to HF bubbling. In these cases, however, 
H2 gas was not generated during the dissolution of the 
Flibe in acid solution, indicating that incorporated Be0 
was consumed by the reaction with HF. Namely, Be 
incorporated in Flibe acted as reductant against HF. 
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Abstract  

The second Japan/US Program on Irradiation Tests for Fusion Research (JUPITER-II) began on April 1, 2001. Part of 
the collaborative research centers on studies of the molten salt 2LiF2–BeF2 (also known as Flibe) for fusion applications. 
Flibe has been proposed as a self-cooled breeder in both magnetic and inertial fusion power plant designs over the last 25 
years. The key feasibility issues associated with the use of Flibe are the corrosion of structural material by the molten salt, 
tritium behavior and control in the molten salt blanket system, and safe handling practices and releases from Flibe during 
an accidental spill. These issues are all being addressed under the JUPITER-II program at the Idaho National Laboratory 
in the Safety and Tritium Applied Research (STAR) facility. In this paper, we review the program to date in the area of 
tritium/deuterium behavior, Flibe mobilization under accident conditions and testing of Be as a redox agent to control 
corrosion. Future activities planned through the end of the collaboration are also presented.  

 
1. Background and objectives  

A key issue associated with the use of the molten 
salt, Flibe (Li2BeF4), in fusion applications is the 
control of tritium permeation and structural material 
corrosion in the blanket. Irradiation of Flibe will 
produce in-situ tritium and free (or excess) fluorine 
ions via numerous nuclear reactions. This free 
fluorine can impact corrosion processes. The 
fluorine ions can either combine with the triton 
produced to form TF, combine with other metal 
impurities in the Flibe, or remain as a fluorine ion. 
These can react with the structural metal, depending 
on the kinetics of the competing reactions. The 
tritium can also permeate through the structural 
material of the coolant system with eventual release 
to the environment.  

Thermodynamic stability of the fluoride salt 
components is quite important because molten salt 
corrosion is usually induced by reduction/oxidation 
(redox) reactions. Corrosion control is best 
accomplished by control of the free fluorine in the 
system, usually by a redox agent via the reaction:  

xM + F2 = xMF2/x  

where M is the redox agent. The redox agent if 
properly selected would tie up all of the free 
fluorine generated on each coolant pass in the 
system and thus prevent it from being available for 
reaction with the metals in the structural 
components. The fluoride chemical potential is 
defined as − RT lnpF

2 
and is plotted for a number of 

different fluoride reactions in Fig. 1. The more 
negative the fluoride chemical potential the better 
that redox agent is at controlling free fluorine 
generated in the system. Based on these results, we 
have selected Be as the redox agent for our studies. 
Be has been previ ously proposed as a redox agent 
for fusion applications such as HYLIFE-II [1]. It is 
probably the most natural choice of a redox agent in 
the fusion context since Be is needed for neutron 
multiplication in a magnetic fusion blanket to 
ensure adequate tritium breeding [2]. Other agents 
(Ce, Eu, HF/H2) do not have a low enough fluoride 
potential to suppress TF formation to a level where 
corrosion is not a concern.  
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Fig. 1. Fluoride potential for different materials.  
 

The overall tritium behavior in the system will 
be a function of the REDOX control strategy that is 
adopted. The low solubility of tritium in Flibe and 
the strongly reducing conditions expected in a 
REDOX-controlled Flibe fusion blanket would 
suggest that tritium would be present primarily as 
T2(g). The behavior of tritium with structural 
materials of interest in a REDOX-controlled Flibe 
fusion blanket needs to be understood.  

Of equal importance are the safety issues 
associated with the handling of the Flibe and its use 
as a coolant in a fusion power plant [3]. With the 
recent tightening of Be standards in the US [4], 
there is continued attention to the use of all Be 
containing compounds. There is a need to know the 
physio-chemical forms of vapors and aerosols 
produced in a spill of Flibe when it interacts with air 
or water. Although unirradiated Flibe is not 
significantly chemically reactive with air or steam, 
reaction with moist air or water is expected to 
produce HF and could mobilize tritium, 

18
F and 

other radionuclides produced during irradiation.  
Based on the key issues associated with the use 

of Flibe as a coolant in a fusion blanket, the 
objectives of our work are:  

. •to develop the capability to purify Flibe at 
the liter scale for use in the experiments;  
. •to characterize tritium/deuterium behavior 
(e.g., solubility and diffusivity) in 

REDOX-controlled and non-REDOX controlled 
Flibe;  
. •to characterize the magnitude and 
physio-chemical forms of material mobilized during 
an accidental spill of Flibe and to develop 
corresponding safe handling practices;  
. •to develop a redox agent for use in Flibe 
in a fusion blanket;  
. •to demonstrate the effectiveness of the 
redox agent in terms of structural material corrosion 
for fusion materials of interest using a simple dip 
specimens in small scale pot type experiments.  
 
2. Flibe purification, sampling and analysis  

The Flibe used in the JUPITER-II collaboration 
was prepared from reagent grade chemicals. Both 
the Be2F and LiF were listed as 99.9% pure based 
upon the metals content. Oxygen, nitrogen and 
carbon were determined by methods utilizing 
LECO

® 
equipment.  

Metals analyses were by inductively coupled 
plasma-atomic emission spectroscopy (ICP-AES) 
and mass spectrometry (ICP-MS). The powders 
were dried and weighed to provide the mole ratio of 
2:1 and then purged with helium and melted. The 
salt was then purged with gas mixtures of He, H2 

and HF at 520 ◦ C to reduce inherent oxides in a pot 
(see Fig. 2).  

The salt was then filtered through a 60-�m metal 
mesh frit during a transfer to another vessel. The 
impurities in the final product are given in Table 1. 
Measurements of beryllium and lithium in the final 
product ranged from 8.3 to 8.5 and 13.06 to 13.2 
wt%, respectively. Although these are lower than 
the theoretical values of 9.04 and 14.14 wt%, the 
lithium to beryllium mole ratios of 2.01–2.06 are 
close to the targeted composition. This suggests that 
the weight-based dis-crepancies might be due to 
absorbed water or analytical biases.  
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Fig. 2. Photograph of Flibe purification setup. 
 
 
3. Deuterium/tritium behavior  

Tritium behavior in molten salts depends 
strongly on the tritium chemical species in the salt 
and on the diffusive and solution properties of those 
species [5]. Several experiments that focused on 
characterization of tritium species in Flibe under 
neutron exposure [6–10] indicate that the tritium 
was borne as T

+ 
and most likely was bonded to F−  

in 
the salt as TF, unless there was an abundance of 
hydrogen in solution. Use of hydrogen in purge gas 
streams over and through the molten salt increased 
the hydrogen in solution, promoted changes in the 
tritium chemical species to HT via exchange reac-
tions, enhanced release of tritium from the salt to 
the gas phase above the salt, and enhanced tritium 
permeation through metal walls surrounding the 
molten salt. Only a few studies reported transport 
properties (diffusivity and solubility). Diffusion 
coefficients (500–800 

◦

C) were derived in 
experiments based on T

+ 
diffusion from a capillary 

containing irradiated Flibe into a reservoir 
containing molten Flibe [11]. Tritium diffusion as 
T

+ 
was also measured in solid Flibe at temperatures 

from 350 to 400 ◦ C [12]. Solubility measurements, 
made for H2,D2, HF and DF in Flibe at 500–700 ◦ C, 

indicated that the solubility of H2 and D2 was about 
a factor of 100 less than that for HF and DF at 600 
◦

C [13,14].  
As part of the JUPITER-II program, deu

transport experiments were conducted in a 
cylindrically symmetric, dual probe permeati
setup illustrated in Fig. 3 [15]. The assembly
consisted of a type-316 stainless-steel pot, a n
crucible for containing Flibe, two permeation
of thin-walled nickel, a gas-manifold to enabl
purge gas flow through assembly volumes, an
quadrupole mass spectrometer (QMS) for on-
measurements of the flow stream gas  

 
 

 

 

Fig. 3. Schematic illustration of cylindrically symmetric, 
permeation probe assembly. Overall dimensions of the steel pot 
were: 178-mm height and a 102-mm o.d. pot wall that was 3-mm 
thick. Nickel crucible dimensions were: 91.4-mm o.d., 85-mm i.d. 
and 150-mm height. Probe-2 was a cylindrical annulus with 
75-mm o.d., 51-mm i.d., 0.5-mm wall, and 110-mm height. 
Probe-1 was a 12-mm o.d. cylinder with 0.5-mm wall and a 
110-mm height.  

transport between the probes and the cover gas 
above the molten salt. Typically, with the pot at test 
temperature, probe-1 was pressurized with 
deuterium and QMS analysis of Ar gas from 

 
Table 1 Impurities in ingredients and final salt  

 
O (ppm) C (ppm)  N (ppm)  Fe (ppm)  Ni (ppm)  Cr (ppm)  

BeF2  5700  <20  58  295  20  18  
LiF  60  <2  78  100  30  4  
Flibe  560  10  32  260  15  16  
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probe-2 provided a measure of the deuterium that 
permeated through the walls of probe-1, the molten 
Flibe and the walls of probe-2. The barrier volumes 
and the volumes above the salt were purged with 
separate Ar gas streams that were analyzed 
sequentially with the QMS.  

Several deuterium permeation experiments were 
made with the system at temperatures of 600 and 
650 ◦ C and with a deuterium pressure of around  
9.0 × 10

4 
Pa in probe-1. Fig. 4 compares the 

results of deuterium permeation experiments at 600 
◦ C with no Flibe in the system (Exp A) and with 
Flibe filling the assembly (Exp B). Probe-2 Ar flow 
rates were 25 cm

3
/min for both experiments. For 

Exp A, measured D2 partial pressures in probe-2 
(dash–dot line) are plotted relative to the left axis. 
The Exp A deuterium transient behavior reflects the 
condition with no Ar flow through the volume 
between the probes and the case when the flow 
through the inter-probe volume was changed to 100 
cm

3
/min. The temporal deuterium behavior followed 

a traditional permeation transient, and derived 
permeability coefficients agreed with pre- 

 

Fig. 4. Comparison of measured deuterium transport data for 
experiments at 600 

◦

C with (Exp B) and without Flibe (Exp A).  

vious work [16,17]. For Exp B, measured D2 partial 
pressure data (plotted on the right ordinate) are 
shown for probe-2 (solid line) and above the Flibe 
(dash line). Because the QMS was alternately 
switched to analyze flow streams through probe-2 
and above the Flibe, the plotted data show regions 
with no scatter. Two features of the Exp B data 
reflect the influence of Flibe on permeation. First, 
there is significant time delay (on the order of 300 
minutes) in the probe-2 D2 permeation signal and in 

the buildup of deuterium above the Flibe. Second, 
the maximum D2 partial pressures in probe-2 and 
above the salt are a factor of 200 and 20 less than 
the partial pressure in probe-2 observed in Exp A. 
These results are due to the low solubility and low 
diffusivity of D2 in Flibe.  

TMAP-4 simulation calculations were used to 
evaluate the overall deuterium permeation rates in 
the Flibe/Ni/D2 system using previous literature 
transport data for these materials. These analyses 
showed that diffusion in Flibe was rate-determining 
for our experimental conditions. Results of the 
analytical fit (by adjustment of diffusivity and 
solubility values) were compared to experimental 
data measured at 600 and 650 ◦ C.  
Diffusion coefficients derived from these experi-
ments are compared to previously published data in 
Fig. 5. Our diffusion results are about a factor of 
2–5 less than those reported by Oishi et al. [11] 
forT

+ 
transport in molten Flibe, suggesting that 

deuterium was also diffusing as the D
+ 
species in our 

experiments. Both of these results are about a factor 
of 2–5 greater than those derived from the viscosity 
using the Stokes–Einstein relation, D = kT/(6πRη), 
assuming a particle radius, R, of 2 ˚ A and the 
viscosity of Flibe, 

 

 

Fig. 5. Diffusion coefficients for Flibe.  

reported by Cantor [18] for 2LiF·BeF2. The 
diffusion activation energy for the Oishi et al. data 
is consistent with the viscosity data. However, a 
two-point fit to our diffusion coefficients (a 
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dangerous approach with such limited data) yields a 
diffusion activation energy comparable to that for F
−  

self diffusion. Such a result would suggest trans-
port mechanisms similar to that postulated by 
Ohmichi et al. [19], namely ion-pair diffusion or 
exchange processes that break Be F bonds.  

Solubility coefficients derived from these experi-
ments were comparable to those for DF in Flibe, as 
reported by Field and Shaffer [14], rather than to 
those for H2,D2, reported by Malinauskas et al. [13]. 
These results suggest that the chemical potential of 
deuterium in the Flibe for the current experiments 
was greater than the chemical potential of D solute 
when the dominant species of deuterium in Flibe 
was D2. This interpretation is consistent with 
previous experiments in which a significant 
overpressure of hydrogen was required to promote 
exchange reactions with TF in the salt and facilitate 
transport of tritium in the Flibe as HT.  

Thus, these results suggest that deuterium trans-
port in the present experiments was mediated by the 
presence of a bond between D

+ 
and F−  

in the molten 
salt. This could be due to the presence of excess 
residual HF or free fluorine in the salt following the 
hydro-fluorination purification process, to ion-pair 
diffusion processes suggested by Ohmichi et al. 
[19],or to insufficient concentrations of deuterium in 
the salt.  
Future experiments will examine the solubility of 
tritium in Flibe at different partial pressures and 
different REDOX conditions.  

4. Flibe mobilization experiments  

A key safety issue associated with 
Flibe is the mobilization of vapors and 
aerosols from accidental introduction of air, 
moist air, or steam to the molten salt. 
Mobilization tests were performed with argon, 
air and moist air using a classical transpiration 
apparatus designed for vapor pressure 
determinations [20]. Whereas previous vapor 
pressures determined by Oak Ridge National 
Laboratory (ORNL) studies were conducted at 
temperatures of above 1000 

◦

C [21], current 
applications of this salt in fusion energy devices are 
around 600 

◦
C. Recent models[22,23]have been 

developed to express vapor pressures for 
temperatures more applicable to fusion energy 

applications. Olander et al. [22] compared the 
extrapolation of ORNL data with a model utilizing 
selected activity coefficients from various studies 
and prominent vapor species as identified by mass 
spectroscopy by Buchler and Stauffer [24]. The 
latter authors reported BeF2 and LiBeF3 as the 
dominant vapor species above the LiF–BeF2 system. 
Above a LiF saturated solution of 
74%LiF–26%BeF2 at 600 

◦
C these two species 

were found to exist in a ratio of 10:1. The two 
models [22,23] provide essentially the same 
pressure for BeF2 that is about 60% below the 
extrapolated ORNL data. The models differ only by 
the minor contribution attributed to lithium bearing 
species. Our study for JUPITER-II was undertaken 
to provide experimental confirmation of vapor 
pressures at the lower fusion-relevant temperatures 
and to determine influences of different 
environments, e.g., argon, dry air and moist air or 
steam possibly encountered during an accident. 
Another goal was to obtain mass flux measurements 
from conditions approximating saturation to provide 
a basis for comparison with loss of vacuum safety 
studies addressing blanket design concepts for 
APEX [25].  

Mobilization tests of the salt were performed in a 
transpiration setup similar to that described by 
Sense et al. [26] forvapor pressure measurements. A 
schematic of the test system setup in an inert gas 
glove box is shown in Fig. 6. The test chamber 
contained a nickel pipe, 2.09 cm i.d. and 51 cm long, 
that was heated in  
 

 

Fig. 6. Transpiration test setup.  

a 36 cm long resistance heated muffle furnace. Flibe 
samples were contained at the center of the hot zone 
in different types of crucibles depending on the test 
environment. An Inconel 600 tube was used as a 
probe through which vapors were transported by the 
gas flow. A steep thermal gradient existed between 
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the test region and the ends of the furnace, which 
forced condensa-tion/deposition of mobilized 
material onto surfaces of the probe and/or in packed 
quartz wool attached to the tubing. Tests were 
performed in argon, dry air and moist air (air 
saturated with water vapor at 40 ◦ C).  

Flibe salt was tested in argon at temperatures of 
500, 600, 700 and 800 ◦ C at flow rates of 25, 50 
and 100 sccm. Nickel crucibles were used for most 
tests; however, some tests were also run in glassy 
carbon crucibles. Tests with dry air were run at 
these four temperatures with flow rates of 25 and 50 
sccm. Tests in moist air were run at 600, 700 and 
800 ◦ C with flow rates of 25 and 50 sccm.  

The BeF2 and LiBeF3 partial pressures that were 
derived from the mobilized material chemical 
analyses for the argon tests are plotted in Fig. 7 
alongwith those from the previous studies and 
models [21,22,24]. The  

 

Fig. 7. Total pressure over Flibe. 

 

Fig. 8. BeF2 pressure in various environments.  

plot shows the excellent agreement at 600 
◦

C of 
this study with that of Buchler and Stauffer [24]. 

The total pressures represented by Olander et al. 
[22], which are essentially equivalent to those of 
Zaghloul et al. [23], are about 60% lower than the 
extrapolated ORNL data [21]. Total measured 
pressures for BeF2 and LiBeF3 are two to three 
times lower than predicted values. The increasing 
contribution from the lithium species in the INEEL 
data is apparent at 700 and 800C.  

Partial pressures calculated for BeF2 for all three 
test gases are shown in Fig. 8. The data for moist air 
parallels and are about one-half of those measured 
for the argon tests. The reason for the lower datum 
points in the dry air tests at 700 and 800 ◦ C is not 
known. This trend is based upon limited tests and 
some repeated tests would be needed to confirm this 
trend. The data did not show any markedly different 
volatilization rates in dry and moist air compared to 
those in argon.  

Vapor pressures calculated for lithium bearing 
species, assuming one lithium atom per molecule, 
are plotted for the various test gases in Fig. 9. No  

 

Fig. 9. Pressure of Li bearing vapor over Flibe.  
 
differences in the results can be seen between the 
environments considering the scatter within the data. 
The data are slightly higher than pressure of LiBeF3 
indicated by Olander et al. [22] and that based on an 
extrapolation of the LiF data by Sense et al. [26] 
multiplied by 0.66 the mole fraction in Flibe to 
simulate ideal solution behavior. The latter 
extrapolation was from above the 845 ◦ C melting 
point of LiF.  

Mass comparisons using probe interior ICP-AES 
measurements and sample loss for the argon test 
series in the nickel crucibles showed that about 22% 
of the material was deposited in the probe. The 
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remainder was deposited on the probe exterior and 
the walls of the test chamber. This reflects the 
diffusion and re-deposition of material down the 
temperature gradient. Mass flux calculation (kg/m

2 

h) obtained by adjusting ICP-AES measurements 
for the 22% factor generally agreed within a factor 
of two of the mass based determinations for 
individual tests. The model for safety assessments  
[25] assumes that in a spill of Flibe, the evaporation 
process from the surface becomes rate limiting by 
diffusion through the boundary layer. The boundary 
layer mass transport coefficient Km of 0.01–0.03 m/s 
derived for Flibe from this study was applied along 
with measured vapor pressures and mass based flux 
determinations to show that the vapor pressures for 
the argon tests were likely within 70% of saturation. 
This is in line with the comparison made with vapor 
pressures from the LiF study by Sense et al. [26]. 
Although the flow conditions within the test system 
are not specifically representative to the relatively 
placid conditions for a LOVA accident [25], the 
mass based flux values of 2.6 × 10

− 2 
g/m

2 
hat500 

◦

C, 7.7 × 10
− 2 

g/m
2 

hat 600 
◦

C, 3.1 × 10
− 1 

g/m
2 

hat700 
◦

C and 2.4 g/m
2 
hat 800 

◦
C could be 

used as first order approximations of evaporation 
rates. 

5. REDOX control 

A series of experiments was performed in which 
HF was bubbled through Flibe with varying 
concentrations of dissolved Be to investigate the 
viability of using Be as a redox agent in a molten 
Flibe (2LiF–BeF2) blanket. Although some 
previous work has been reported that indicates Be is 
capable of serving as a redox agent and keeping the 
TF concentrations low[27], no quantitative 
measurement of the rate of the Be–TF redox 
reaction is known to have been made. The objective 
of this work in the JUPITER-II collaboration was to 
perform such measurements with the goal of 
obtaining useful kinetic data that could be used to 
quantitatively validate the feasibility of using Be as 
a redox agent in Flibe. Of particular interest is 
whether the inclusion of Be in the salt can keep the 
TF concentrations below a level which would lead 
to structural materials corrosion.  

A simplified diagram of the system used for 
observing the HF–Be redox reaction is shown in Fig. 
10. A mixture of H2, He and HF gases was 

introduced into the test reactor, while the effluent 
passed through a quadrupole mass spectrometer 
(QMS) followed by an autotitrator. Our initial 
experiments used HF gas concentrations between 
∼ 900 and 1800 ppm in the gas phase. This 
corresponds to HF solubilities in the Flibe that are 
∼ 100–200 times higher than expected in a fusion 
blanket. The autotitrator used 0.1 N NaOH to 
maintain the pH constant while gas containing HF 
was bubbled through a stirred titration cell. The 
autotitrator and QMS yielded both consistent and 
complimentary results. The QMS directly measures 
concentration of HF in the effluent, while the 
autotitrator directly measures cumulative moles of 
HF that have been collected.  
The reactor, shown in more detail in Fig. 11,was 
designed to provide a controlled reaction between 
Be and HF in the molten salt phase. The HF was 
introduced into the system via bubbling into the salt 
in a gas mixture that also contains H2 and He. The 
H2 is intended to minimize the likelihood of HF 
reacting with metal components in the system 
hardware. The He is a carrier gas so that the total 
actual flow rate was about 300 cm

3
/min to minimize 

transport time to the QMS and titrator. A cylindrical 
beryllium rod, 0.76 cm in diameter and 3 cm in 
length was introduced into the  

 
 
Fig. 10. test system for measureing redox kinetics 
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Fig. 11. Reactor for measuring redox 
 
salt for a specified period of time. It is estimated 
that 1.9 cm of length was actually exposed to the 
salt, with the rest remaining within the mounting 
fixture. A nickel tube containing a slow flow of He 
(∼ 2–5 sccm) acted as a sheath to protect the Be 
specimen from contact with HF or salt (via capillary 
action) during times when it was not in the salt. All 
non-nickel metal surfaces inside of the reactor were 
spray coated with nickel to prevent HF from 
participating in corrosion-type side reactions.  

Each experiment started with the HF–H2–He 
feed gas bubbled into the salt with the Be specimen 
pulled out of the salt. Once the HF concentration in 
the effluent stabilized close to the expected level, 
the Be specimen was inserted into the salt. After 
10–60 min, the Be was lifted out of the salt and into 
its protective housing while HF in the effluent was 
continually monitored for times ranging from 
several hours up to a few days. Once the HF 
concentration in the effluent had again stabilized, 
the next experiment was run by re-inserting the Be 
into the salt for a different duration. The same Be 
specimen was used for each experiment because the 
amount of material lost during each experiment was 
estimated to be very low. As shown in Fig. 12, the 
effluent HF concentration as measured by the QMS 
dropped rapidly usually within a matter of minutes 
after the Be was initially inserted into the salt. The 

slow recovery of the effluent HF concentration after 
the Be was removed is  

 

Fig. 12. HF concentration measured by QMS on the outlet of the 
REDOX experiment for several Be immersion times.  

believed to be the result of continued reaction of Be 
dissolved in the salt with HF added by ongoing gas 
injection.  

The autotitrator data from the redox experiments 
were used to estimate the amount of Be that 
dissolved into the salt for each experiment. The 
results of the analysis are shown in Fig. 13, where 
mole fraction of Be in the salt is plotted versus 
immersion time.  

The linearity of the plot in Fig. 13 suggestsa 
simple mass transfer mechanism with a high 
saturated concentration. This conclusion is 
supported by the results of our recent Be dissolution 
experiments [28] inwhich the saturated 
concentration of Be in the salt has been estimated to 
be 0.0022 mol/cm

3
.  

 

 

Fig. 13. Effects of immersion time on the initial 
mole fraction of Be in the salt 
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Fig. 14. Photographs of samples from Flibe/Be 
dissolution tests 

 

To further understand the interactions between 
molten Flibe and Be, a series of Be dissolution 
experiments was performed in which a metallic Be 
rod was immersed in molten Flibe at 803 K under 
He atmosphere for 210 h [28]. The Be rod was 
significantly eroded during immersion in molten 
Flibe, and the Flibe changed from a clear crystal to 
a brownish-gray marble-like appearance (see Fig. 
14). The concentration of Be

0 
in Flibe was evaluated 

by dissolving salt samples in acid solutions. This 
dissolution test is based on the reaction of Be

0 
with 

proton ions in the acid solutions to generate H2. 
Hydrogen gas was generated and collected from 
Flibe contacted with Be under flowing He. The 
amounts of gas generated corresponded to mole 
fractions of [Be

0
]/[Flibe] ranging from 9.9 × 10

−4 
to 

7.6 × 10
−3

. On the other hand, no H2 was generated 
from Flibe that was not exposed to Be, or Flibe 
exposed to Be and then given significant He–H2–He 
bubbling. These observations showed that Be does, 
indeed, dissolve in Flibe as Be

0
. The fact that no 

Be
0 
was detected after bubbling H2–HF–He into the 

salt indicates that Be
0 
is an effective redox agent for 

reacting HF. Auger analysis of the deposits 
confirms this inference from these experiments. 
Additional understanding about the behavior occur-
ring in the salt can be obtained by converting the 
data in Fig. 13 tofractional conversion of HF 
(defined as one minus the ratio of the HF QMS data 
to the HF concentration being added to the pot). The 
results shown in Fig. 15 allillustrate similar 

behavior but differ in their time response because of 
the difference in Be exposure time in the salt (given 
in parentheses in the legend of Fig. 15). The 
fractional conversion of HF peaked above 0.9 for 
each run and then required as much as 60 h to return 
to zero. A simple first order kinetics model, shown 
as the curve fits in Fig. 15 and described in ref-
erence [29] appear to be reasonably representative 
of the data.  

The integrated moles of HF reacted was used to 
estimate the mole fraction of Be in the salt (xBe)as a 
function of time. In Fig. 16, the fractional 
conversion of HF is plotted versus the time varying 
mole fraction of beryllium in the salt, xBe. The 
results show a remarkable similarity over a range of 
Be exposure times (Be mole fraction dissolved in 
the salt). Also shown inFig. 16isa single line that is 
based on the kinetics model developed in Ref. [29]. 
The results indicate that the model in this 
dimensionless form does a very good job of 
predicting the conversion of HF as a function of Be 
dissolved in the salt over a broad range of Be 
exposure times and HF gas concentrations between 
∼ 900 and 1800 ppm.  

 

Fig. 15. HF cpnversion versus time for redox experiments (solid 
lines are kinetic model fits to the data) 

 

These experiments have indicated that Be 
solubility in the Flibe at 530 ◦ C is about 0.1 wt% 
(xBe = 0.0036) [5]. At this level, the TF  
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Fig. 16. HF cpnversion versus mole fraction of Be in the salt for 
all REDOX teasts (solid line is kinetic model fit to data). 
 
 
concentration in the salt could be maintained at a 
level well below 0.019 ppb. This is expected to keep 
the corrosion rate acceptably low.  
Thus, our results to date have demonstrated the 
REDOX process in a laboratory scale experiment by 
using Be as the REDOX agent. The experiments 
used HF concentrations that were ∼ 100 times 
higher than that expected in a fusion blanket. The 
kinetics of the REDOX process was rapid in 
converting HF to H2. Continued reaction of HF 
following removal of the Be from the Flibe 
indicates that dissolved Be is acting to reduce the 
HF. A simple kinetics model has been developed to 
predict the expected HF concentration as a function 
of Be dissolved in the salt. Future work includes 
improving the kinetics model to incorporate the 
uncertainty and impurity effects and performing 
additional experiments at lower HF concentrations 
(∼ 100–250 ppm) that are closer to those expected 
in a fusion reactor. Measurement limitations prevent 
us from performing experiments at typical fusion 
blanket conditions. Our modeling will be used to 
extrapolate down to blanket conditions to make 
preliminary assessments of the use of Be as a redox 
agent in a fusion blanket. Following the lower 
concentration experiments, simple dip tests of 
fusion structural materials are planned with and 
without Be to demonstrate the reduction in 
corrosion with Be as a redox agent 

6. Summary and conclusions  

This document presents an update on the Flibe 
experiments that have conducted under the 
US/Japan JUPITER-II collaboration. The 
experimental program has been focused on 
addressing the key feasibility issues associated with 
the use of Flibe. To date, data have been gathered 
on purification of Flibe, deuterium transport in 
non-REDOX controlled Flibe, and Flibe 
mobilization under accident conditions. Most 
importantly, our initial REDOX experiments have 
indicated that Be is a good redox agent to control 
HF and the kinetics at fairly high concentrations are 
rapid. In the final two years of the collaboration, 
experiments are planned to study tritium behavior in 
Flibe with and without REDOX control and to study 
reduction in the corrosion of fusion structural 
materials in the presence of Be as a REDOX agent. 
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Abstract 

   An experimental effort to apply Flibe (a mixed 
molten salt of 2LiF + BeF2) to a self-cooled liquid 
blanket of a fusion reactor was carried out under a 
Japan-US collaboration called JUPITER-II. Maintaining 
Flibe under a reducing atmosphere is a key issue to 
transform TF to T2 with a faster reaction rate compared 
with the residence time in blanket. One of the tasks was 
to clarify whether or not the redox control of Flibe can 
be achieved with Be. The dissolution rate of a Be rod 
and the reaction rate of Be + 2HF = BeF2 + H2 in Flibe 
were experimentally determined. Sufficiently fast rates 
of the Be dissolution and the reduction reaction of HF to 
H2 were clarified by our redox-control experiment. Close 
agreement was obtained between experiments and our 
simplified complete-mixing model. In particular, the 
reaction between Be and a F- ion immediately after their 
contact was found to be limited by diffusion of the F- 
ion. 
 
1. Introduction 
 
   As a promising advanced liquid blanket material, 
Flibe (a mixed molten salt of 2LiF + BeF2) has several 
advantages: low reactivity with oxygen and water even 
at 600oC and lower electric conductivity. Consequently, 
it has a lower magneto-hydrodynamic (MHD) effect than 
other liquid blanket materials such as Li and Li-Pb 
eutectic alloy. Therefore, Flibe was adopted into a 
Japanese conceptual design of Force-Free Helical 
Reactor, FFHR-2 [1,2]. Previously, some physical or 
chemical properties were determined in the molten-salt 
fission reactor experiment at ORNL [3], and afterwards 
tritium release from irradiated Flibe was measured by 
Japanese researchers [4,5]. However, the chemical 
behavior of tritium in Flibe was not clarified sufficiently. 
The largest problem to overcome in a self-cooled Flibe 
blanket is to control the generation of TF. This is 
because TF is not only very corrosive to structural 
materials but also the reduced product T2 is permeable 
through the materials. Previously, it was proved that the 
corrosion rate of 316 stainless-steel was reduced to a 
negligible level by the addition of Be to Flibe [6]. 
However, quantitative evaluation has not been 
performed on the Be dissolution rate and the reduction 
reaction between Be and F- ions. In order to control the 

redox (reduction-oxidation) condition of Flibe, 
dissolution of Be and transformation of TF (or HF) to T2 
(or H2) is being investigated at INL as one of the most 
important tasks of a Japan-US joint study program called 
JUPITER-II [7-12]. Metallic Be was considered one of 
the most promising redox-control agents through the 
reaction of Be + 2TF = BeF2 + T2. When the redox 
reaction is successfully controlled by metallic Be, the 
tritium chemical form in Flibe will be T2. Then, tritium 
permeation through structural materials becomes crucial 
because of its low solubility and, therefore, its high 
equilibrium pressure. In order to reduce the tritium 
permeation, the condition of the extremely low T2 
concentration should be realized and, therefore, high 
tritium recovery is demanded in the Flibe self-cooled 
system [13]. Tritium leak rate is estimated huge unless 
the tritium concentration dissolved in Flibe is extremely 
low and a proper coating material is developed to 
suppress tritium permeation. Consequently, the 
transformation of TF to T2 by redox control demands not 
only the high tritium recovery but also the control of T2 
permeation down to an acceptable rate. Unfortunately, 
there was no information on the TF concentration 
dependence of the above redox-control reaction and the 
rate and amount of Be dissolution before starting our 
study. In the present paper, several reaction-rate 
constants on the redox control by Be are quantitatively 
determined in our collaboration experiment of 
JUPITER-II. 
 
2. Experimental results of redox control by 
Be 
 
(1) Experimental conditions 
   An experimental apparatus to investigate the Be 
redox control of Flibe was already shown in previous 
papers [8,9]. A powder mixture of BeF2 and 2LiF with 
540 g in weight was melted in a Ni crucible. After 
purification of Flibe by various HF + H2 + He mixtures 
for a sufficient time, a mixture of HF (0 or 500 – 2000 
ppm) + H2 (the H2/HF ratio of 10, 20 or ∞) in He was 
introduced into the molten Flibe with a constant flow 
rate of 110 to 130 cm3(NTP)/min at 530oC. The 
compositions of Li, Be, F and other metallic impurities 
in the mixed molten salt were determined by an 
ICP-mass spectrometer after sampling a small piece of 
Flibe. After immersing a Be rod with 5.1 mm in diameter 
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and 5.0 cm2 in exposed surface area in Flibe during a 
specified period from 5 to 60 min, variations of the 
effluent HF and H2 concentrations with time were 
determined by an auto-titrator and a quadrupole 
mass-spectrometer. The dissolution or absorption rates of 
Be, HF and H2 and the reaction rate between Be and F- 
ions dissolved in Flibe were determined based on 
comparison between experimental HF and H2 effluent 
curves and numerical simulation curves. 
 
(2) H2 and HF absorption rate into Flibe 
   Fig. 1 shows typical effluent curves of H2 or HF 
when constant concentrations of H2 or HF were bubbled 
through the molten Flibe. All the notations in the figure 
are listed in Nomenclature. A fast response for H2 and a 
delayed one for HF were observed in their respective H2 
and HF curves. The differences in response are due to 
the rates and amounts of absorption of H2 and HF into 
the Flibe. The lines in the figure were expressed in terms 
of respective linear absorption rate-constants, kabs,H2Ag 
and kabs,HFAg and saturated concentrations of H2 and HF 
dissolved in Flibe, xH2,sat and xHF,sat. In addition, Ag is the 
surface area that includes bubble surfaces and the 
overlayer of Flibe. 
   When the solubilities of H2 and HF are low and 
Flibe-gas interaction is expected small, their solubilities 
should obey the Henry’s law. Previous solubility data 
also supported the Henry law [14,15]. It was considered 
that the solubilities of H2 and HF in Flibe obey the 
Henry law also in the present experiment. Their values 
were determined as follows: KHenry,H2 = 1.24x10-3 
mol-H2/m3Pa and kabs,H2Ag = 1x10-5 m3/s for H2 
absorption, and KHenry,HF = 6.61x10-2 mol-HF/m3Pa and 
kabs,HFAg = 1x10-7 m3/s for HF absorption. The KHenry,H2 
value determined here agreed with our data determined 
by the D2 permeability through Flibe [10-12]. However, 
the fact of KHenry,H2 being consistent with our D2 
permeability data does not mean that hydrogen isotopes 
always exist as a bi-molecular form in Flibe. The values 
of KHenry,H2 and KHenry,HF were about ten times higher than 
data published in ORNL previously [14,15]. This may be 
because the chemical form of hydrogen atoms in Flibe is 
strongly related to the redox-control condition as will be 
shown below. 
 
(3) Be dissolution rate into Flibe 
   A proper Be dissolution rate (not too fast or too 
slow) is a key for the redox control. Fig. 2 shows the 
molar fraction of Be dissolved in Flibe, xBe, determined 
from HF effluent curves as a function of the Be 
immersion period, tBe. Although the Be concentration in 
Flibe was measured directly by ICP-mass spectrometry, 
the difference in concentration between a small mount of 
dissolved Be and the major component of BeF2 
composing Flibe was too small to distinguish the Be 
dissolution rate. The value of xBe on the vertical axis was 
determined from the equivalent amount of reacted HF in 
that introduced into the pot by HF + H2 + He gas 
bubbling. 
   As seen in the figure, the dissolution rate was 
correlated to a linear equation, and its rate constant was 
kdis,BeABe = 8.9x10-8 (Be/Li2BeF4)/s. The saturated 

concentration of Be, xBe,sat, was estimated as 2.7x10-4 in 
molar ratio of Be/Li2BeF4 without a galvanic-coupling 
effect between Ni and Be [7,16]. When the 
galvanic-coupling effect was present, xBe,sat became 
around 6x10-3. The value of xBe,sat was such that the use 
of Be as a neutron multiplier as well as a redox-control 
agent in Flibe flowing through a self-cooled blanket. The 
line in the figure was calculated from the linear 
dissolution model. The linearity in the wide range means 
that Be dissolution reached a steady-state rate 
immediately after the Be immersion. 
 
(4) Reaction rate between Be and HF dissolved in Flibe 
   Fig. 3 shows typical results of the HF effluent curves 
as a function of time after the Be rod was immersed in 
Flibe at t = 0. Conditions for three different runs are as 
follows: yHF,in = 915 ppm and tBe = 45 min for Run 11, 
yHF,in = 436 ppm and tBe = 10 min for Run 14 and yHF,in = 

Fig. 1 H2 or HF concentration curve after gas 
introduction into Flibe 

Fig. 2 Be dissolution amount as a function of 
immersion time 
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192 ppm and tBe = 5 min for Run 16. The total flow rate 
was 120 cm3(NTP)/min throughout the three runs. 
Before starting each experiment, a H2/HF gas mixture 
with He balance was continuously bubbled through the 
Flibe crucible. When the Be rod was immersed into 
Flibe during a specified time of tBe, the outlet HF 
concentration dropped drastically. It should be noted that 
the Be dissolution is deeply related with the 
galvanic-coupling effect between Be and Ni. When the 
Be rod was electrically isolated from others, no 
redox-control could be achieved [17]. In other words, it 
is probable that Be was dissolved in Flibe as an ion. 
After a large time delay, the outlet HF concentration 
gradually returned to the original inlet HF concentration. 
The measured HF concentrations for the various values 
of the Be immersion time and the inlet HF concentration 
were reproduced with good agreement by calculations 
(dashed lines) using a complete-mixing model described 
in the next section. Close agreement in the HF effluent 
curves was obtained between experiment and 
calculation. 
 
3. Analysis of reaction between Be and HF 
dissolved in Flibe  
 
(1) Overall reaction-rate equation 
   We focused on the overall material balance of Be and 
HF dissolved in Flibe and HF in He bubbled through a 
Ni crucible. Calculation was carried out under the 
assumption of a complete-mixing model, where the HF 
concentrations in the gas phase and molten Flibe, yHF 
and xHF, and the Be concentration dissolved in Flibe, xBe, 
are uniform because of sufficient bubbling rates. Then, 
variations of yHF, xHF and xBe with time are expressed as 
follows: 

 
Here, KM-MF2 is the thermodynamic equilibrium constant 
of the following reaction: 

MF2 + T2 = M + 2TF                (5). 
   Since BeF2 is very stable thermodynamically, the 
reverse reaction in the first term on the right-hand side of 
Eq. (4) can be ignored. The second term in Eq. (4) is an 
impurity effect and will be discussed in the next section. 
The word “apparent” means that kBeF2 can depend on xBe 
and xHF. Based on the comparison in the HF and Be 
concentrations between the experiment and simulation, 
kBeF2 was found to be independent of xBe. On the other 
hand, two cases of the dependence of kBeF2 on xHF were 
investigated as follows; (i) kBeF2 is independent of xHF 
(i.e., the second-order reaction rate on xHF) and (ii) kBeF2 

is in reverse proportion to xHF (i.e., the first-order 
reaction rate on xHF). After simulating HF curves under a 
wide-range of experimental conditions, the case (ii) 
assuming the first-order reaction rate gave better fitting. 
Consequently, Eq. (4) was reduced to the following 
simplified equation in terms of a modified reaction rate 
constant, kBeF2*, that includes the contribution of 
impurity metals: 
   mHF→H2

= kBeF2

* xBe x HF          (6) 
The kBeF2

* value determined from the comparison 
between experiment and calculation was 1.5x106 
mol/m3s. The deviation between experiment and 
calculation defined as {(yHF)exp – (yHF)cal}/(yHF,in)exp was 
within 10% for the three runs. 

   Lines in Fig. 4 in the logarithmic scale as well as Fig. 
3 in the linear scale are calculated by Eqs. (1)-(3) and (6) 
under the assumption of the first-order reaction rate. 
Good agreement was obtained between the experiment 
and calculation. Therefore, it was found that the present 
results can provide the quantitative prediction of the 
redox control of Flibe by Be in a Flibe blanket. However, 
there seemed to be appreciable difference between 
experiment and calculation immediately after or during 
the Be immersion that will be discussed in Section 4. 
 
(2) Impurity effect on redox control 
   Effects of metallic impurities included in Flibe are 
inevitable. Impurities in molten Flibe after HF 
purification were detected by the ICP-mass spectrometry 

Fig. 3 Comparison between experiment and 
calculation for Flibe redox control  

Vgcg
dy HF

dt
=W y HF ,in − y HF( )− kabs,HF Agcg y HF − K Henry,HF RgTx HF( )                    (1) 

VFlibecFlibe
dxHF

dt
= kabs,HF Agcg y HF − K Henry,HF RgTx HF( )− 2VFlibemHF→H2

        (2) 

VFlibecFlibe
dxBe

dt
= VFlibecFlibekdis,Be ABe −VFlibemHF→H2

                        (3). 

All the notations in the equations are listed in Nomenclature. The transformation rate of HF to H2, mHF-H2, in Eqs. (2) 
and (3) was expressed in terms of the apparent reaction-rate constants, kBeF2 and kMF2, as follows: 
mHF→H2

= kBeF2
xBe xHF

2 − KBe−BeF2
xBeF2

xH2( )+ kMF2
xM x HF

2 − KM −MF2
xMF2

x H2( )
i
∑     (4). 
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and were Cr 12 ppm, Fe 100 ppm, Mn 3 ppm and Ni 6 
ppm. The compositions were near to the impurity level 
of Flibe used in ORNL previously (Fe 21 ppm, Ni 8 ppm, 
Cr 61 ppm and S 3ppm) [15]. If Flibe contacts Reduced 
Activation Ferritic/Martensitic Steel, Fe, Cr, W and so 
on are possibly included as impurities in the future 
self-cooled Flibe blanket. Judging from the Gibbs 
free-energy change of Eq. (5), Fe was considered the 
most critical impurity for the redox control. Even if Be 
particles can change TF (or HF) to T2 (or H2), there is 
possibility in that Fe can affect the TF concentration in 
the blanket through the second term in Eq. (3). We 
should mention that the kBeF2 value determined here 
includes contributions of metallic impurities, mainly Fe. 
 
4. Discussion of redox control by Be rod in 
fusion blanket 
 
   Below we address the redox control by Be 
immediately after or during Be making contact with the 
molten Flibe. This condition can simulate the 
circumstance of flowing Flibe that contacts a Be redox 
controller in a Flibe self-cooled blanket. We don’t 
always assume that the Be neutron multiplier is placed in 
a position making contact with a Flibe coolant directly. 
Fig. 5 shows variations of the HF concentration in the 
gas phase with time immediately after or during the Be 
immersion into Flibe. Drastic change of the HF 
concentration was observed regardless of different HF 
concentrations and immersion periods. Several things 
were noticed from the figure: (i) the decrease in yHF 
continued for a certain time even when Be was 
withdrawn from the Flibe, (ii) the initial HF decrease 
rate was correlated to the relation of yHF/yHF,in = kt--n 
regardless of different conditions of yHF,in and tBe, and 
(iii) since the residence time of supplied gas was less 
than 0.1 hour, variations of yHF with time were 
independent of the residence time. Consequently, the 
behavior should be explained based on the concentration 
changes of HF and Be dissolved in Flibe immediately 
after contacting the Be rod. The Be concentration was 
almost constant immediately after the Be withdrawal as 
seen in the dashed line of Fig. 4. The experimental 
results showed that the value of index n in the relation of 
yHF/yHF,in was around 0.5. This implies that the reaction 
of Be and HF is controlled by diffusion of the F- ions in 
the Flibe molten salt.  
   Since the partial pressure of TF generated in a 
self-cooled fusion blanket to maintain a steady-state 
fusion power of 1 GW [18,19] is around 10 Pa, the 
condition is near Run 16. Therefore, mTF-T2 will be 
expressed by the first-order reaction of xTF even in actual 
blanket conditions. Consequently, the expected rate of 
the TF to T2 transformation is so fast that the xTF value is 
kept low. Then, the transformation ratio of T2/TF at the 
blanket outlet is expected high. The present study proved 
that the redox control by Be can be achieved even under 
the TF concentration expected in the FFHR-2 Flibe 
blanket. 
   It is important to estimate how the physical property 
of Flibe such as viscosity changes with the addition of 

Be. The consumption rate of LiF in a Flibe blanket for 
tritium production to maintain a steady-state fusion 
power of 1GW is 64 mol/day. Therefore, the additional 
32 mol/day of Be is necessary for the redox control. In 
summary, LiF of 96 mol/day should be added to 
maintain the same blanket composition during the 
steady-state operation of a fusion reactor. The amount is 
not large compared with the total Flibe volume of the 
whole blanket that is estimated as an order of Mmol. 
However, the constant addition of Be for redox control 
as well as the Li consumption for tritium generation 
brings the increase of Flibe viscosity. An increase in the 
6% BeF2 concentration (2LiF + 1.1BeF2) results in an 
increase in Flibe viscosity from 0.008 Pas to 0.01 Pas at 
600oC. Therefore, the proper adjustment of Flibe 
components is necessary to operate the Flibe blanket in a 
long range. 
 
5. Conclusions 
 
   The redox control of Flibe by Be was successfully 
proved experimentally, and the prompt transformation of 

Fig. 4 Typical variations of HF and Be 
concentrations in Flibe 

Fig. 5 Initial behavior of HF concentration 
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HF to H2 was completed in the Flibe crucible. With the 
use of the HF solubility (KHenry,HF = 6.61x102 
mol-HF/m3Pa), the HF absorption rate constant (kabs,HFAg 
= 1x10-7 m3/s), and the Be dissolution rate constant 
(kdis,Be = 8.9x10-8 (Be/Li2BeF4)/s) determined 
experimentally, the transformation rate of HF to H2 in 
molten Flibe under the assumption of the 
complete-mixing model could well simulate 
experimental HF curves. The modified first-order rate 
constant for Be + 2HF = BeF2 + H2 was 1.5x106 mol/m3s. 
In particular, since the decreasing rate of the HF 
concentration was correlated to yHF/yHF,in = kt--0.5 during 
and immediately after the Be immersion, the 
rate-determining step of the redox-control reaction was 
diffusion of F- ions in Flibe. The expected rate of the TF 
to T2 transformation in a Flibe self-cooled blanket 
system became sufficiently fast to keep the TF 
concentration low. As a result, a high transformation 
ratio of T2/TF at the blanket outlet is expected in a 
FFHR-2 when Be is used for the redox-control agent 
material. 
 
Nomenclature 
 
ABe  Surface area of Be rod, m2 
Ag   Surface area of He bubble and Flibe overlayer, m2 
c    Total molar concentration of Flibe or gas phase, 
mol/m3 
KHenry Henry solubility constant of H2 or HF in Flibe, 
mol/m3Pa 
kabs   Absorption rate constant of H2 or HF, m/s 
kdis,Be  Dissolution rate constant of Be, (Be/Li2BeF4)/s 
kBeF2  Reaction rate constant of BeF2 formation, 
mol/m3s 
mTF-T2 Transformation rate from HF to H2, mol/m3s 
Rg   Gas law constant, m3Pa/Kmol 
T    Temperature, K 
t     Time, s 
V    Volume of Flibe or gas-phase, m3 
W    Molar flow rate of gas, mol/s 
x    Molar fraction of HF or Be in molten Flibe, - 
yHF   HF molar fraction in gas phase, - 
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The investigation of MHD effects on a Flibe 
(Li2BeF4) simulant fluid has been conducted under the 
U.S.-Japan JUPITER-II collaboration program using 
“FLIHY” pipe flow facility at UCLA. The present paper 
reports a development of unique experimental techniques 
using aqueous solution of potassium hydroxide as a Flibe 
simulant. In order to apply a particle image velocimetry 
(PIV) technique for magnetic field condition, special 
optical devices were developed. The PIV measurements of 
MHD turbulent pipe flow at Re = 5300 was performed, 
and modification of the mean flow velocity as well as 
turbulence suppression were observed. A flat velocity 
profile in the pipe center and a steep velocity gradient in 
the near-wall region at Ha = 20 exhibit typical 
characteristics of Hartmann flow.  

 
 

I. INTRODUCTION 
 
The design of tritium breeding blankets and plasma 

facing components is an important field in the R&D 
activities toward a viable commercial nuclear fusion 
reactor [1]. The main functions of the blankets for D-T 
fusion reactors are to breed tritium, to convert the kinetic 
energy of neutrons and X-rays into heat, and to provide 
radiation shielding. An essential idea of a liquid breeder 
concept is that if a liquid containing lithium can be 
introduced into the blanket, it can be used as both coolant 
and breeding material. In recent research, a molten salt 
coolant, Flibe, has attracted attention. Moriyama et al [2] 
surveyed various design concepts using Flibe and 
suggested its use in reactor designs where high 
temperature stability and low MHD pressure drop were 
special concerns. Among the design concepts utilizing 
Flibe are HYLIFE-II [3], the APEX thick/thin liquid 
walls [1], FFHR [4], and a solid first wall design based on 
advanced nano-composited ferritic steel [5].  

Although Flibe has attractive features as coolant and 
tritium breeding material, there are some issues making 
Flibe-based blanket design challenging [5]. The main issues 
include 1) thermal conductivity of Flibe (1W/mK) is low 
compared to other lithium-containing metal alloys, Pb-

17Li (15W/mK) and Li (50W/mK), 2) kinematic viscosity 
of Flibe is high, especially at temperatures close to the 
melting point (11.5mm2/s at 500°C), 3) the tritium 
breeding capability of Flibe is relatively limited and use 
of additional neutron multiplier is mandatory, and 4) the 
high melting point of Flibe requires structural material 
with temperature range over 650°C. The high viscosity 
and low thermal conductivity put Flibe in the class of high 
Prandtl number fluids. The limited temperature window 
above the high melting point of Flibe requires good heat 
transfer (low film temperature drop) to cool first wall 
structures.  In order to obtain sufficiently large heat 
transfer using high Prandtl number fluid coolant, high 
turbulence is required. On the other hand, Wong et al [5] 
suggested that the parameter Ha/Re would exceed the 
critical value of 0.008, especially in large channels, which 
indicated the suppression of turbulence might be 
significant [6].  

The MHD effects on turbulent flows have been 
investigated by many researchers, however, most of the 
experimental efforts were conducted using liquid metals 
as the working fluid [7] [8]. Liquid metals are generally 
classified as low Prandtl number fluids, and the heat 
transfer characteristics of low Prandtl number fluids are 
conduction dominant. Thus it is important to investigate 
the effect of magnetic fields on the turbulent flow and 
heat transfer characteristics of the high Prandtl number 
fluids.  

To understand the underlying science and phenomena 
of fluid mechanics and heat transfer of Flibe, a series of 
experiments as a part of the U.S.-Japan JUPITER-II 
collaboration are in progress. The approach includes flow 
and heat transfer measurements using a Flibe simulant 
fluid along with numerical simulation [9] and modeling [10].  
A flow facility utilizing water and aqueous electrolytes as 
Flibe simulants has been constructed. Turbulent flow field 
measurements using PIV [11] and heat transfer 
measurements [12] have been carried out without magnetic 
field to establish the experimental techniques and verify 
the performance of the facility by comparing an existing 
experimental result [13] and DNS data [14].  
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The objectives of the present report are to describe 
the development of the experimental techniques under 
magnetic fields and introducing some preliminary results 
of the flow field measurements. In particular, the 
application of the PIV technique under difficult 
experimental conditions inside a narrow gap of the 
magnet is presented. Since most of the existing 
experimental data of MHD turbulent flows were obtained 
with liquid metals, flow visualization was impossible. The 
present work provides unique 2-dimensional 2-velocity-
component information of the flow field to enhance 
understandings of the MHD turbulent flows.  

 
II. DEVELOPMENT OF EXPERIMENTAL 

TECHNIQUES 
 
An experimental MHD flow facility called “FLIHY” 

(FLIbe Hydrodynamics) has been constructed at UCLA 
under the U.S.-Japan collaboration. The experimental 
facility consists of a flow loop with a pipe flow test 
section with integrated transparent visualization section, 
magnet system, and PIV measurement system. A 30% 
aqueous solution of potassium hydroxide (KOH hereafter) 
is used as the electrically conducting working fluid. 

 
Flow direction

Tank

Measurement section

Heat exchanger
Flow meter

Filter

 Electromagnet

Laser

Light Sheet Probe

 
Fig. 1. Schematic drawing of pipe flow facility 

 
II.A.  Flow Facility  

 
A schematic drawing of the pipe flow apparatus is 

shown in Fig. 1. The fluid flow is circulated by a pump 
and introduced into the horizontal circular pipe test 
section. Flow passes through a heat exchanger, a flow 
meter, and a honey comb flow straightener before 
entering the test section. The temperature of the fluid was 
monitored by T-type thermocouples and kept constant 
using the heat exchanger. The test section is a circular 
pipe made of acrylic with 89 mm inner diameter and 7.0 
m in length, which is 79 times the pipe diameter. This 
length was considered to be sufficient to obtain a fully 
developed turbulent flow. This relatively large diameter 
was chosen to allow access to information in near-wall 
region by making viscous length scale large. Flow rate 
was controlled by changing the pump output with a 

variable frequency power controller. A throttle valve in 
the main loop and a bypass line were also equipped to 
help flow rate control. Flow rate was measured and 
monitored by vortex-shedding type flow meter.  

The visualization section for the PIV measurement 
was built 6.8 mm downstream from the inlet. The pipe 
wall thickness in the visualization section is 1 mm to 
allow velocity measurement down to very close to the 
pipe wall. A “water jacket” tank with square cross section 
was installed surrounding the pipe. The cross section view 
of the water jacket is shown in Fig. 2. The water jacket is 
11 × 11 cm in the cross section and 23 cm long. It was 
filled with the same fluid as the main flow in order to 
compensate for the image distortion due to the difference 
in index of refraction between the inside and outside of 
the circular pipe. This eliminates the optical distortion to a 
negligible level, except for the region very close to the 
wall.  

 
Fig. 2. Cross section view of water jacket and optical 

configuration 
 
II.B.  Magnet 

 
The magnet used for the current experiments 

produces maximum 2.0 Tesla magnetic fields in a narrow 
gap of the iron core at 3000 A of applied electric current. 
The pipe flow test section was placed in the gap which is 
1.4 m in the streamwise direction, 25 cm in height, and 15 
cm in width.  
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The B field distribution at the center of the 
streamwise cross section as a function of the distance 
from the magnet center is shown in Fig. 3. The B field has 
uniform distribution within 5% variation for 1.0 m in the 
streamwise direction. Fig. 3 also shows the B field 
distribution in the center cross section in the streamwise 
direction. 

 
II.C.  PIV SYSTEM 

 
The PIV technique has been developed in last two 

decades and has become a well established technique for 
flow field measurements [15] [16]. However, there were some 
difficulties in application of the PIV to the flow 
measurements in the magnetic fields due to the limited 
space in the magnet gap, the limited types of the material 
that can be used under the strong magnetic fields 
condition and with a corrosive working fluid. Therefore, 
the PIV system especially tailored for the current 
experiment was developed by carefully selecting the 
materials and optical component placement to cope with 
these difficulties. 

 
II.C.1.  Seeding Particles 

 
Seeding particles were selected so that they are 

compatible with KOH and their density was comparable 
to that of KOH (1300 kg/m3). Several materials were 
immersed in the KOH for several months in order to test 
compatibility. Methyl methacrylate – ethylene glycol 
dimethacylate copolymer (Sekisui Plastic Co., Ltd.) 
turned out to be compatible as well as to have the density 
close to the solution (about 1200 kg/m3). It was provided 
by the company as a sample material. Although it was not 
specifically tailored for PIV use, its relatively uniform 
particle diameter was suitable for PIV measurements. 

 
II.C.2.  PIV Hardware 

 
The laser sheet was supplied by New Wave mini 

Solo-III Nd:YAG Laser. A laser beam was introduced 
into the magnet gap using dielectric coated mirror. A laser 
sheet was created by light sheet optics specifically 
designed for this experiment shown in Fig. 4. It equipped 
with beam collimator and cylindrical lens to create laser 
sheet, and two dielectric mirrors to introduce the laser 
sheet horizontally to the test section.  

 
Fig. 5. Light sheet optics 

The particle images illuminated by the laser sheet 
were captured by Phantom v.5.0 camera (Vision Research 
Inc.). The camera was equipped with 1024×1024 pixels 
monochrome CMOS array. Tamron SP 35-210 mm lens 
was used to achieve 90×90 mm field of view on the 
measurement plane 1.0 m from the lens.  

A LabSmith LC880 experiment controller was used 
for synchronization of the camera and laser. The camera 
strobe signal was used as a master trigger signal, and the 
laser firings were controlled by setting delay times from 
the master signal. The synchronization chart is shown in 
Fig. 6. 

Strobe

F1

Exposure

Skip 1/2
Camera

Q2

F2

Q1

Laser

33333 ms
(30Hz)

33100 ms

25000 ms 25000 ms

180 ms

180 ms

Dt Dt

Dt

DtDt = 10000 ms  
Fig. 6. Synchronization chart 

 
II.C.3.  PIV Analysis Software 

 
Dantec FlowManager 3.70 software was used for PIV 

analysis. It provides analysis method called “adaptive 
correlation”, which is based on commonly used cross 
correlation technique [17]. The important feature of the 
adaptive correlation is a multiple step analysis method [18]. 
Large interrogation windows are used in the first step and 
the interrogation windows are successively reduced in the 
following steps. For this experiment, the reduction of the 
window size was repeated 4 times. Thus 256 × 128 pixels 
interrogation windows in the first step were reduced to 32 
× 16 pixels in the final step. In each step, cross correlation 
analysis was performed twice. The first analysis gave a 
rough estimate of the particle displacement by analyzing 
exactly the same are of the first and second images, and 
the location of the interrogation windows in the second 
analysis determined using the information given by the 
first analysis in order to minimize loss of particle pairs in 
the windows [19]. To reduce the possibility of yielding 
spurious vectors due to mismatch of the particle pairs, 
local median validation was applied between the steps, 
and the invalidated vectors were replaced by using 
information from the vectors in vicinity [20]. The particle 
displacement was determined down to sup-pixel order. A 
Dantec 80S33 high accuracy software module was used 
for this experiment. This module has an advantage over 
the conventional three-point Gaussian curve fitting 
method. However, the details of the algorithm are 
proprietary 
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II.D.  THERMO-PHYSICAL PROPERTIES OF KOH 
SOLUTION 

 
In order to determine the thermo-physical properties 

of 30% KOH aqueous solution, measurements were 
carried out for some of the most critical of them. The 
kinematic viscosity was measured by U-tube capillary 
viscometer.  The electrical conductivity was measured by 
conductivity meter. Other properties were quoted from the 
reference book [21]. TABLE I shows the thermo-physical 
properties at 33.8°C experimental temperature. 

 
TABLE I. Properties of KOH solution at 33.8°C 

ρ Density 1280 [kg/m3] 
μ Viscosity 1.431×10-3 [Pa·s] 
ν Kinematic viscosity 1.118×10-6 [m2/s] 
σ Electrical conductivity 73.67 [S/m] 
λ Heat conductivity 0.727 [W/(m·K)] 
Cp Heat capacity 3.00 [J/(kg·K)] 
Pr Prandtl number 5.90 

 
III. MHD TURBULENT FLOW MEASUREMENTS 

 
III.A.  Experimental Procedures 

 
Experiments were performed by the following 

procedures. A calibration target was inserted in the test 
pipe. The camera placement was adjusted so that the field 
of view encompassed the pipe diameter. The camera focus 
was focused on the calibration plate at the bisection plane, 
and calibration images were taken. The correspondence of 
the pixel length to the physical length was determined by 
reading the pixel numbers and the physical position of the 
calibration image on the computer monitor. After the 
calibration target was removed, flow rate was adjusted to 
25 litter per minutes, which corresponds to Re = 5300.  

The instantaneous velocity measurements under 
changing B field strength were performed by starting the 
measurement without applied B field, and gradually 
increasing the B field strength during 33 sec measurement 
time. The field strength reached the maximum around 30 
sec after the measurement started. 

The mean velocity measurements were performed for 
five different Hartmann numbers, Ha = 0,   5, 10, 15, 20. 
2000 images were taken for each Hartmann number, and 
the mean velocity profiles were calculated by ensemble 
averages of 1000 instantaneous velocity vectors and 
streamwise average of 127 vectors.  

 
III.B.  Results 
 

Fig. 7 shows instantaneous velocity vector maps at 
various instants with increasing Hartmann number. At 
initial moment (t=0), there was no imposed magnetic field 
(B=0). After the magnet was turned on (t=10), no 
significant change in the velocity was observed. At t=20, 

turbulence fluctuation started to be suppressed, and at 
t=30, it was completely suppressed. 

 

 
t = 0 (Ha = 0)  

t =10  (Ha = 10) 

 
t = 20 (Ha = 15)  

t = 30 (Ha = 20) 
Fig. 7. Velocity vector maps under increasing B field 

strength 
 

Fig. 8 shows mean velocity distributions at Re = 
5300 with variable Hartmann number. The mean velocity 
profiles are non-dimensionalized by the friction velocity 
of Ha = 0 case. The actual local friction velocity for 
higher Hartmann number cases are different from Ha = 0 
case. The mean velocity profiles show that it becomes 
flatter as Hartmann number increases in the core region 
and that the near-wall velocity gradient increases with 
increasing Hartmann number, showing typical 
characteristics of Hartmann flow [7].  
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Fig. 8. Mean velocity distritution at Re = 5300 

 
IV. CONCLUSIONS 

 
The PIV measurement technique for MHD turbulent 

flow of Flibe simulant fluid has been developed. The 
major difficulties arisen from the limited space in the gap 
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of the magnet and material limitation due to the strong 
magnetic field were overcome by specially tailored 
optical components. The measurement of the MHD 
turbulent pipe flow yielded unique 2-D 2-component 
vector maps showing the modification of the mean flow 
and the suppression of turbulence by MHD effects. 
Additional experiments are underway to quantify the 
effect of MHD on fluctuating turbulent velocity 
components and their subsequent effect on turbulent heat 
transfer for fusion blankets.  
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The influence of a transverse magnetic field on the 
local and average heat transfer of an electrically 
conducting, turbulent fluid flow with high Prandtl 
number was studied experimentally. The mechanism of 
heat transfer modification due to magnetic field is 
considered with aid of available numerical simulation 
data for turbulent flow field. The influence of the 
transverse magnetic field on the heat transfer was to 
suppress the temperature fluctuation and to steepen the 
mean temperature gradient in near-wall region in the 
direction parallel to the magnetic field. The mean 
temperature gradient is not influenced compared to the 
temperature fluctuation in the direction vertical to the 
magnetic field.  
 
 
I. INTRODUCTION 

 
In the long history of the study of an electrically 

conducting fluid flow, a great deal of effort has been 
made on magnetohydrodynamics (MHD) effects in liquid 
metals, commonly used in many engineering applications. 
Gardner [1] examined the influence of a transverse 
magnetic field on the structure of a turbulent flow of 
mercury and observed that the turbulence intensity 
decreased to a laminar level over a broad range of 
Reynolds numbers and magnetic fields. A similar result 
has been reported by Brouillette [2] and Reed [3]. As for 
the numerical simulation, the effects of the magnetic field 
on near-wall turbulence structures were investigated by 
Satake [4] and Lee [5]. They reported an increase in the 
skin friction when the strength of the wall-normal 
magnetic field exceeded a certain value. This increase was 
attributed to the drag increase due to the Hartmann effect, 
which was greater than the drag reduction due to 
turbulence suppression, that is laminarization. Gardner [6] 
also reported that the influence of a transverse magnetic 
field on the heat transfer was to inhibit the convective 
mechanism of heat transfer, resulting in up to 70% 
reductions in Nusselt number. In another paper [7], 
Gardner summarized his results of turbulent heat transfer 
calculations using a curve fit equation representing the 
average Nusselt number as a function of both Peclet 

number and Hartmann number. Recently, several studies 
have been made for a fusion blanket cooled by molten salt 
[8]. Unlike MHD effects on the flow field, as for the heat 
transfer the problem becomes more complicated, because 
the molten salt is a characteristic of a high Prandtl number 
fluid. In general, for a high Prandtl number fluid, heat 
transport from a heated wall into the core of the fluid flow 
is dominated by turbulent motion rather than thermal 
diffusion. Moreover, near-wall flow structures are 
especially important, because the thermal boundary layer 
is much thinner than the momentum boundary layer. In 
the case of where turbulence suppression due to strong 
magnetic field occurs, it is expected that the heat transfer 
performance degradation of high Prandtl number fluid is 
more sensitive than that of low Prandtl number fluid. 
Thus, investigation of the fluid mechanics, and the heat 
transfer of a high Prandtl number fluid is very important 
from the design point of view compared to low Prandtl 
number fluid, especially for the high heat flux cooling 
system such as fusion reactor. In comparison with the 
studies on heat transfer mechanism of liquid metal, very 
few attempts have been made on heat transfer mechanism 
of a high Prandtl number fluid for the design of MHD 
devices. Blum [9] conducted heat transfer experiment 
using an electrolyte flowing through a rectangular channel 
over a wide range of Reynolds number including the 
transition region from laminar to turbulent and presented 
an empirical function for the reduction of heat transfer in 
a turbulent MHD flow by means of an interaction 
parameter. It is the objective of the present study, to 
acquire the data for local and average heat transfer and 
temperature fluctuation of an electrically conducting 
turbulent fluid round pipe flow with high Prandtl number 
under the magnetic field, and to understand the interaction 
between the magnetic field, the fluid turbulence and the 
heat transfer. 
 
II. EXPERIMENT 

 
A Potassium hydroxide (KOH) 30wt% water solution 

is used in this experiment, the KOH water solution 
properties are mentioned in Table 1. A schematic diagram 
of the experimental closed loop, named ‘‘Fli-Hy (FLiBe- 
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Table 1  The properties of 30%wt KOH water solution 
 

  T=15[C] T= 35[C] 
Thermal conductivity  [W/(m K)] 0.693 0.729 
Density  [kg/m3] 1291 1279 
Kinematic viscosity  [m2/s] 1.778×10-6 1.189×10-6 
Specific heat capacity  [J/(kg K)] 2957   2999 
Electrical conductivity  [1/Ω*m] 51.6 75.2 
Prandtl Number 9.8 6.2 
 

 
 

 
 

Fig.1 Systems of Fki-Hy closed loops: (a) overall view 
and (b) detail of test section. 
 
simulant Hydrodynamics) loop’’ established at UCLA 
[10] is shown in Fig.1a. The KOH water solution flow is 
introduced into the horizontal pipe test section by 
mechanical pump. The KOH temperature is monitored at 
both the inlet and the outlet of the test section using 
thermocouples. The bulk mixing temperature of an 
arbitrary cross section Tb is estimated by the linear 
interpolation from the inlet temperature Tin and the outlet 
temperature Tout using Eq.(1) where, x is the downstream 
position of the measurement and L is the total heating 
length. 

( )b in out in
xT T T T
L

= + −   (1) 

The details of the test section are shown in Fig.1b. The 
test section of this loop is made of 8m long SUS pipe, an 
inner diameter of 89mm. A part of this test section is 
heated uniformly by heating tape. A constant magnetic 
field is applied for 1.4m along the pipe up to 2 T. A 
number (40) T-type thermocouples having a diameter of  
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Fig.3 Schematic view of TC tower. 

 
Table 2 Details of experimental condition 

 
Pr (Temp. of 

KOH[C]) Re Ha (magnitude of  
magnetic field [T]) 

6.2 (35) 5000, 20000 0(0), 5(0.51), 10(1.05), 15(1.60) 
9.8 (15) 5000, 20000 0 (0), 5 (0.75), 10 (1.6) 

 
0.5mm are fixed using high thermal conductivity grease 
(15W/mK) at five axial stations and eight angles from the 
horizontal magnetic field. The depths of the holes and the 
tube wall thickness are 4mm and 5mm, respectively, i.e. 
the length from the inner tube surface to measuring point 
is 1mm. The location of thermocouples for wall 
temperature measurement is shown in Fig.1b. The effect 
of the magnetic field on the thermocouples is shown in 
Fig.2, where, a significant noise signal appeared at the 
moment of application and removal of the magnetic field. 
This noise is not caused by the induction current in the 
SUS pipe, but due to the effect of changing the magnitude 
of the magnetic field on the thermoelectric power directly, 
because the sheathed T-type thermocouples used in this 
test section is insulated. However, the measured 
temperature was stable when the magnetic field was 
constant. The average difference in temperature measured  
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Fig.2 Magnetic field effect on thermocouple. 
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with and without the magnetic field was about 0.01K on 
all the thermocouples.  

The radial temperature distribution of the fluid flow 
in the pipe is measured by means of thermocouples tower 
(TC tower) consisting of inconel sheathed K-type 
thermocouples having a diameter of 0.13mm arranged 
from the inner wall surface to the centre of the pipe as 
shown in Fig.3. The 63% response time of this 
thermocouple is 2ms. The case when the angle between 
the TC tower and the magn � �etic field is 0  and 90  are 
named case A and case B, respectively. 

The Reynolds number based on bulk velocity and 
pipe diameter is set to 5000 and 20000 for four Hartmann 
numbers, Ha=0, 5, 10, 15, and Pr=6.2, 9.8. The bulk  
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Fig.6 Inner temperature profile Re=5000, Pr=6.2, case A. 

 
velocity is calculated by the flow rate and the cross 
section of pipe. The flow rate is measured and monitored 
using vortex flow sensor which measures the flow rate 
from the frequency of Karman vortex. Details of the 
experimental conditions are summarized in Table 2 below. 
It is to be noted that the maximum Hartman number is 15 
in the case that Prandtl number is 6.2. However, in the 
case of Prandtl number is 9.8, maximum Hartman number 
is 10, because of low electrical conductivity of KOH 
solution at low temperature. 

 
III.   RESULTS 

 
Fig.4a shows the difference in Nusselt number 

between Ha=0 and Ha =5, 10, 15 at Re=5000, Pr=6.2. 
The vertical axis, Nu–Nu0, is defined by the difference in 
Nusselt number with and without magnetic field. In the 
horizontal axis-z and D are the distance from the starting 
point of applying the magnetic field and the pipe diameter, 
respectively. Nu is defined as the following, 

( )
w

w b

q DNu
T T λ

=
−

 (2) 

where qw is the heat flux applied to the surface, which is 
calculated by heater power qw = 500W/m2 at Re=5000, qw 
=3500W/m2 at Re=20000, where Tw and Tb are the wall 
temperature measured by T.C. directly and the bulk 
mixing temperature from Eq.(1), respectively. The  
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Fig.4 Local heat transfer from magnetic field: (a) 
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Fig.7 Temperature fluctuation profile, Re=5000, Pr=6.2, 
case A 
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Fig.8 The magnetic field effect on temperature 
distribution in the pipe (Re=5000, Pr=6.2). 
 
Nusselt number decreased when the magnetic field was 
applied. It is reasonable to suppose that the turbulence 
suppression under the magnetic field causes the decrease 
in Nusselt number. Gardner [6] showed a qualitatively 
similar tendency in his experimental result using mercury 
as a working fluid in spite of its extremely low Prandtl 
number and high electric conductivity compared with 
KOH. In addition, the amount of change in Nusselt 
number increases toward the magnetic field end. This 
indicates that the turbulent is more suppressed toward 
downstream. 

Fig.4b shows the difference in Nusselt number 
between Ha=0 and Ha=5, 10, 15 at Re=20000, Pr=6.2. 
The tendency of this figure is the same as the case of 
Re=5000. However, the magnetic field effect on heat 
transfer is smaller than that at Re=5000, because of the 
decrease in the interaction parameter (Ha2/Re). More 
definitely, a ratio of Nu–Nu0 to Nu0 at Re=5000 is 0.25, 
while it is 0.15 at Re=20000. 

The change in Nusselt number at Re=5000, Pr=9.8 is 
shown in Fig. 4c. The decrease in Nusselt number is large 
compared with the case of Pr = 6 at the same Hartmann 
number. The heat transfer of a high Prandtl number fluid 

is dominated by turbulent diffusion rather than molecular 
diffusion. Assuming that the temperature is a passive 
scalar, turbulent diffusion itself is independent of Prandtl 
number. Therefore, it is reasonable that higher Prandtl 
number fluid is susceptible to turbulence suppression due 
to the magnetic field. 

Fig. 5 shows the local Nusselt number at the top, side, 
and bottom of the pipe at the thermocouple Section 5 in 
Fig.1b. Incidentally, the sidewall of the pipe is 
perpendicular to the direction of the magnetic field. In the 
case of Re=5000, the Nusselt number at the bottom is the 
highest. Since this tendency of Nusselt number is similar 
to that under the mixed convection pipe flow, the effect of 
natural convection cannot be negligible at Re=5000. On 
the other hand, local Nusselt number does not depend on 
the angle at Re=20000. Therefore, the effect of natural 
convection can be negligible. 

Fig. 6 shows the mean temperature distribution in the 
pipe measured by the TC tower at Re=5000, Pr=6. The 
TC tower is set horizontally i.e. case A. The temperature 
is normalized with the temperature difference between the 
wall Tw and the centre of the pipe Tc, where Tc is the 
measurement value of the T.C. tower top thermocouple. 
When a transverse magnetic field is applied, the 
temperature difference between the wall and the fluid is 
reduced. This means that the temperature of near-wall 
fluid is raised and a steeper temperature gradient is 
formed in the near wall region. In this region, heat 
transfer mechanism is likely dominated by mean 
temperature gradient and turbulent heat flux. It is clear 
that the turbulent intensity is suppressed in this region 
[4,5]. Therefore, it becomes necessary that the mean 
temperature gradient grow steeper to transport the 
constant heat flux from the wall. This tendency is similar 
to the Gardner’s results [6] except for thermal boundary 
layer thickness. Since he used an extremely low Prandtl 
number fluid, mercury, as a working fluid, the thermal 
boundary layer was thicker. 

Fig. 7 shows the temperature fluctuation normalized 
with temperature difference between the wall and the 
centre of the pipe at Re=5000, Pr=6.2. The TC tower 
setting was corresponding to case A. It is observed that 
the temperature fluctuation near the wall is damped when 
the magnetic field was applied. In order to explain this 
more exactly, we need to deeply investigate the behavior 
of turbulent heat flux under the magnetic field, since the 
production term of temperature fluctuation consists of a 
turbulent heat flux in its transport equation. However, 
there has been no study that tried to measure the 
temperature and velocity simultaneously under the 
magnetic field with a high accuracy. Therefore, we 
consider the mechanism of such suppression of 
temperature fluctuation with the aid of some DNS [4,5] 
results for the velocity field. In this past work, the 
suppression of turbulence fluctuation of velocity due to 
the magnetic field is seen throughout the pipe. This 
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suppression strengthens our conjecture for the chain of 
events: first, the magnetic field suppresses the turbulent 
velocity fluctuation, then the turbulent heat flux is 
decreased. Because the production term in the transport 
equation of turbulent heat flux includes the Reynolds 
stress, finally the production of the temperature 
fluctuation is decreased. 

Fig. 8 shows the temperature profile in the pipe. In 
case B, the magnitude of the temperature gradient change 
is smaller than that of case A. As mentioned above, the 
heat transfer mechanism is likely dominated by the mean 
temperature gradient and the turbulent heat flux in the 
near wall region. According to Satake [4], the amount of 
turbulent suppression in case B is not so large compared 
with case A. Considering these circumstances, it is 
reasonable that the amount of change of mean 
temperature gradient is also smaller than that of case A. 

 
IV.  SUMMARY 

 
The local and average heat transfer and temperature 

fluctuation of a high Prandtl number turbulent pipe flow 
through a uniformly heated tube are measured in this 
study. As a result, Nusselt number for turbulent pipe flow 
decreased 22% at Ha=15, Re=5000, Pr=6.2, 24% at 
Ha=10, Re=5000, Pr=9.8 and 8% at Ha=15, Re=20000, 
Pr=6.2. 

It is clear that the temperature fluctuation is damping 
under the magnetic field at Re = 5000. More improvement 
in the TC tower is needed to measure with a higher degree 
of accuracy. In this study, however, the errors due to the 
flow meter, gauss meter, and fluid properties are included 
in both Reynolds number and Hartman number. Therefore, 
it is difficult to estimate the error precisely, because the 
experimental data on a like-for-like basis (same Re, same 
Ha, and same bulk temperature) is not sufficient. This 
might be an important future issue. 
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The 2-D vortex problem and 3-D turbulent channel 
flow are treated numerically to assess the effect of 
electrically conducting walls on turbulent MHD flow. As 
a first approximation, the twin vortex pair is considered 
as a model of a turbulent eddy near the wall. As the eddy 
approaches and collides with the wall, a high value 
electrical potential is induced inside the wall. The Lorentz 
force, associated with the potential distribution, reduces 
the velocity gradient in the near-wall region. When 
considering a fully developed turbulent channel flow, a 
high electrical conductivity wall was chosen to emphasize 
the effect of electromagnetic coupling between the wall 
and the flow. The analysis was performed using DNS. The 
results are compared with a non-MHD flow and MHD 
flow in the insulated channel. The mean velocity within 
the logarithmic region in the case of the electrically 
conducting wall is slightly higher than that in the non-
conducting wall case. Thus, the drag is smaller compared 
to that in the non-conducting wall case due to a reduction 
of the Reynolds stress in the near wall region through the 
Lorentz force. This mechanism is explained via reduction 
of the production term in the Reynolds shear stress budget. 

 
I. INTRODUCTION 

 
    In the region of transition Reynolds numbers, the 
increase or decrease of friction coefficients of a coolant  
having a low magnetic conductivity (e.g., a molten 
salt[1][2][3]) is obtained: this is a transition Hartmann 
number behavior. This behavior also leads to the 
deterioration of heat transfer. Therefore, the thermo-fluid 
design of the blanket under magnetic field fluctuation is 
very important. Since the magnetic field is strongly 
influenced by mean velocity, when the magnetic field is 
applied perpendicular to the flow direction, it is necessary 
to investigate the turbulent MHD flow behaviors for each 
direction of the applied magnetic field normal to the main 
flow. Furthermore, considering the the case of a wall with 
varying electrical conductivity, the flow characteristics of 
the coolant could be different from the usual turbulent 
non-MHD flows. In this sense, numerical simulation is 
very convenient for evaluating changes in flow due to 
changes in physical properties of the wall materials or in 
the direction of the applied magnetic field. A previous 
study for the case with electrical conductivity at the wall 

is exceeding to low speed velocity, such as laminar flow. 
In particular, the turbulence case is unknown.  

In the present study, numerical analysis of the well-
known “Vortex Dipole” problem [4][5] under a magnetic 
field is first performed in order to evaluate the influence 
of electrical conductivity of the first wall. This approach, 
with a turbulence eddy modeled by a two dimensional 
twin vortex,  is evaluated for the numerical scheme before 
full three dimensional DNS is done by a solver, with 
consideration of the effect of inner wall materials. 
Second, to evaluate the effect of the interaction of the 
wall and fluid in three dimensions, fully developed 
turbulent channel flow is carried out with a high-
conductivity wall. The difference for turbulence statistics 
of a conducting wall is clearly observed compared with 
that of an insulated wall. 

 
II.  2D VORTEX DIPOLE PROBLEM 
 
II.A. Numerical Procedures and Flow Parameters 
 

Table1 Flow parameters 
Hartmann number Ha=42 

Electrical Conductivity σ=0.01, 1, 100
WidthD δ, 1/5 δ 

 

Wall 

Liquid

Wall 

 
Fig. 1 Computational domain for 2D vortex dipole problem
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 The two-dimensional continuity and momentum 
equations for fluid motion and the potential equation for 
an electrical field under a low magnetic Reynolds number 
assumption were solved. Figure 1 shows the MHD fluid 
in a channel with electrically conductive walls. One pair 
of vortices with a positive or negative circulation located 
at the center of the channel is first introduced, and then 
the vortex motion is traced by numerical simulation. The 
magnetic orientation is in the streamwise direction. The 
Reynolds number, based on the circulation Γ and the 
viscosity ν, is 1800. The relative electrical conductivities 
of the wall are set to 0.01, 1, and 100. In order to 
investigate the effect of wall thickness, two cases with 
different thicknesses, 1 δ and 1/5 δ, were examined in 
Table 1. The mesh number of (64) + 128 + (64) x 256 is 
used for the computational domain of ( (δ)+2δ+(δ) x 
2πδ) in the wall-normal and spanwise directions. 

  Figure 2 shows the vortex contour, with the vortex 
pair attached at the wall with σ=100 at t*= tΓ /δ2=4, and 
the 2-D contour for potential distribution inside the wall 
at the same time. The distribution of vortices for all cases 
with different electrical conductivities at wall are almost 
the same. At σ =1 in Fig. 3, the signs  of both the primary 
and secondary vortices are negative. However, the 
potential distribution over the inside wall with σ=0.01 in 
Fig. 4 is different from the fluid distribution and the sign 
of the wall potential distribution is the inverse of that for 
the vortex in fluid. Thus, the potential distribution 
disappears incase of the low electrical conductivity. 

                  

（１） 

Equation 1 shows the gradient of the velocity in the 
z direction at the wall. Owing to the symmetry, the 

 
 

 
Fig. 2  Vortex and potential distributions at  t*=4 and 

σ＝100: Upper shows the vortex and lower for the 

2
2

0
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y
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Fig. 3  Vortex and potential distributions at  t*=4 and σ＝1:
Upper shows the vortex and lower for the potential 

 
Fig. 4  Vortex and potential distributions at  t*=4 and σ＝0.1:
Upper shows the vortex and lower for the potential 

 
Fig. 5  Time developing of the gradient of the velocity 
to the z direction 
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equation is integrated for the half region from the wall. 
Note that the gradient of the velocity is a part of the 
vortex definition; the vortex becomes asymptotically the 
gradient. Time developing of the gradient of the velocity 
to the z direction is shown in Fig. 5. Although the 
distribution is the same close to the initial state, the 
difference between the first twin vortex collision at the 
wall and the second one is remarkable. In particular, at 
large conductivity, the difference in the case of the thicker 
wall becomes large. Therefore, the flow state is not 
affected by the difference in conductivity. Although the 
difference appears near the wall region, the current 
becomes large for the thicker wall. That is, the reduction 
of wall shear at the wall is necessary to the design of a 
fusion reactor with conductive walls. As for turbulent 
flows, many twin vortices must exist near the wall, and 
the effect of wall conductivity must not be negligible.  
 
III.  TURBULENT CHANNEL FLOW WITH 

ELECTRICAL CONDUCTING WALL 

Table2 Friction coefficients 
 

Friction coefficient Cf Cf / Cf0 

Non MHD case 8.5522 x 10-3 1 
Conducting wall, Ha =15 8.1848 x 10-3 0.957 

Insulated wall, Ha =15 8.289 x 10-3 0.969 
 

The present DNS code is a hybrid spectral finite 
difference method [6] [7]. The number of grid points, the 
Reynolds number and grid resolutions are summarized in 
Table 1. The periodic boundary conditions are applied to 
the streamwise (x) and the spanwise (z) directions. As for 
the wall-normal direction (y), non-uniform mesh spacing 
specified by a hyperbolic tangent function is employed. 
The mesh number of 128 x (64)+128+(64) x128 is used 
for the computational domain of 5πδ x (δ)+2δ+(δ) x 
2πδ) in the streamwise, the wall-normal, and spanwise 
directions. The velocity components impose a non-slip 
condition at the wall.  A uniform magnetic field B0 
defines that magnetic orientation to be parallel to the axis 

of the streamwise direction in Fig.6. The Neumann 
condition for the electrical potential is adopted outside the 
wall: this is called the “conducting wall assumption”. The 
Hartmann numbers (Ha = B0 δ ( σ/ρν)1/2) based on the 
magnetic field B0, the kinematic viscosity ν, the electrical 
conductivity σand the channel width δ are set to 15.0. The 

σ at fluid is 1.0. The σ at solid wall is 62.27. If these 
parameters are assumed as actual material, the fluid and 
solid walls are mercury and copper, respectively. The 
Reynolds number is 4590 based on the bulk velocity. The 
fluid flows with a constant mass flux condition. 

 
 

III.B. Statistical Quantities 
 
In Fig.7, the mean velocity profile near the wall is 

normalized by friction velocity uτ.  The open channel flow 
with magnetic field is plotted along with the DNS (Direct 
Numerical Simulation) data by Satake et al. (2002) [8].  
The velocity profile in the conducting wall is slightly 
increased in the logarithmic region compared with that of 
the insulated wall. Thus, the drag at the conducting wall is 
reduced compared to that of the insulated wall. As is 
generally known [8] [9] [10] [11], the drag is reduced by 
the magnetic field with the orientation of streamwise 
direction. To confirm the phenomena, the friction 
coefficients for the both cases and the non-MHD one are 
examined in Table 2. Although the difference is very 

III.A. DNS Code and Flow Parameters 
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Fig. 7  Mean velocity profiles 
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small, the coefficient value of the conducting wall is 
smaller than that of the insulated wall. When the 
coefficient is normalized by that of the non-MHD case, 
the difference is more clearly observed, at a value of 
1.2 %. If a body force is caused near the wall region, the 
velocity gradient on the wall is directly affected by the 
force. Satake and Kasagi (1996) [12] show the drag 
reduction is caused by the effect of the artificial spanwise 
body force –αw which is artificially assumed only near 
the wall region in the spanwise momentum equation. 
They also showed that the strength of parameter α and the 
drag were related. In our case, the difference of 1.2 % for 
the drag coefficients between the conducting and 
insulated walls corresponded to α=0.2 by the estimation 
from their results. Figure 8 shows the Reynolds shear 
stress, mean velocity gradient and total shear stress. The 
Reynolds shear stress profile in the conducting wall is 
slightly decreased near the wall region compared with that 
of the insulated wall. Thus, this phenomenon is the reason 
for the drag reduction at the conducting wall. To elucidate 
this mechanism, we discuss the  stress budget level. 

The Reynolds shear stress budget is written as: 
 

2
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                                                                    （2） 
The terms in the above equation for the conducting 

wall and the insulated wall are shown in Figures 9 (a) and 
(b).  The production terms of the conducting wall 
decrease at y+<4 compared with those of the insulated 
wall. The production terms consist of the normal stress 
and the mean velocity gradient. Although the mean 
velocity gradient is increased in Fig. 8, the normal stress 
is further decreased. It is evident that the normal stress 
(not shown here) of the conducting wall is decreased 
compared with that of the insulated wall. 

 
III.C. Turbulent Structure 

Figure 10 shows the 3D contour surface for the 
second invariant tensor and potential value inside wall at 
the conducting wall. The large potential region is located 
near the vortical structures. A high shear of the velocity 
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Fig. 9 Reynolds shear stress budget: (a) Conducting wall, 
(b) Insulated wall 

 
Fig. 10 Second Invariant tensor in fluid and potential 
surface inside wall 

 
Fig. 11 Streaky structures in fluid and potential 
inside wall in y-z plane 
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gradient exists in the region around the vertical structures; 
it is especially remarkable for the region which has many 
vortexes adjacent to the wall. The phenomena correspond 
to the result of the 2D vortex dipole problem. The streaky 
structures and potential value inside wall in the y-z plane 
are shown in Fig. 11. The high potential region is located 
below the streaky structures. A large gradient of potential 
value gathers between the streaks. It is evident that the 
potential inside conducting wall is closely related to the 
mechanism of the production streaks. The streaky 
structures and the potential value inside the wall in the x-y 
plane are shown in Fig. 12. Wall shear layers with some 
alignment against the wall are clearly observed. In 
generally knowledge, the alignment is due to the vortical 
motion at the wall surface. The high potential region is 
located at the wall shear layers.  This is also evidence for 
the relationship between the production of streaks and 
potential. The second invariant tensor and the potential 
value inside wall in y-z plane are shown in Fig. 13. The 
large strength of the second invariant tensor is directly 
located on the high potential region. Thus, the potential is 
made of the vertical structures. This phenomenon is in 
complete agreement with the results of the two 
dimensional vortex dipole problems as shown in Fig. 2. 

 
IV. CONCLUSIONS 

The 2D vortex problem and turbulent channel flow 
experiments were carried out as an estimation of the 

electrical conductivity at the wall under magnetic field. In 
the 2D vortex problem, the large potential region inside 
the wall is caused by vertical motion, when the electrical 
conductivity is large. In the visualization from turbulent 
channel flow with the conducting wall, the turbulent eddy 
is closely related to the large potential region inside wall. 
The large region affected  the fluid at the wall surface, the 
drag reduction  occurred. This phenomenon is confirmed 
from the reduction of Reynolds stress and the production 
term in a part of Reynolds stress budget equations. The 
Lorentz force causes near wall region from inside large 
potential, and the velocity gradient on the wall is directly 
affected by the force. 
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In this study, the MHD pressure loss and heat 
transfer characteristics of the low-Magnetic Reynolds 
number and high-Prandtl fluid such as the FLiBe, were 
investigated by means of DNS and the evaluation of MHD 
turbulence models was also carried out in high-Reynolds 
number condition. As the results, the similarity-law 
between the velocity and the temperature profiles was not 
satisfied at the near critical Ha condition to maintain 
turbulent status and anisotropy tendency was remarkable 
in increase of Ha number. In high-Re number condition, 
MHD turbulence models coupled with k-ε model can 
reproduce the MHD pressure loss trend with increase of 
Ha number but turbulent model which can consider the 
anisotropy of the Reynolds stresses and the local change 
of the turbulent Pr number might be required in the view 
point of quantitative prediction. 

 
I. INTRODUCTION 

 
Molten salt FLiBe is one of the coolant candidates in 

the first wall and blanket of the fusion reactors and has 
the advantages in Magneto-Hydro-Dynamics (MHD) 
pressure loss, chemical stability, solubility of tritium and 
so on. In the contrast, the low thermal diffusivity and high 
viscosity are the issues of the FLiBe utilization as the 
coolant. Moreover, the development of precise MHD 
turbulence model is highly demanded to predict the MHD 
pressure loss and the heat transfer for fusion reactor 
design. 

MHD turbulent wall-bounded flows have been 
investigated extensively both experimentally and 
numerically (Reed and Lykoudis1, Simomura2, Noguchi et 
al.3, Orlandi4, Satake et al.5, Lee and Choi6 etc.) and many 
important information about drag reduction and turbulent 
modulation have been obtained. Especially, direct 
numerical simulation (DNS) of turbulent flows is one of 
the most powerful methods to understand turbulent 
structures and heat transfer. But, molten salt fluids such as 
FLiBe are the high-Pr fluids (Pr=20-40), previous DNS 
studies have conducted at the low-Pr condition. Therefore, 
MHD turbulent heat transfer on high-Pr fluids hasn’t been 
understood well. One more important problem of DNS 
studies is low-Reynolds number effects caused from 
computational resources limitation. However, DNS of 

MHD channel flow at high-Reynolds number were 
reported recently by Satake et al.7 and MHD turbulence 
model evaluation at high-Reynolds number can be 
allowed using this DNS database. 

In this study, the MHD pressure loss and heat transfer 
characteristics under medium-high Pr condition (Pr=5.7) 
were investigated by means of DNS and the evaluation of 
MHD turbulence model proposed by Kenjeres and 
Hanjalic8 and Smolentsev et al.9 were also carried out at 
high-Reynolds number corresponding to the DNS 
database (Bulk-Re=45818)7. 
 
II.  DNS OF MHD CHANNEL FLOWS WITH 

HEAT TRANSFER 
II.A. Numerical condition and Numerical procedures  

Table 1 Numerical condition 
Reτ Ha Pr Domain 

Lx×Ly×Lz 
Grid number 

Nx×Ny×Nz 
Resolution 
Δx+,Δy+,Δz+ 

150 0 5.7 8h×2h×4h 80×96×80 15.0, 0.3-6.4, 7.5
150 8 5.7 8h×2h×4h 80×96×80 15.0, 0.3-6.4, 7.5
150 12 5.7 8h×2h×4h 80×96×80 15.0, 0.3-6.4, 7.5
150 16 5.7 8h×2h×4h 80×96×80 15.0, 0.3-6.4, 7.5

 
Reτ=uτh/ν: Turbulent Reynolds number, uτ: Friction velocity, h: 
channel half depth (=d/2), ν: Kinetic viscosity, Ha=Byd(σ/ρν)1/2, 
By: Wall-normal Magnetic flux density, σ:Electric conductivity, 
Pr=α/ν: Prandtl number, 
α: Thermal diffusivity, Lx(Nx, Δx), Ly(Ny, Δy), Lz(Nz, Δz) : 
Computational domain (Grid number, resolution) for stream (x), 
vertical (y) and spanwise (z)directions. 

Fig.1 Computational geometry and coordinate system
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Numerical conditions in DNS of 2D-fully developed 
turbulent channel flows imposed wall-normal magnetic 
field, were tabled in Table 1, where super-script + denotes 
the nondimensional quantities normalized by friction 
velocity and kinetic viscosity. In the computations, 
thermal properties of the KOH solution (Pr number is 5.7 
at 40 deg-C.) were used because the KOH solution instead 
of FLiBe was used in the JUPITER-2 experiment. 
Turbulent Reynolds number (Reτ) was kept on 150 and 
Hartmann number (Ha) was changed from 0 to 16.  

The continuity equation, the momentum equations 
with the electric field described using the electrical 
potential approach at low magnetic Reynolds number and 
the energy equation solved by a hybrid Fourier spectral 
and the second order central differencing method9. 
Nonlinear terms were computed with 1.5 times finger 
grids in horizontal (x and z) directions. Time integration 
method is 3rd order Runge-Kutta scheme for convection 

terms, Crank-Nicolson scheme for viscous terms and 
Euler Implicit scheme for Pressure terms, respectively. 
Non-slip and periodic conditions were imposed for 
boundary condition of velocity and constant temperature 
(Ttop > Tbottom) and periodic conditions were imposed for 
passive scalar field, respectively. 
 
II.B. Results and Discussion 

 
Figure 2 and 3 shows mean velocity and Reynolds 

shear-stress profiles, respectively. In Ha=16.0 case, flow 
is not turbulent but laminar flow. Velocity profile in 
Ha=12.0 is closed to laminar case and velocity profile in 
Ha=8.0 is closed to non-MHD case. To maintain turbulent 
status, Ha=12.0 was the near critical condition. Figure 4 
and 5 shows streamwise and vertical turbulent intensity 
profiles, respectively. Streamwise turbulent intensity was 
not influenced by MHD effects but vertical and spanwise 
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intensity were suppressed by MHD effects. These indicate 
that MHD force acts on the streamwise vortex reduction 
and non-isotropic effect is remarkable. The profiles of the 
turbulent intensity were in good agreement with the 
previous DNS results4. 

Iso-surfaces of 2nd invariant velocity gradient tensor 
(Q+=0.03) are shown in Fig.6, where positive area of 2nd 
invariant of velocity gradient tensor is corresponded to 

vortex region. In the MHD case, vortex areas were 
localized and restricted near wall because of MHD effects. 
This visualization results are good agreements with 
turbulent intensities behavior with increase of Ha number 
(MHD effects). 

Figure 7 shows mean temperature profiles. 
Temperature fields were normalized by temperature 
difference between top and bottom wall. Mean  

Fig.6 Iso-surfaces of 2nd invariant of velocity gradient tensor 
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temperature profile in Ha=12.0 is closed to non-

MHD case (Ha=0.0), though velocity profile is closed to 
laminar flow’s profile. Figure 8 shows wall-normal 
turbulent heat-flux profiles. As well as temperature profile, 
wall-normal turbulent heat-flux profile in Ha=12.0 is 
closed to non-MHD case (Ha=0.0). These are why 
velocity profile depended on MHD force but temperature 
profile depended on wall-normal turbulent heat flux near 
critical condition and indicate that similarity-law between 
velocity and temperature fields is not satisfied near 
critical condition to maintain turbulent status. Figure 9 
shows turbulent Pr number profiles, where turbulent Pr 
number (Prt) was defined by turbulent viscosity (:νt) and 
turbulent diffusivity (:αt). Turbulent Pr number profiles 
are not much difference between in Ha=0.0 and 8.0 cases 
but turbulent Pr number profile tendency in Ha=12.0 is 
the opposite of the others. This indicates that constant 
turbulent-Pr number can not be used in the zero-equation 
type turbulent closure model of energy equation. Friction 
drag coefficient and Nussetl number are tabled in Table 2. 
Increased in Ha number, Friction drag coefficient changes 
linearity but Nusselt number jumps at the transition point 
form turbulence to laminar. Present DNS results indicates 
that turbulent model which can consider the anisotropy of 
the Reynolds stresses and the local change of the 
turbulent Pr number might be required in the view point 
of quantitative prediction. 
 
III.  RANS SIMULATION AND COMPARISON 

WITH HIGH-RE DNS DATABASE 
 
Next, numerical calculations of MHD turbulent channel 
flow imposed the wall-normal magnetic field were carried 
out by using the Kenjeres and Hanjalic (KH) model8 and 
the Smolentsev et al. (S) model9 at the same condition as 
the DNS data7, Bulk Re = 46000 and Ha= 32.5 and 65. 
Unfortunately, temperature fields’ data don’t be reported 
by Satake et al.7 and comparison of velocity fields was  

Table 2 Friction drag coefficient and Nusselt number 
Re Ha Pr Friction drag 

coefficient: Cf 
Nusselt  

number: Nu 
150 0 5.7 6.33×10-6 15.73 
150 8 5.7 6.20×10-6 14.00 
150 12 5.7 5.70×10-6 10.53 
150 16 5.7 5.55×10-6 2.47 
 

conducted in this section. For the k-ε turbulence model, 
Myong and Kasagi model10 was adapted with above 
MHD models. 

Figure 10 and 11 show the mean velocity and 
turbulent kinetic energy profiles in Ha=32.5 and 65.0, 
respectively. Compared with the DNS results, both MHD 
turbulence models can reproduce the MHD pressure loss 
trend with increase of Ha number. However, both models 
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underestimated the turbulent kinetic energy, and the 
prediction accuracy was getting worse with increase of Ha 
number. Compared with the KH model and the S model, 
the KH model has a little advantage in the prediction 
accuracy and this result conforms close to a priori test in 
MHD source terms in k- and epsilon-equation8. To 
improve the prediction accuracy of the k-e turbulent 
model, some modification of eddy viscosity would be 
required. 
 
IV. CONCLUSIONS 
 

In this study, the MHD pressure loss and heat transfer 
characteristics of the low-Magnetic Reynolds number and 
high-Prandtl fluid, were investigated by means of DNS 
and the evaluation of MHD turbulence models was also 
carried out in high-Reynolds number condition. As the 
results, the possibility of prediction accuracy deterioration 
for turbulent heat transfer was pointed, especially near 
critical Ha condition to maintain turbulent status. 
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Experimental research on molten salt thermofluid 

technology using a high-temperature molten salt loop 
(MSL) is described in this paper. The MSL was designed 
to be able to use Flibe as a coolant, however, a simulant, 
heat transferr salt (HTS) has to be used alternatively 
since Flibe is difficult to operate under avoiding a 
biohazard of Be. Experiment on heat-transfer 
enhancement, that is required for applying to cool the 
high heat flux components of fusion reactors, is ongoing. 
Preliminary experimental results showed that an internal 
structure of a mixing chamber in the MSL was important 
to obtain accurate bulk temperatures under severe 
thermal conditions. For operating the loop, careful 
handling are needed to proceed how to melt the salt and 
to circulate it in starting the operation of the MSL. It is 
concluded that several improvements proposed from the 
present experiences should be applied for the future Flibe 
operation. 

 
I. INTRODUCTION 

 
In recent designs of a fusion-reactor blanket, the 

molten salt Flibe is recommended to be an alternative 
candidate material for blanket from the viewpoint of 
avoiding MHD effects3. The typical characteristics of 
Flibe are explained in the reference1. Molten salt Flibe is 
a high Pr-number fluid, which generally has the low heat-
transfer on inner heated walls in pipes. Therefore, we 
have to develop new methods to enhance the heat transfer 
in a closed channel when Flibe is used. The authors 
reported that a packed-bed channel is applicable as the 
heat transfer promoter1. In addition, other promoters are 
also examined as generally used by twisted-tape inserted 
tube, fins and other turbulent heat-transfer enhancers. 
Molten salts are conventionally used as medium for 
chemical heating and metal quench hardening in many 
industries. Also, Flibe was used as a secondary coolant in 
MSER. However, there is a few precedential experiments 
for heat transfer of molten salts under such high heat-flux 
and high flow-rate conditions as required in fusion power 
reactors. Especially for such severe conditions, we have 
less knowledge of handling the molten-salt closed channel 
loop.  

In this paper, the high-temperature molten salt loop 
(MSL) to investigate heat transfer enhancments of molten 

salt Flibe and the experimental results using heat transfer 
salt (HTS) under such severe conditions will be reported.  
 
II.  MOLTEN SALT FORCED CIRCULATING 

LOOP 
 

The MSL (designed by IHI Co., Ltd., Japan) was 
built at Tohoku University, Japan in 1998 (Fig. 1). It was 
designed to be able to use Flibe as a working fluid. 
Because of the high melting point of Flibe (732 K), all 
components of the MSL and all pipes have to be heated 
up above this melting temperature. The main components 
of this loop are: (1) Dump Tank, (2) Circulation Pump, 
(3) Test Section, (4) Upper Tank and (5) Air Cooler. The 
inert gas was chosen to be Ar gas so as to keep the 
experiment under safe and stable conditions.  

The flow rate of the working fluid is measured by a 
differential pressure instrument with orifice flanges. All 
connections of pipes were welded except for portions 
needed with flanges. These pipes were constructed with 
inclinations in order to dump easily the fluid into the 
Dump Tank when a shutdown of electric power line or a 
deficiency of inert gas might be caused. 

The Dump Tank is the storage of a working fluid. In 
circulating, the Dump Tank also functions as a buffering 
tank to keep the circulating line filled with fluid. The  
 
 

 
 

Fig. 1. System diagram of MSL 
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volume is 130x10-3 m3. The procedure to fill up the 
molten salt in the MSL is as follows; at first, the Dump 
Tank is heated up in order to melt the salt. Then, the 
surface of the melted salt in Dump Tank is pressurized by 
Ar gas, and the Upper Tank is degassed. As a result, the 
loop of the MSL is filled up with the molten salt. 

The Forced Circulation Pump is a centrifugal 
mechanical pump for high-temperature molten salt 
manufactured by Teikoku Electric MFG. Co., Ltd., Japan. 
The pump has a high-pressure head enough. However, the 
maximum flow rate is limited to be 3.33x10-4m3/s due to 
large pressure drop through the Air Cooler. 

The test section is provided to investigate heat 
transfer enhancements for high-temperature molten salt. 
The overall length of the heated section is 5.0x/10-1m. In 
order to obtain the heat transfer coefficient, a mixing zone 
is set so as to measure a bulk temperature. So, the net 
effective length of the test section for heat transfer 
measurements is reduced to about 4.5x10-1m. 

The Upper Tank is to keep the surface liquid level at 
the top of the loop. The tank has three level gauges, the 
high, middle and low-level gauges. In experiments, the 
surface level is adjusted between the high and the middle 
gauges, which is controlled with supplying or degassing 
Ar gas.  

The Air Cooler is applied in order to cool down the 
fluid heated at the test section. Heat exchanger tubes of 
the Air Cooler are arrayed in zigzag. The heat transfer 
area of the tubes with fin is about 5.4 m2.  
 
III.  EXPERIENCES OF HANDLING MOLTEN 

SALTS 
 

The MSL has been designed on the basis that Flibe 
can be used. However, it has the too high melting point of 
732 K and its vapor includes Be, which might cause the 
biohazard in the accident of vapor leakage. From 
consideration of these difficulties, we chose HTS as a 
simulant of Flibe. HTS is a eutectic mixed salt; 
KNO3:NaNO2:NaNO3=53:40:7. Its melting point is 415 K, 
and it is considerably easy and safe to be handled in 
experiments. And also, it has the benefit not to contain 
any noxious materials. HTS is a simulant to obtain the 
similarity of Pr number for Flibe. The Pr number of the 
referred Flibe (LiF:BeF2=66:34) is about 30 at 793 K, and 
HTS can be adjusted at the same value at 443 K (Fig. 
2(a)). In this section, several technological experiences 
and topics through operating the MSL will be introduced. 

 
III.A. A Big Sound in Melting the Salt in the Dump 

Tank 
 
At first, the salt is melted at the Dump Tank where 

the salt is stored as a solid phase ordinarily. As the heater 
for the Dump Tank was installed around its outside wall, 
melting of the salt proceeds like a ‘whiskey on the rock.’  

 
 

Fig. 2. (a) Temperature vs. Pr number. 
 (b) Experimental data of Re vs. Nu. 

 
 
The salt starts to melt from the region adjacent to the wall 
and pipes, which brings a normal ‘cracking sound.  

However, there happened some cases where the 
melting process makes an extraordinary big sound with ‘a 
shock.’ Although the inside of the Dump Tank cannot be 
inspected visibly, it may be supposed to be caused by 
buoyancy of the molten salt, or by a difference of thermal 
expansion between the SUS316 and the molten salt. It 
should be afraid that this shock and sound might destroy 
the Dump Tank, thus we are on going to grasp this 
phenomenon more clearly. 
 
III.B. Molten Salt Invades into Gas Pipes 
 

As mentioned above, the liquid level is controlled by 
the pressure of inert Ar gas at the Upper Tank. Since Ar 
gas does not need to be preheated, any of preheater and 
thermal insulation are not attached on the gas lines. 
However, if the flow rate is over the designed limitation, 
molten salt might quickly invade into the fine gas pipes 
and be frozen there. 

Such the abnormal situation has to be prevented by 
installing some hazard equipment. One way is proposed 
to install one more gauge (the highest level gauge) above 
the position of the high level gauge in the Upper Tank. 
The pump should be shut down as quickly as liquid 
touches the highest gauge. The another way is to install 
the buffering chamber preventing overflowed molten salt 
at the entrance of the gas line connecting to the Upper 
Tank. As the gas pipes are so fine, the buffering chamber 

111



can store overflowing liquid and prevent it flow into gas 
lines furthermore. In the MSL, the latter way is 
recommended to be more realistic than the former. 

 
III.C. Others 
 

It is found that small amount of HTS is left behind at 
some of welding points of the loop due to less fluidity 
with high viscosity, when the whole working fluid is 
dumped into the Dump Tank after shutdown. And, in the 
present loop, airtightness of the loop was found to be 
broken not from the connections but from some of 
solenoid valves to intake and exhaust Ar gas for 
controlling the surface level. These small leak problems 
should be avoided carefully when we will use Flibe in 
future, of which vapor involves Be. 

After the salt is melted in the tank, the loop has to be 
entirely preheated above its melting point. Although the 
preheater was installed all over the present loop, the 
temperature rise at the parts of flanges is very slow 
compared with another parts of the loop. Because heaters 
around flanges are controlled together with the 
neighboring ‘easy heated’ parts of the pipes, the molten 
salt near the flanges might be solidified again due to low 
temperature at flanges with their large heat capacity, 
which leads to preventing their smooth temperature rise. 
From these experiences, heaters of flanges should be 
controlled separately in order to avoid such solidification. 
 
IV. PRELIMINARY EXPERIMENT AND 

EXPERIMENTAL PLANNING 
 

Preliminary experiments using HTS have been 
performed to measure Nu number through a smooth pipe 
(Fig. 2(b)). From these experiments, the following 
important experiences have been obtained. 

It is needed to use a mixing chamber where the bulk 
temperatures are measured. Firstly, the first test section 
was experimented, which we had constructed by applying 
a mixing method proposed in the reference2, however, the 
result could not give the accurate bulk temperatures at 
outlet of heating area. It was shown in the report4 that, 
due to high viscosity, molten-salt flow had to be stirred by 
other ways different from the above mixing method 
applied for usual fluids like water. 

Secondly, as the present experiments are 
performed under high-temperature and high Pr-number 
conditions, we developed the more efficient structure of 
the test section containing the new type of mixing 
chamber. The packed-beds mixing chamber (Fig. 3(a)) of 
the first test section had too high heat capacity because of 
too large volume of the flanges at the mixing chamber. 
Although the temperature profile of the wall at the heated 
area had to be a monotonous increase along flow direction, 
the temperature at a center point of the heated area was 
higher than that at an end point, that made it difficult to  

 
 

Fig. 3. Schematics of the mixing chamber for: 
(a) first test section; (b) second test section. 

 
 
measure heat transfer coefficients. For improving these 
problems, the second test section was developed (Fig. 
3(b)). It is possible to obtain accurate Nu number 
compared with an experimental formula5 as shown in Fig. 
2(b) because the second test section has smaller heat 
capacity and compactness. 

The experimental planning with this second test 
section are as follows: the first is to find out the most 
suitable method for the fluid mixing by considering the 
effects of the mixing area and the size of the packed bed 
particles. Thereafter, heat transfer enhancements will be 
researched by applying the packed-bed tubes, twisted-tape 
inserted tubes and another possible turbulence promoter. 
 
V. CONCLUSIONS 
 

The main purpose with theMSL is to investigate the 
heat transfer enhancement for molten salt. From the 
preliminary experiments using the MSL, several 
experiences in handling molten salts have been obtained. 
The important experiences were reported. For avoiding 
any troubles in a fusion power plant, these experiences 
should be considered in designs of the fusion-reactor 
blanket or heat exchanger using Flibe with high melting-
point fluid. 

From the fundamental experiments for heat transfer 
of molten salts under such severe conditions with a large 
forced circulation loop, we could indicate several 
problems to be solved. The heat capacity of a mixing area 
should be smaller from the viewpoint of thermal loss and 
making the temperature distribution uniform. Since the 
MSL experiments are performed under high-temperature, 
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high heat-flux and high flow-rate conditions, it is 
necessary to apply the suitable structure of a test section 
with the suitable mixing chamber. The experiments are 
now on going with the improved Test Section. By these 
experiments, several methods of heat transfer 
enhancement will be developed. A promising enhancer 
for molten-salt heat transfer in fusion reactors will be 
found probably from our future experiments using the 
MSL. 
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An investigation of MHD effects on Flibe simulant 
fluid (aqueous potassium hydroxide solution) flows has 
been conducted under the U.S.-Japan JUPITER-II 
collaboration program using “FLIHY” pipe flow facility 
at UCLA. Mean and fluctuating temperature profiles in a 
conducting wall pipe were measured for low Reynolds 
number turbulent flows using a thermocouples probe at 
constant heat flux condition. It is suggested that the 
temperature profiles are characterized by interaction 
between turbulence production, turbulence suppression 
due to magnetic field and thermal stratification occurred 
even under the situation where quite small temperature 
difference exists in the pipe cross-section. 
 

 
I. INTRODUCTION 
 

Flibe is one of the possible candidates for 
coolant/breeding materials for fusion applications. It has 
very low activation, low tritium solubility, low chemical 
reactivity, and low electrical conductivity, which relieve 
the problems associated with MHD pressure drop. In 
recent research, several design concepts utilizing Flibe 
have been proposed. Some of the examples are HYLIFE-
II,1 the APEX thick/thin liquid walls2 and FFHR.3 
Furthermore, Flibe has a crucial difference from liquid 
metals with respect to the heat transfer characteristic: 
Flibe is a high Prandtl number fluid. For high Prandtl 
number fluid, in general, heat transport from a heated wall 
into the core of the fluid flow is dominated by turbulent 
motion rather than thermal diffusion. Near-wall flow 
structures are especially important because thermal 
boundary layer is much thinner than the momentum 
boundary layer. In the fusion blanket application of Flibe, 
there is a severe limitation of temperature window due to 
its high melting point. The turbulent heat transfer is, 
therefore, decisive in designing Flibe-based blanket. On 
the other hand, it is well known that the strong magnetic 
fields suppress the turbulence even for the flows of low 
conducting fluids. In the case of occurrence of turbulence 
suppression, it is concerned that the degradation of the 

heat transfer performance for high Prandtl number fluid 
becomes more severe than that for low Prandtl number 
fluid. 

MHD turbulent flows have been extensively studied 
using liquid metals as working fluids. As far as the MHD 
effects on the heat transfer characteristics are concerned, 
Gardner4 reported that the influence of the transverse 
magnetic field on the heat transfer was to inhibit the 
convective mechanism of heat transfer, resulting in 
reduction of Nusselt number up to 70%. In another 
paper,5 Gardner summarized his results of turbulent heat 
transfer calculations using a curve fit equation 
representing the average Nusselt number as function of 
Peclet number and Hartmann number (Ha). However, the 
MHD turbulent heat transfer characteristics for high 
Prandtl number fluids are not well understood. Blum6 
conducted heat transfer experiment using an electrolyte 
flowing through a rectangular channel over a wide range 
of Reynolds number (Re) including the transition region 
from laminar to turbulent and presented an empirical 
correlation for degradation of heat transfer in a turbulent 
MHD flow as a function of interaction parameter (N= 
Ha2/Re). Since his correlation was constructed from two 
different experimental data with completely different 
experimental conditions and parameter range, more 
reliable data will be required.  

From FY2001, JUPITER-II (Japan-US Program for 
Irradiation Test of Fusion Materials) collaboration is in 
progress. As one on the important task of this 
collaborative program, a series of experiments on fluid 
mechanics and heat transfer of Flibe-simulants have been 
performed by means of an experimental MHD flow 
facility called “FLIHY” (FLIbe HYdrodynamics) at 
UCLA. Turbulent flow field measurements using PIV7 
and heat transfer measurements8 have so far been carried 
out without magnetic field to establish the experimental 
techniques and verify the performance of the facility by 
comparing an existing experimental results9 and DNS 
data.10 

The objective of the present investigation is to 
improve understandings of MHD effects on turbulent heat 
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transfer on high Prandtl number fluid by acquiring 
experimental data for local and average heat transfer and 
mean and fluctuation fluid temperature distributions for 
turbulent flow of electrically conducting fluid in a 
electrically conducting wall pipe under magnetic fields 
using high Prandtl number fluid as a Flibe simulant.   
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Fig.1 Schematic drawing of the pipe flow facility 
 

II. EXPERIMENTAL SETUP 
 

Fig.1 shows a schematic drawing of the experimental 
pipe flow loop “FLIHY” in UCLA. The 30%wt aqueous 
potassium hydroxide (KOH) solution is used as a Flibe-
simulant fluid. The fluid flow is introduced into a 
horizontal pipe test section by a mechanical pump. The 
inlet and outlet temperature is monitored by 
thermocouples. The bulk mixing temperature of arbitrary 
cross section Tb is estimated by linear interpolation from 
the inlet temperature Tin and the outlet temperature Tout 
using equation (1), where x is the length of the heated 
section at  the measurement position and L is the total 
length of the heated section. 

 

( )b in out in
xT T T T
L

= + −    (1) 
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Fig.2 Details of Test Section 

The magnet used for the present experiments 
produces maximum 2.0 Tesla magnetic fields in a narrow 
gap of the iron core at 3000 A of applied electric current. 
The test section was placed in the gap which is 1400 mm 
length in the streamwise direction, 250 mm in height, and 
150 mm in width. The generated B field has uniform 
distribution within 5% variation for 1000 mm in the 
streamwise direction. 

Fig.2 gives details of the test section. The test section 
is an 8000 mm long stainless steel pipe with 50 mm inner 
diameter. A part of the pipe is heated uniformly by 
heating tapes. The magnetic field is applied for 1400 mm 
along the pipe. Twenty-five T-type sheathed 
thermocouples with 0.5 mm diameter are installed in 
drilled holes with 1 mm diameter on the outer surface of 
the pipe and affixed with high thermal conductivity 
(15W/mK) adhesive at five axial positions and five angles 
from the horizontal magnetic field. The distance from the 
pipe inner surface to the thermocouple junctions is 1mm.  

The effect of the magnetic field on the output signals 

of the wall thermocouples is shown in Fig.3. Large spikes 
in the thermocouple output signals were observed when 
the magnitude of the magnetic field was changed; 
however, the output signals were stable when the 
magnetic field was kept constant. Since the 
thermocouples are sheathed and insulated from the test 
pipe, the effect of induction current in the stainless steel 
pipe should be negligible, and the spikes are caused by 
EMF induced in the thermocouple wires. The temperature 
difference between with and without magnetic field is less 
than 0.01K for all the thermocouples. Therefore, the 
effect of the magnetic field on the thermocouple 
measurements is negligible for steady state.  

The radial temperature distributions of the fluid flow 
in the pipe are measured by means of thermocouples (TC) 
probe, which consists of six Inconel-sheathed K-type 
thermocouples with 0.13 mm diameter. The schematic 
view of TC probe is shown in Fig.4. The TC probe can be 
moved by a micrometer with the spatial resolution of 
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0.02mm. Measurable minimum distance from the inner 
pipe wall is 0.05mm. The 63% response time of these 
thermocouples is 2ms. It is confirmed that the effect of 
TC probe on the upstream temperature field and the effect 
of vibration of TC probe on the temperature measurement 
are both negligible. Although the angle of the TC probe to 
the B filed can be changed freely, the angle is fixed in the 
horizontal plane which is parallel to the B field in present 
study.  
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Fig.4 Schematic view of TC probe 
 
The Reynolds number based on the bulk mean 

velocity and the pipe diameter is varied from 7400 to 
20000 for three Hartmann numbers based on a pipe 
diameter, Ha=0, 10, 20. The bulk mean velocity is 
calculated from the flow rate. The flow rate is measured 
and monitored by vortex flow sensor which measures 
flow rate from frequency of Karman vortex. TABLE I 
shows the property of KOH solution in the present 
experimental conditions. 
 

TABLE I. Properties of KOH solution 
 

Temperature [℃] 40.0 42.5 44.0 

Density[kg/m3] 1275.6 1274.0 1272.8

Thermal conductivity[W/(m K)] 0.737 0.741 0.743

Viscosity[10-3Pa*s] 1.280 1.231 1.193

Specific Heat Capacity [J/(kg K)] 3010 3014 3018

Electrical conductivity[1/ohm*m] 81.7 84.7 87.1 

Prandtl number  5.23 5.01 4.85 
 
III. EXPERIMENTAL RESULTS 
 

Fig.5 shows the mean temperature distributions. The 
non-dimensional temperature T+ is defined as below. 

 

,w w

p

T T qT T
T c uτρ

+ ∗
∗

−
= =    (2) 

Here T* is the friction temperature determined by the 
wall heat flux qw, fluid density ρ, heat capacity cp, and the 
friction velocity uτ . The wall temperature Tw is measured 
by thermocouple installed in the pipe wall at the probe 
location. In each figure, the equation of temperature 
profiles in fully developed turbulent boundary layer 
proposed by Kader11 shown in Eqs. (3) and (4) are plotted 
along with the experimental data. 
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Here y is the coordinate normal to the wall, y+ 

dimensionless coordinate defined by friction velocity, and 
R the pipe radius. In all cases, the temperature profiles 
without magnetic field give close agreement with Kader’s 
equation. From the agreement, it is confirmed that the 
effect of natural convection is not significant. Indeed, the 
typical feature of natural convection appeared up to 
Re=5000. Common trend among these profiles is that the 
temperature difference between wall and fluid becomes 
larger in the near-wall region with increase of Ha. Heat 
transfer to the non-MHD turbulent flows is generally 
dominated by turbulent transport. For MHD flows, 
however, it is well known that the turbulence is 
significantly suppressed especially for the flows in 
conducting wall ducts. This results in prohibiting the 
turbulent transport mechanism. Therefore, the increase of 
the temperature difference can be explained by 
degradation of heat transfer due to the prohibition of 
turbulent transport mechanism. It is noted that for Ha = 10, 
the increase of the temperature difference is obvious only 
for Re = 9000, and no noticeable change is observed for 
higher Reynolds number cases. Although Gardner et al.4 
reported that significant natural convection was observed 
in their experiments, no evidence for natural convection 
was obtained in this experiments. Meanwhile, large 
temperature difference between top and bottom (large 
temperature rise in the top) of the pipe suggests that the 
thermal stratification occurs in the flow. This is observed 
even when the temperature difference between wall and 
bulk fluid is as small as 0.5 K at Re = 11000.  

As shown above, the MHD effects on turbulent heat 
transfer for low Reynolds number flows are characterized 
by competition between turbulence production, turbulence 
suppression and thermal stratification. Therefore, the 
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MHD effects are more prominent for lower Reynolds 
number cases in which turbulence production is weaker.  

The temperature fluctuation profiles are shown in 
Fig.6. The r.m.s. (root-mean-square) value of the fluid 
temperature is normalized by the friction temperature T*. 
In the case of Re=7400, the temperature fluctuation is 
declined with increase of Ha in the entire region, which is 
rather straightforward consequence of the turbulence 

10-1 1 10 1020

20

40

60

80
Re=9000

 Ha=0  (St=0)
 Ha=10 (St=0.01)
 Ha=20 (St=0.04)
 Kader

y+

T+

(a) 
Re=9000 

10-1 1 10 1020

20

40

60

80
Re=11000

 Ha=0 (St=0)
 Ha=10 (St=0.009)
 Ha=20 (St=0.036)
 Kader

y+

T+

  
(b) Re=11000 

10-1 1 10 102 1030

20

40

60

80
Re=20000

 Ha=0 (St=0)
 Ha=10 (St=0.005)
 Ha=20 (St=0.02)
 Kader

y+

T+

 (c) 
Re=20000 

 
Fig.5 Temperature profile under magnetic field 
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Fig.6 Change of temperature fluctuation profile  

under magnetic field 
 
suppression. On the other hand, the contradictory result 
can be seen for Re=11000. The same tendency appears in 
higher Reynolds number cases. As mentioned above, the 
mean temperature field is governed by synergetic 
interaction between turbulence production, turbulence 
suppression and thermal stratification; therefore, it is 
conjectured that the fluctuating temperature profiles also 
depend on the balance between these effects.  There is no 
numerical result as well as experimental investigation 
about the effect of magnetic field on the temperature field 
where the thermal stratification is significant, so the 
additional experiments and DNS are underway to clarify 
the complicated interaction.  

Fig.7 shows the decrease in Nusselt number as a 
function of interaction parameter. The longitudinal axis is 
the ratio of Nusselt number with magnetic field (NuM) to 
the one at the same flow condition without magnetic field 
(Nu). The correlation proposed by Blum3 and Garder1 is 
also plotted on the same figure even the flow 
configuration and Prandtl number are quite different from 
present experiment. The MHD effect on the degradation 
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of heat transfer is much larger than Blums’ correlation, 
which is based on a non-conducting wall duct experiment. 
Furthermore, it seems that there are two trend lines on 
reaching value of the interaction parameter 0.01 for 
present data. As underlaying premise, the original 
experimental data used to reduce Blum’s equation is quite 
scattered at the small interaction parameter range in his 
paper. So that, the reason of difference between present 
data and Blum's one is not cleared yet. In the region above 
the interaction parameter 0.01, it can be expected that the 
bulk temperature field is more susceptible to the thermal 
stratification effect from the above explanation. Therefore, 
it is suggested that the balance of laminarization and 
thermal stratification is changed around the value of 
interaction parameter. 
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Fig.7 Degradation of heat transfer as a function of 

interaction parameter 
   

IV. CONCLUDING REMARKS 
 
The mean and fluctuating temperature profiles in the 

conducting wall pipe were measured for low Reynolds 
region with variable Hartmann numbers. It is suggested 
that the shift in the mean temperature profile is a result of 
interaction between turbulence suppression due to MHD 
effect and thermal stratification occurred with the 
temperature difference between wall and bulk fluid as 
small as 0.5 °C. 

According to present investigation, it can be 
concluded that treatment of temperature field as a passive 
scalar in traditional numerical simulation becomes 
unreasonable assumption under magnetic field. 
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Heat transfer performance for high Prandtl number 
and high temperature molten salt flow in a circular pipe 
and in sphere-packed pipes are evaluated with modified 
Tohoku-NIFS Thermofluid Loop (TNT loop) using high-
temperature molten salt HTS (KNO3 : NaNO2 : NaNO3 = 
53 : 40 : 7), as a stimulant of Flibe (LiF : BeF2 = 66 : 34). 
The modified TNT loop has much longer entrance region 
to develop a thermal boundary layer, which enable us to 
obtain more precise heat transfer data. 

In the modified TNT loop experiments, the heat 
transfer characteristics in a circular pipe flow have good 
agreements with the representative correlations. It is 
obvious that the analogy for heat and momentum transfer 
is also valid for high-temperature and high-Prandtl-
number molten salt flow. It is also confirmed that the heat 
transfer performance of sphere-packed pipes increases up 
to about 4 times higher than that of circular pipe, in case 
of relatively low flow rate. This can be effective in the 
Flibe blanket system from the viewpoints of moderating 
MHD effect and electrolysis. 
 

 
I. INTRODUCTION 

 
Molten salt Flibe is recommended as a blanket 

material in the design of a force-free helical reactor 
(FFHR), since liquid Flibe can work as both tritium 
breeder and neutron multiplier with low MHD effects due 
to low electric conductivity.1 Flibe, however, has several 
disadvantages such as low heat transfer performance 
resulted from its being high-Prandtl (Pr)-number fluid. In 
the design of the spectral-shifter, 1 it is considered that 
heat transfer coefficient of at least 20000 W/m2K is 
necessary to remove heat flux at the first wall. Therefore, 
it is necessary to clarify fundamental heat-transfer 
characteristics for Flibe and to enhance heat-transfer 
performance. For these reasons, Tohoku-NIFS 
Thermofluid Loop (TNT loop) was built at Tohoku 
University, Japan.2 The design of the TNT loop was based 
on the presupposition that molten salt Flibe can be used. 
However, its melting point, 459 °C, is too high and vapor 
of Flibe includes toxic beryllium. Therefore, Heat 
Transfer Salt (HTS), which is a mixture of KNO3, NaNO2 
and NaNO3, has been used as a alternate. The melting 
point of HTS is low (142 °C) in comparison with that of 

Flibe, and it doesn’t contain toxic substances. In addition, 
the Pr number of the HTS is equivalent to that of Flibe 
under lower temperature conditions. The Pr number of 
Flibe is about 30 at 520 °C, while the HTS has the same 
Pr number at about 170 °C. 

In designing the Flibe blanket system, a pressure drop 
due to its high viscosity and the MHD effect have to be 
considered since the Flibe is a highly viscous and a 
electrically conducting fluid, so that it must be better to 
enhance the heat-transfer performance under low flow 
rate conditions. From this point of view, the experiments 
with heat transfer promoter, sphere-packed pipes (SPP), 
were performed in the previous study using the TNT loop 
and enhancement of heat-transfer performance was 
proven.3 However, the heat-transfer characteristics of the 
circular pipe flow that were employed as a reference data, 
didn’t agree with some representative empirical formulas 
such as Sieder-Tate’s correlation etc.. As the cause of this 
disagreement, it was considered that the length of 
entrance region wasn’t long enough to develop a thermal 
boundary layer. It is, therefore, needed to reinvestigate 
whether the heat-transfer characteristics of the circular 
pipe flow also satisfy with well-known representative 
correlations. For this background, a test section of the 
loop was redesigned and modified in order to obtain more 
accurate data. After the modification, the length of 
entrance region is almost 30 times longer than an inner 
diameter of pipe.  

The present paper reports the experimental results of 
heat-transfer characteristics for such high-Pr and high-
temperature molten salt flow in a circular pipe using the 
modified TNT loop with more optimal test section. 
Furthermore, the enhancement of heat-transfer 
performance with SPP is also reexamined. 

 
II. EXPERIMENTAL 
II.A. Experimental Systems 

 
The system diagram of the TNT loop used to 

investigate the heat-transfer characteristics of molten salt 
flow is shown schematically in Fig.1, and the birds-eye 
view of the loop is shown in Fig. 2. The main components 
of the loop are a dump tank, a circulation pump (a 
centrifugal pump), a test section, an upper tank and an air 
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cooler. More details of the loop are described in the 
references.2, 3  
 
II.B. New Modified Test Section 
 

The modified section is shown schematically in Fig. 
3, and flow direction is also shown in the figure with 
arrows. To alleviate the effect of thermal stress, flexible 
tubes are used in the modified section. 

As shown in Fig. 3, the modified section, which is 
made of SUS304 and SUS306, mainly consists of  (a) 
Flow straightener, (b) Entrance region, (c) Heated test 
section, and (d) Mixing chamber. Firstly, HTS flows into 
the flow straightener through the flexible tube. A shape of 
the flow straightener is a box 75 mm on a side, and its 
size is large enough in comparison with the tube diameter. 
Therefore, the HTS can be completely mixed once in the 
box. Then temperatures of the mixed HTS are measured 
here with four K-type thermocouples. An average of the 

measured temperatures is used as an inlet bulk 
temperature Tin to calculate heat flux. At the outlet of the 
box, two stainless steel meshes having different grid sizes 
are fixed in piles. The mixed HTS can be a uniform flow 
through these meshes. Effectiveness of this flow 
straightener was confirmed in a water circulation loop by 
using a flow visualization system. The length of the 
entrance region is about 630 mm, which is almost 30 
times longer than the inner tube diameter d = 19 mm. 
Before flowing into the heated test section, the velocity 
distribution of HTS could be fully developed thorough the 
entrance region. A straight SUS304 tube with 19 mm 
inner diameter, 20 mm outer diameter, and 1050 mm 
length was used as a heated test section. In order to 
measure the accurate outlet bulk temperature, the mixing 
chamber is attached behind the heated test section. In the 
mixing area, stainless steel spheres are packed to stir the 
fluid flow 

With the modification of the loop, a heating method 
was also completely changed from use of a sheathed 
heater to a direct electrical heating method, which makes 
measurements of outer wall temperatures easier. 
Therefore, electrodes are fixed on the both ends of the 
heated test section. On the outer wall of the heated test 
section, K-type thermocouples were fixed by aluminum 
tape to measure outer wall temperatures. These 
thermocouples, whose wire diameters are 0.1 mm, are all 
handmade with a spot welder, and they are calibrated 
certainly before experiment. 

Detailed specifications of the TNT loop and 
experimental procedure are also described in the 
reference.2, 3 

 

 
 

Fig. 3 Modified section of the TNT loop 
 
 
 

III. PROCEDURE AND DATA ANALYSIS 
 

 
Fig. 1 System diagram of the TNT loop 

 

 
 

Fig. 2 Birds-eye view of the TNT loop 
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The Nusselt numbers calculated from obtained heat-
transfer coefficients are compared with representative 
heat-transfer correlations, which are modified Hausen 
correlation, Sieder-Tate correlation and modified 
Petukhov correlation4 given by, 
 
 Modified Hausen correlation: 
  (3.5x103 ≤ Re ≤ 104)  
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 Modified Petukhov correlation: 
  (3000 ≤ Re ≤ 5x106, 0.5 ≤ Pr ≤ 2000) 

 Nu =
f /2( ) Re−1000( )Pr

1+12.7 f /2( ) Pr2 3−1( )
                                   (3) 

where, 

K = Pr Prwi( )0.11  .                                                       (4) 
 
Fanning friction factor f for the circular pipe is 
calculated from the equation given by G. K. Filonenko.5 

f = 3.64log10 Re− 3.28( )−2     (3000<Re<106)            (5) 
 
Then heat transfer coefficients are calculated as follows. 

hcal =
Nukf

d
                                                                (6) 

 
In the experiment, heat-transfer coefficients are 

calculated from the input heat flux, the bulk fluid 
temperature and the inside wall temperature. The input 
heat flux is obtained from the enthalpy increase of the 
fluid; 

q =
ρcpV Tout − Tin( )

πdL
 .                                                 (7) 

 
The temperatures on the inside wall, Twi, are calculated 
from the outside wall temperatures, Two, by the following 
equation, 
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The above equation is derived from the heat conduction 
equation in consideration of the external heat loss and the 
heat generation in the tube. The total heat generation in 
the tube, Wtotal, is given by voltage applied on the test 
section and current passing through the test section as 
follows. 

EIW =total                                                                (9) 
Then the external heat loss, Wloss, is assumed to be the 
difference between the total heat loss and the enthalpy 
increase; 

Wloss = Wtotal − ρcpV Tout − Tin( ) .                               (10) 
Local heat transfer coefficient is calculated by the 
following equation; 

q = hexp Twi − Tb( ) .                                                    (11) 
 
IV. RESULTS AND DISCUSSION 
IV.A. Heat Transfer in a Circular Pipe 

In the heat transfer experiment with the circular pipe, 
nine K-type thermocouples were fixed on only topside 
along the flow direction to measure the outside wall 
temperatures, since it was confirmed that the effect of 
natural convection was negligible under this experimental 
condition. Therefore, the heat-transfer performance is 
evaluated with these temperature data. 
 
IV.A.1. Chemical Effect for Heat Transfer Experiment 

According to the study on the thermal stability of 
HTS, the HTS is very stable at temperature up to 450 °C 
and can be expected to give excellent performance for 
many years. Above 450 °C HTS is thermally decomposed 
by the following reaction. 

5NaNO2 → 3NaNO3 + Na2O + N2                     (12) 
If the thermal decomposition occurs, the reaction products 
would disturb the heat transfer to the fluid. The 
experiments were carried out under HTS temperature 
from 200 °C to 350 °C in this study. Thus, it seems that 
the thermal decomposition doesn’t occur. For 
confirmation of the effect, we observed the inner surfaces 
of the tube after the experiments. In the result, any 
reaction product couldn’t be observed on the surface. 
Therefore, we can conclude that thermal decomposition 
doesn’t occur in this experiment, and the effect for the 
heat transfer experiment is negligible. 
 
IV.A.2. Heat Transfer Characteristics of HTS 

Circular Pipe Flow 
Fig. 4 shows a typical outside-wall-temperature 

profile along the test section at the inlet temperature of 
200 °C. The temperature increases rapidly near at 400 mm 
from the inlet of the test section. After this position, the 
temperatures increase almost linearly. This behavior 
indicates that the thermal boundary layer and velocity 
boundary layer can be fully developed in this region even 
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at the highest Prandtl number. Therefore, the temperatures 
measured in this region are always used to evaluate the 
heat transfer. 
 

 
 

Fig. 4 Typical distribution of outer wall temperatures 
 

The relationship between Nusselt number and 
Reynolds number is shown in Fig. 5. For references, 
modified Hausen correlation (Eq. (1)) and Sieder-Tate 
correlation (Eq. (2)) are also shown in the figure. It can be 
seen that measured Nusselt numbers in this experiment 
give close agreement with the well-known representative 
correlations in comparison with the results obtained in the 
previous studies. The maximum error rate is less than 
10 %. This results show that new test section is suitable 
for the heat transfer experiment. Especially, the 
agreements are remarkable around at low Reynolds 
number. At Reynolds number from 6000 to 9000, 
differences become slightly large. One reason of this 
tendency may result from the limitation of applicable 
range of the correlations. In this Reynolds number-region, 
the heat transfer is closer to the Sieder-Tate correlation 
than the modified Hausen correlation. 

Then, we compared the results with modified 
Petukhov correlation (Gnielinski correlation: Eq. (3)) 
given by V. Gnielinski. This correlation is valid for wide 
Reynolds numbers and Prandtl numbers. Fig. 6 shows the 
relationship between Nusselt number and Reynolds 
number. As shown in the figure, every result shows good 
agreement with the modified Petukhov correlation. From 
the results, it is obvious that the analogy of heat and 
momentum transfer is also effective for the high-
temperature and high-Pr molten salt flow. Moreover, it is 
also shown that some other general fluids having the same 
Pr as Flibe can be used to evaluate heat-transfer 
characteristics of Flibe. This definitely makes the 
experiments for the heat transfer enhancement 
with/without a magnetic field easier. In the design of 
FFHR blanket, more than 20000 W/m2K heat transfer  

 
 

Fig. 5 Comparison between the acquired Nusselt 
number and the empirical correlations Eq. (1), Eq. (2) 

 
Fig. 6 Comparison between the acquired Nusselt 
number and modified Petukhov correlation (Eq. (3)) 

 
coefficient is necessary to remove high heat flux, 
1MW/m2. Fig. 7 shows the comparison between the 
obtained heat transfer coefficients and the heat transfer 
coefficients calculated by modified Petukhov correlation 
under same flow velocity conditions. The values from 
modified Petukhov correlation are obtained by iterative 
calculation. Although this correlation has to be calculated 
with measured bulk temperature by rights, it is assumed 
that the bulk temperature is 200 °C, 250 °C and 300 °C in 
this calculations. Moreover, heat flux used for this 
calculation is assumed 30 kW/m2. As shown in the figure, 
the obtained heat transfer coefficients also give close 
agreement with the heat transfer coefficient calculated 
from the modified Petukhov correlations. The maximum 
error rate is less than 15 %. In the case of using circular 
pipe, it is evaluated that the flow velocity to achieve h = 
20000 W/m2K is 17.3 m/sec (Re ≈ 86300). This fast flow 
can be a problem in a fusion reactor, because MHD 
pressure drop is proportional to flow velocity. Besides, 
the fast flow leads to erosion of a flow channel. Thus, it is  
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Fig. 7 Comparison between the measured heat transfer 
coefficient and that calculated from modified Petukhov 
correlation 
 
need to enhance heat-transfer performance under low 
flow velocity conditions. 

 
IV.A. Heat Transfer Performance of SPP Flow 
 

In the heat transfer experiment with SPP, twelve K-
type thermocouples were used to measure the outside wall 
temperature, and they were fixed at 3 axial positions, 710 
mm, 730 mm and 750 mm from the inlet of the heated test 
section, and fixed at 4 circumferential positions. The 
packed spheres used in this experiment have half the size 
of the tube diameter (D/2 = 9.5 mm) and their material is 
aluminum oxide. 

Fig. 8 shows the comparison of heat-transfer 
performance between the circular pipe flow, a swirl tube 
flow and the SPP flow. The line show the performance 
calculated by Eq. (3) and empirical correlations for the 
swirl tube with the twisted ratio of 3.0 as shown in the 
following equations.6,7 
 
Manglik correlation for swirl tube flow in turbulent 
regime 
 

Nu Nuy =∞( )=1+ 0.769 y                                             

Nuy=∞ = 0.023Re0.8 Pr0.4 π
π − 4δ d

⎛ 

⎝ 
⎜ 

⎞ 

⎠ 
⎟ 

0.8
π + 2 − 2δ d

π − 4δ d
⎛ 

⎝ 
⎜ 

⎞ 

⎠ 
⎟ 

0.2

φ  

(12) 

where 

 φ = μb μwi( )0.18 .                                                     (13) 

Fand correlation for SPP flow 

 

 Nu = C Rem Pr p( ) fw Rew( )q arctan D /d( )n[ ]r
      (14) 

 
where m = 0.25, n = 1,  p = 0.4054, q = 0.5260 and r = -
0.6511. The coefficient, C, is decided by fitting the 
experimental results to the correlation. It can be seen that 
the heat-transfer performance of the SPP flow is 
substantially high under the same flow velocity conditions. 
This tendency is, especially, significant at lower flow 
velocity. For example, around at V = 0.6 m/sec, the heat-
transfer performance of SPP flow is about 4 times higher 
than that of the circular pipe flow. This result shows that 
the MHD effect will be sufficiently suppressed by using 
SPP as a heat transfer promoter, since the MHD pressure 
drop is proportional to the flow velocity. Also, the 
electrolysis of Flibe can be moderated since the 
electromotive force is also proportional to the velocity. As 
a consequent, SPP can be the effective heat-transfer 
promoter for the fusion blanket. 

 
Fig. 8 Results of heat transfer with packed bed 

 
Next, the relationship between pumping power and heat 
transfer coefficient was compared shown in Fig. 9. At the 
present system of the TNT loop, pressure drop cannot be 
measured directly. However in the case of the SPP with 
D/2 spheres, it has been reported that the pressure drop is 
good agreements with a drag model 8.  Therefore the drag 
model is used to evaluate the pressure drop in this study. 
The result obtained for a smooth tube and SPP can’t be 
compared directly, because the experimental conditions 
are different. Therefore, empirical correlations mentioned 
above are used to evaluate the performance for wide 
range of pumping power. 

There is not big difference between the pumping 
power of SPP and that of the other pipe within the results 
measured in this study. However this result shows the 
pumping power through only the test section. In the case 
of considering the total piping system, the SPP can be a 
better promoter because low flow velocity can be 
achieved by using SPP.  
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Fig. 9 Results of heat transfer with packed bed 

 

 
V. CONCLUSIONS 

 
The heat-transfer characteristics in a circular pipe and 

in sphere-packed pipe have been investigated. The results 
can be summarized as below. 
1.  It was confirmed that the thermal decomposition didn’t 

occur in this experiment. Therefore, chemical effect of 
HTS for heat transfer characteristics was negligible in 
this study. 

2.  Heat transfer characteristics of molten salt HTS in a 
circular pipe were well accorded with some empirical 
correlations given for some general fluids such as oil, 
water etc.. The maximum error between the results and 
the empirical correlations were less than 15% in this 
experiments. 

3.  Sphere-packed pipe flow showed greater heat transfer 
enhancement. The performance of SPP was especially 
remarkable at low flow velocity under the same flow 
velocity conditions, and then the performance was 
about 4 times higher than that of turbulent heat transfer 
in a circular pipe. 

4.  Under the same pumping power conditions, the 
performance of SPP was almost equivalent to or a little 
lower than that of other promoters. However, in the 
case of using sphere-packed pipe, high heat flux 
removal can be achieved with low flow velocity. This 
indicates that using sphere-packed pipe moderates the 
MHD pressure drop and electrolysis.  

 
In the present study, pumping power to achieve h = 

20000 W/m2K using D/2 sized sphere-packed pipe was a 
little higher than that of circular pipe flow.  In addition, in 
the case of using D/2 spheres, outer wall temperatures 
increase locally at the contact spot with spheres. 9 
However, in the case of using smaller spheres, it has been 
reported that the temperatures at the contact spot with 
spheres are not so high compared with the case of using 

D/2 spheres, and the heat-transfer performance of sphere-
packed pipes can overcome circulate pipe flow, which 
enables lower pumping power condition. 9 
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An investigation of MHD effects on Flibe simulant 
fluid (aqueous potassium hydroxide solution) flows has 
been conducted under the U.S.-Japan JUPITER-II 
collaboration program using “FLIHY” pipe flow facility 
at UCLA. Mean and fluctuating temperature profiles in a 
conducting wall pipe were measured for turbulent flows 
using a thermocouples probe at constant heat flux 
condition. It is suggested that the temperature profiles are 
characterized by interaction between turbulence 
production, turbulence suppression due to magnetic field 
and thermal stratification occurred even under the 
situation where quite small temperature difference exists 
in the pipe cross-section. 

 
I. INTRODUCTION 

Flibe is one of the possible candidates for 
coolant/breeding materials for fusion applications. It has 
very low activation, low tritium solubility, low chemical 
reactivity, and low electrical conductivity, which relieve 
the problems associated with MHD pressure drop. In 
recent research, several design concepts utilizing Flibe 
have been proposed. Some of the examples are HYLIFE-
II,1 the APEX thick/thin liquid walls2 and FFHR.3 
Furthermore, Flibe has a crucial difference from liquid 
metals with respect to the heat transfer characteristic: 
Flibe is a high Prandtl number fluid. For high Prandtl 
number fluid, in general, heat transport from a heated wall 
into the core of the fluid flow is dominated by turbulent 
motion rather than thermal diffusion. Near-wall flow 
structures are especially important because thermal 
boundary layer is much thinner than the momentum 
boundary layer. In the fusion blanket application of Flibe, 
there is a severe limitation of temperature window due to 
its high melting point. The turbulent heat transfer is, 
therefore, decisive in designing Flibe-based blanket. On 
the other hand, it is well known that the strong magnetic 
fields suppress the turbulence even for the flows of low 
conducting fluids. In the case of occurrence of turbulence 
suppression, it is concerned that the degradation of the 
heat transfer performance for high Prandtl number fluid 
becomes more severe than that for low Prandtl number 
fluid. 

MHD turbulent flows have been extensively studied 
using liquid metals as working fluids. As far as the MHD 
effects on the heat transfer characteristics are concerned, 
Gardner4 reported that the influence of the transverse 
magnetic field on the heat transfer was to inhibit the 
convective mechanism of heat transfer, resulting in 
reduction of Nusselt number up to 70%. In another paper5, 
Gardner summarized his results of turbulent heat transfer 
calculations using a curve fit equation representing the 
average Nusselt number as function of Peclet number and 
Hartmann number (Ha). However, the MHD turbulent 
heat transfer characteristics for high Prandtl number fluids 
are not well understood. Blum6 conducted heat transfer 
experiment using an electrolyte flowing through a 
rectangular channel over a wide range of Reynolds 
number (Re) including the transition region from laminar 
to turbulent and presented an empirical correlation for 
degradation of heat transfer in a turbulent MHD flow as a 
function of interaction parameter. Since his correlation 
was constructed from two different experimental data 
with completely different experimental conditions and 
parameter range, more reliable data will be required.  

From FY2001, JUPITER-II (Japan-US Program for 
Irradiation Test of Fusion Materials) collaboration is in 
progress. As one on the important task of this 
collaborative program, a series of experiments on fluid 
mechanics and heat transfer of Flibe-simulants have been 
performed by means of an experimental MHD flow 
facility called “FLIHY” (FLIbe HYdrodynamics) at 
UCLA. Turbulent flow field measurements using PIV7 
and heat transfer measurements8 have so far been carried 
out without magnetic field to establish the experimental 
techniques and verify the performance of the facility by 
comparing an existing experimental results9 and DNS 
data10. Using aqueous potassium hydroxide as a Flibe 
simulant, modification of heat transfer characteristic due 
to the magnetic field has been investigated for turbulent 
flow by authors11,12, in which the local temperature profile 
of fluid parallel to B field and mean Nusselt number have 
been measured. Nusselt number degradation due to the 
MHD effect is much larger than both Blums’ and 
Garder’s correlations. The objective of the present 
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investigation is to improve understandings of MHD 
effects on turbulent heat transfer on high Prandtl number 
fluid by acquiring experimental data for mean and 
fluctuation fluid temperature distributions for turbulent 
flow of electrically conducting fluid in an electrically 
conducting wall pipe under magnetic fields using high 
Prandtl number fluid as a Flibe simulant. 
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Fig.1 Schematic drawing of the pipe flow facility 
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Fig.2 Details of Test Section 

 
II. EXPERIMENTAL SETUP 
 

Figure 1 shows a schematic drawing of the 
experimental pipe flow loop “FLIHY” in UCLA. The 
30%wt aqueous potassium hydroxide (KOH) solution is 
used as a Flibe-simulant fluid having the same interaction 
factor as high temperature Flibe. The fluid flow is 
introduced into a horizontal pipe test section by a 
centrifugal pump. The inlet and outlet temperature is 
monitored by thermocouples. The bulk mixing 
temperature of arbitrary cross section is estimated by 
linear interpolation from the inlet temperature and the 
outlet temperature. 

The magnet used for the present experiments 
produces maximum 2.0 Tesla magnetic fields in a narrow 
gap of the iron core at 3000 A of applied electric current. 
The test section was placed in the gap which is 1400 mm  
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Fig.3 Schematic view of TC probe 
 

TABLE I. Properties of KOH solution 
 

Temperature [℃] 40.0 42.5 44.0 

Density[kg/m3] 1275.6 1274.0 1272.8

Thermal conductivity[W/(m K)] 0.737 0.741 0.743

Viscosity[10-3Pa*s] 1.280 1.231 1.193

Specific Heat Capacity [J/(kg K)] 3010 3014 3018

Electrical conductivity[1/ohm*m] 81.7 84.7 87.1 

Prandtl number  5.23 5.01 4.85 
 
length in the streamwise direction, 250 mm in height, and 
150 mm in width. The generated B field has uniform 
horizontal distribution within 5% variation for 1000 mm 
in the streamwise direction. 

Figure 2 gives details of the test section. The test 
section is an 8000 mm long stainless steel pipe with 50 
mm inner diameter. A part of the pipe is heated uniformly 
by heating tapes. The magnetic field is applied for 1400 
mm along the pipe. Twenty-five T-type sheathed 
thermocouples with 0.5 mm diameter are installed in 
drilled holes with 1 mm diameter on the outer surface of 
the pipe and affixed with high thermal conductivity 
(15W/mK) and high electrical resistivity adhesive at five 
axial positions and five angles from the horizontal 
magnetic field. The distance from the pipe inner surface 
to the thermocouple junctions is 1mm.  

The radial temperature distributions of the fluid flow 
in the pipe are measured by means of thermocouples (TC) 
probe, which consists of six Inconel-sheathed K-type 
thermocouples with 0.13 mm diameter. The schematic 
view of TC probe is shown in Fig.3.  The TC probe can 
be moved by a micrometer with the spatial resolution of 
0.02mm. The angle of the TC probe to the B field can be 
changed freely. Measurable minimum distance from the 
inner pipe wall is 0.05mm. The 63% response time of 
these thermocouples is 2ms. It is confirmed that the effect 
of TC probe on the upstream temperature field and the  
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effect of vibration of TC probe on the temperature 
measurement are both negligible. It is also confirmed that 
the effect of the magnetic field on the thermocouple 
measurements is negligible for steady state. 

 
The Reynolds number based on the bulk mean 

velocity and the pipe diameter is varied from 7400 to 
20000 for three Hartmann numbers based on a pipe 
diameter, Ha=0, 10, 20. The bulk mean velocity is 
calculated from the flow rate which is measured and 
monitored by vortex flow sensor. Table I shows the 
property of KOH solution in the present experimental 
conditions. 
 
III. EXPERIMENTAL RESULTS 
 

Figure 4 shows the mean temperature distributions 
without magnetic field. The non-dimensional temperature 
T+ is defined as below. 

 

,w w

p

T T qT T
T c uτρ

+ ∗
∗

−
= =   (1) 

Here T* is the friction temperature determined by the wall 
heat flux qw, fluid density ρ, heat capacity cp, and the 
friction velocity uτ . The wall temperature Tw is measured  

Fig.4 Mean temperature profile without magnetic 
field. 
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Fig.6 Temperature fluctuation profile under magnetic 
field (Hartmann wall). 

Fig.5 Mean temperature profile under magnetic field 
(Hartmann wall). 
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by thermocouple installed in the pipe wall at the probe 
location.  The abscissa axis y+ is dimensionless coordinate 
normal to the wall defined by friction velocity, and R the 
pipe radius. The equation of temperature profiles in fully 
developed turbulent boundary layer proposed by Kader13 
is plotted along with the experimental data. In all cases, 
the temperature profiles without magnetic field give close 
agreement with Kader’s equation because the Kader’s 
equation does not include Reynolds number. From the 
agreement, it is confirmed that the effect of natural 
convection is not significant. Indeed, the typical feature of 
natural convection appeared up to Re=5000. It is 
confirmed that the temperature field has been fully 
developed at the TC probe location even under magnetic 
field Reynolds number flow. 

Figure 5 shows the effect of magnetic field on the 
mean temperature profile. The profiles are measured 
parallel to B field. The non-dimensional temperature is 
defined by the difference between measured local 
temperature and their minimum value. Temperatures near 
wall increase with increase in Ha number, which leads the 
increase of the temperature gradient (absolute value) in all 
cases. The heat transfer normal to the wall can be 
described as following relation, that is, heat transfer due 
to the molecular diffusion and turbulent heat flux. 

( )p r
Tq C u t
y

λ ρ∂ ′ ′= − +
∂

                   (2),  

where t′  and ru′  are fluctuation values of temperature and 
velocity component in the radial direction, respectively.  

When the magnetic field is imposed on the turbulent 
flow, turbulence intensity decreases (laminarization), so 
that the turbulent heat flux decreases. It means the heat 
transfer from the wall to the pipe central region is 
degraded and the temperature near the wall is raised. It is,  

therefore, considered that because the decrease of the 
amount of second term of R.H.S. of eq.(2) induced the 
increase in the temperature gradient of first term as the 
result of balance of eq.(2) under the constant wall heat 
flux. The larger Reynolds number is, the larger the 
turbulent heat flux is generated and the smaller the 
suppression of turbulence due to the magnetic field is. 
Therefore, comparing between different Reynolds 
numbers, the non-dimensional temperature value is 
decreased with increasing Reynolds number. It is also 
found that the region with large temperature gradient 
spreads with increasing Ha number. 

The temperature fluctuation profiles parallel to the B 
field are shown in Fig.6. The r.m.s. (root-mean-square) 
value of the fluid temperature is normalized by the wall 
heat flux. In previous study11, the temperature fluctuation 
is declined with increase of Ha in the entire region in the 
case that Reynolds number is less than 9000, which is 
rather straightforward consequence of the turbulence 
suppression due to the magnetic field. On the other hand, 
the contradictory result can be seen for high Reynolds 
number cases; temperature fluctuations with B field 
become larger than those without B filed in spite that the 
flow turbulence is suppressed. In order to confirm such an 
inverted phenomena in respect of the effect of magnetic 
field on the temperature fluctuation, LES (Large Eddy 
Simulation) is performed. The detail of numerical 
procedure can be referred in authors’ paper14.  Comparing 
between the experimental data and LES result for 
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Fig.7 Comparison between experimental data and LES 
(Hartmann wall).  

(a) LES results 

(b) Experimental data 

(a) 2026W/m2                             (b) 5315 W/m2 
 

Fig.8 Directional effect of B field on temperature 
fluctuation. 
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Hartmann wall in the case of Re=11000 in Fig.7, both of 
mean temperature profile and temperature fluctuation 
profile well agree.  For LES, it is assumed that the 
temperature filed can be treated as a passive scalar as well 
as traditional numerical simulation scheme. Therefore, the 
effect of magnetic field on the temperature fluctuation can 
be explained as follows; the increase of mean temperature 
gradient near the wall exceeds the decrease of turbulent 
heat flux in ( )2 ru t T r′ ′− ∂ ∂  which contributes to the 

generation of temperature fluctuation 2t′ .  
The directional effects of B field on the temperature 

fluctuation are presented in Fig.8. Reynolds number is 
11000 and the wall heat flux is changed in each direction. 
The temperature difference between top and bottom wall 
0.5K, 0.9K and 2.0K correspond to 2026W/m2 and 5315 
W/m2 of applied wall heat flux, respectively. According 
to DNS results10 under isothermal condition, turbulence 
suppression in vertical direction to B field is not so much 
as that in Hartmann wall direction. However, present 
results show that most sensitive to increase of wall heat 
flux near top wall region, that cannot be explained using 
abovementioned story on the assumption that the 
temperature is a passive scalar. It can be deduced that the 
thermal field in the top region is governed by synergetic 
interaction between turbulence production, turbulence 
suppression and thermal stratification because natural 
convection cannot be observed in all case. 

   
IV. CONCLUDING REMARKS 

 
The mean and fluctuating temperature profiles in the 

conducting wall pipe were measured for low Reynolds 
region with variable Hartmann numbers. It is suggested 
that the shift in the mean temperature profile is a result of 
interaction between turbulence suppression due to MHD 
effect and thermal stratification occurred even with the 
small temperature difference which is not considered in 
traditional numerical simulation. According to present 
investigation, it can be concluded that treatment of 
temperature field as a passive scalar becomes 
unreasonable assumption under magnetic field. 
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Recent progress in the development of low activation 

vanadium alloys and MHD insulator coatings for Li-self 
cooled blanket is overviewed. The research progress in 
vanadium alloys is highlighted by technology of 
fabricating creep tubes, comparison of thermal creep in 
vacuum and Li, understanding on impurity transfer 
between vanadium alloys and Li and its impact on 
mechanical properties, low dose irradiation effects on 
weld joints.  Major remaining issues of vanadium alloys 
are thermal and irradiation creep, helium effects on high 
temperature mechanical properties and radiation effects 
on low temperature fracture properties.  

A new promising candidate of Er2O3, which showed 
good compatibility with Li, was identified for MHD 
insulator coating on vanadium alloys. The coating 
technology has made significant progresses for the new 
candidate material. Recent efforts are being focused on 
multi-layer coating and in-situ coating. Tests in flowing 
lithium conditions with temperature gradient are 
necessary for quantitative examination of the 
performance. 

 
1. Introduction 
 

Vanadium alloys are known as attractive blanket 
structural materials for fusion power systems because of 
their low induced activation characteristics, high 
temperature strength and high thermal stress factors [1,2]. 
Recent efforts were focused on developing V-4Cr-4Ti 
alloy as a reference composition. Many of the critical 
issues of the vanadium alloys have been resolved by the 
recent researches. As a result, the feasibility of vanadium 
alloys as fusion blanket structural materials has been 
largely enhanced. 
 

The leading blanket concept using vanadium alloys 
as structural materials is the Li-self cooled system. One of 
the critical materials issues for the Li-self cooled with 
vanadium alloy structure is the development of insulator 

coating for mitigating Magneto-Hydrodynamic (MHD) 
pressure drop [3,4]. Significant progress has been made in 
the MHD coating development in recent years including 
identification of new candidate materials, improvement of 
the coating technology on vanadium alloy substrate, 
demonstration of long-term stability in Li and so on. 

This paper highlights the recent progress in vanadium 
alloys and MHD coatings for use in Li-self cooled blanket 
with vanadium alloy structure. Remaining critical issues 
are also discussed. 

 
2. Recent progress in the development of vanadium 
alloys 
2.1.  Fabrication technology 
 

In recent years, several large heats of V-4Cr-4Ti were 
produced in the US [5], Japan [6] and Russia [7], 
followed by fabrication of products such as thin and thick 
plates, rods and wires, tubes and weld joints [2,8]. 
Through these efforts, manufacturing technology for 
vanadium alloys were largely advanced. The examination 
on microstructural changes during the processing of V-
4Cr-4Ti ingots into various products showed that 
optimization of size and distribution of Ti-CON 
precipitates is crucial for good mechanical properties of 
the V-4Cr-4Ti products [9]. Plates, sheets, rods and wires 
were fabricated minimizing the impurity pickup and 
maintaining grain and precipitate sizes.  

Recent highlight of this area is the effort to fabricate 
pressurized creep tubes in Japan [10] and the US [11]. 
Thin pipes, including those for pressurized creep tube 
specimens, were successfully fabricated maintaining the 
impurity level, fine grain size and straight band 
distribution of precipitates by maintaining a constant 
reduction ratio between the intermediate heat treatments 
[12]. Through the efforts for fabricating the creep tubes 
including plugging of end caps, the fine-scale EB welding 
technology was enhanced [10]. In the US, the increase in 
the oxygen level during the commercial scale cold 
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drawing to fabricate thin-walled tubing of V-4Cr-4Ti has 
been investigated as a function of the vacuum level in the 
intermediate annealing [11]. 

Successful joining of V-4Cr-4Ti by Gus Tungsten 
Arc (GTA) [13] and laser welding [14] methods was 
demonstrated without necessity of the Post Weld Heat 
Treatment (PWHT). A low pressure plasma-spraying 
method was applied for coating W on V-4Cr-4Ti for the 
use on the plasma-facing surfaces [15]. 
 
2.2  Interactions with Li environment 

 

The properties of vanadium alloys may be changed in 
Li environment via transfer of impurities across the 
interface between Li and the vanadium alloys. This might 
not be any concern if all inner surface of the alloy is 
covered with insulating MHD ceramic coating. However, 
it is necessary to evaluate this effect to analyze data such 
as reactor irradiation or thermal creep in Li environment. 
Moreover, an idea to cover the MHD coating again with a 
thin vanadium or vanadium alloy layer was presented, for 
the purpose of preventing liquid lithium from intruding 
into the cracks in the ceramics coating. For this case the 
interaction of vanadium alloys with liquid lithium attracts 
attention.  

It is known that the corrosion of vanadium alloys in 
liquid lithium is highly dependent on the alloy 
composition and lithium chemistry [16,17]. Recent 
thermal creep experiments, to be shown in the following 
section, provided opportunities to examine the change in 
chemistry and properties of V-4Cr-4Ti alloys by exposing 
coupon specimens to Li together with the creep tubes.  
Fig. 1 shows impurity contents, tensile stress and 
elongation of US (US-832665) and Japanese (NIFS-
HEAT-2) heats of V-4Cr-4Ti as a function of exposure 
time to Li at 1073K [18,19]. Remarkable difference in the 
rate of N enrichment and O depletion is seen between the 
two alloys. However, the total and the uniform elongation 
of the both alloys seem to saturate around 20% and 10%, 
respectively. The difference in the impurity transfer of the 
two alloys may be attributed to the difference in the 
sample thickness, 3 mm for US-832665 and 0.25 mm for 
NIFS-HEAT-2. However, precipitate structure or initial 
impurity distribution could also be factors. Both alloys 

0

10

20

30

40

50

0 500 100 0 1 50 0 2 00 0

Total Elongation N IFS-Heat-2
U niform  E long at ion  N IFS -HEAT-2
Total Elongation U S-83266 5 
U niform  E long at ion  US-8 32665

Exposure  Time  (h)

Exposed to Li at 1073K

10

100

1000

104

0 500 1000 1500 2000 2500

N in NIFS-HEAT-2
O in NIFS-HEAT-2
C in NIFS-HEAT-2
N in US-832665
O in US-832665
C in US-832665

Exposure Time (h)

Exposed to Li at 1073K

0

100

200

300

400

500

600

700

800

0 250 500 750 1000 1250

UTS NIFS-HEAT-2
YS NIFS-HEAT-2
UTS US-832665
YS US-832665

Exposure Time (h)

Exposed to Li at 1073K

(a)

(b)

(c)

 
Figure 1 (a) Impurity contents, (b) tensile stress and (c) 
elongation of US (US-832665) and Japanese (NIFS-
HEAT-2) reference V-4Cr-4Ti alloys as a function of 
exposure time to molten Li at 1073K [18,19]. 
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Figure 2 Comparison of creep deformation in vacuum 
[22] and lithium [18] using the same batch of 
pressurized creep tubes fabricated with NIFS-HEAT-2 
(V-4Cr-4Ti). 
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were heat treated at 1000C, where precipitation was 
maximized for US-832665 but significant fraction of the 
fine precipitates (mostly Ti-O) was dissolved in NIFS-
HEAT-2 [20]. The increased level of solid solution 
oxygen is considered to result in the enhanced depletion 
of oxygen in NIFS-HEAT-2 by exposure to Li.  

Compositional dependence of the corrosion of V-
xCr-yTi in Li was examined previously [16,17]. A new 
effort including optimization of the Li removal technique 
after the exposure showed that V-(4-7)Cr-4Ti had a good 
performance [21]. 
 
2.3 Thermal creep 
 

The progress in technology for manufacturing high 
quality V-4Cr-4Ti creep tubes enhanced research on 
thermal creep performance of V-4Cr-4Ti alloys, including 
the effects of  heat-to-heat variation, thermal and 
mechanical treatments, uni-axial (tensile) and bi-axial 
(creep tube) tests, and the test environments. Previous 
data on thermal creep tests in vacuum was summarized in 
ref. [1]. A new apparatus for testing bi-axial creep in Li 
provided opportunities for examining the creep 
deformation in vacuum and in Li [18]. However, the 
correlation of creep data is subject to the alloy heat and 
manufacturing processes as well as test methods and 
environments. Fig. 2 shows the comparison of the NIFS-
HEAT-2 for creep stain rate vs. creep strain tested in 
vacuum and Li environments, for the same batch of NIFS-
HEAT-2 creep tubes [18,22]. The figure clearly shows 
reduced strain rate in Li environments. The increased 
resistance to creep deformation in Li may be attributed to 
increased level of N. However, as shown in Fig. 1, NIFS-
HEAT-2 samples eventually softened by exposure to Li. 
Further investigation is necessary for understanding the 
environmental effects on impurity redistribution and creep 
performance. A possible factor could be the surface 
hardening after exposure to Li [19], which is thought to 
be induced by N pick-up and could influence the creep 
processes. 

Microstructural observations of the creep tube 
specimens tested at 1123K showed free dislocations and 
dislocation cell at 100MPa and in 150MPa, respectively 
[23]. This change of dislocation structure is pointed out as 
causing the change in power law creep behavior 
[24].Another aspect of V alloy metallurgy that has 
received increased attention in recent years is the 
interaction of V with interstitial impurities such as C, O 
and N.  Several recent studies [20-22] have shown that 
most precipitates result from reaction of V or solute atoms 
with these impurities.  These precipitates impede 
dislocation motion increasing the strength of the alloy.  Ti 
lowers the mobility of the interstitials and reacts to form 
precipitates at > ~600°C under thermal annealing and > 
~300°C under neutron irradiation.  Globular Ti- (CON) 
precipitates appear above ~1000°C.  The solvus 

temperature for globular precipitates is between 1200°C 
and 1300°C.  Following dissolution the interstitial content 
can be redistributed into a high number density of nano-
size {100} plates by controlled precipitation.  The 
precipitate crystal structure is FCC for both {100} plate 
and globular morphologies.  The interstitial concentration 
varies considerably for {100} plate type precipitates.  A 
conclusion of these investigations is that a better 
understanding of precipitate nucleation and growth is 
needed along with an increased knowledge of the range of 
interstitial solubility.  To gain a better understanding of 
the effects of interstitial impurities on irradiated 
properties a special set of V alloys [23] with carefully 
controlled levels of C, O and N has been included in an 
upcoming JUPITER irradiation experiment. 

 
2.4  Diffusion, retention and desorption of hydrogen 
and its isotopes 

 
The behavior of hydrogen and its isotopes in 

vanadium alloys is a concern from tritium retention in the 
first wall and inventory in blanket. Deuterium ion 
implantation followed by thermal desorption showed that 
deuterium retention of V-4Cr-4Ti is much higher than and 
comparable to those of other PFC candidate materials 
(graphite and tungsten) at 380K and 773K, respectively 
[25]. A hydrogen absorption study showed that the rate of 
absorption is highly influenced by prior heat treatment 
inducing Ti surface segregation. The formation of Ti 
oxide on the surface suppressed significantly the 
absorption rate [26]. 

Recent progress in detecting tritium by mean of 
Imaging Plate (IP) enhanced the understanding on the 
tritium behavior in vanadium alloys. The imaging of 
tritium-rich area with IP showed that tritium is 
preferentially absorbed in Ti-rich precipitates[27]. The 
tritium distribution profile of a specimen after diffusion 
annealing measured with IP showed the tritium diffusion 
coefficient of V-4Cr-4Ti [28]. 

 
2.5. Irradiation effects 

 
Neutron irradiation can significantly influence the 

performance of vanadium alloys during operation in 
fusion reactors. Void swelling is known to be small if 
alloyed with Ti. Among the feasibility issues of radiation 
effects of vanadium alloys are loss of ductility at lower 
temperature, embrittlement enhanced by transmutant 
helium at high temperature, and irradiation creep at 
intermediate to high temperature. 

The loss of uniform elongation of vanadium alloys 
irradiated at relatively low temperature (<673K) was 
accompanied by dislocation channel microstructure, 
implying flow localization during the deformation [29]. 
Although the mechanism of the flow localization is not 
well understood, it is inferred that interaction of 
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dislocations with high densities of fine radiation-induced 
defect clusters is responsible. The defects were commonly 
observed with black-dots by TEM in V-4Cr-4Ti irradiated 
with neutrons below 673K. Recent elemental analysis of 
the clusters by Atom Probe Elemental Analysis showed 
that they are enriched with Ti, O and TiO [30].  

Helium embrittlement is a critical issue which may 
determine the upper temperature limit for vanadium 
alloys. The past experimental evaluation of the helium 
effects varied from weak to very strong [1]. Since the 
technique to generate helium and displacement damage 
simultaneously is limited, recent progress in experimental 
evaluation of the helium effect is also limited. Clearly a 
14 MeV neutron source is essential to evaluate the helium 
effects in fusion conditions. 

The irradiation creep data are also very sparse. The 
data are limited to relatively low temperature and low 
dose. However, irradiation creep tests are making 
progress partly because of the progress in fabricating high 
quality pressurized creep tube specimens with reduced 
impurity levels. The data on irradiation creep at high 
temperature will be available from HFIR and JOYO.  

Only low fluence irradiation data are available on the 
weld joint. It should be noted that the welding results in 
resolution of the most precipitates enhancing the level of 

solid solution impurities. An enhanced defect cluster 
density and heterogeneous precipitate distribution in the 
weld metals by irradiation were reported [31]. The effects 
of post-irradiation annealing are shown in Fig. 3 [32]. 
Post-irradiation annealing experiment showed a higher 
recovery temperature of the absorbed energy in the impact 
tests for the weld metal than that for the base metal. 
Microstructural observation during post-irradiation 
annealing showed that the dislocation loops formed by the 
irradiation were stable to higher temperature in the weld 
metal, which can be attributed to the increased decoration 
of impurities to the loops in the weld metal 

 
 The results show that the normalized secondary 

creep rate   is power-law dependent on stress with a stress 
exponent of ~4 at normalized stresses   greater than 0.002.  
The activation energy for creep between 700 and 800°C is 
about 300 kJ/mole, which is similar to the activation 
energy for self diffusion in pure V suggesting that in this 
regime of temperature and stress the predominant creep 
mechanism appears to be climb-assisted dislocation 
motion.  Limited data at the same temperatures but lower 
stresses indicates that the creep mechanism may change 
since the stress exponent appears to decrease to about 
unity, Figure 1. 
 
2.6 Improvement of alloy properties 
 

Generally larger windows for operation temperature 
of structural materials allow us to design compact blanket 
systems with higher efficiency. Therefore, efforts have 
been made to develop advanced vanadium alloys which 
have larger operation temperature windows, especially for 
potential use at higher temperature. 

Increase in Cr level in V-Cr-Ti is known to increase 
high temperature strength, bartering with loss of ductility 
at low temperature. Recent detailed survey in V-xCr-4Ti 
alloys showed that the strength at high temperature 
increases with small change in the DBTT with the Cr 
level to ~7%[33].  

Addition of Y to V-4Cr-4Ti has been investigated for 
potential reduction of oxygen level in matrix and resulting 
increase in radiation resistance. Systematic fabrication of 
V-4Cr-4Ti-xY followed by impact tests showed optimum 
level of 0.15% for Y [34,35]. Based on the results, a 15 kg 
ingot of V-4Cr-4Ti-1.5Y was made by levitation melting 
followed by characterizations [36] 

Mechanically alloyed V-Y alloys were fabricated and 
their irradiation response was examined. Fine grain and 
oxide dispersion increased high temperature strength and 
inhibited formation of interstitial loops in the matrix by 
neutron irradiation, because of the enhanced defect sinks 
[37]. Recent results showed that further addition of Ti on 
V-Y enhance the strength [38].  

Other efforts to explore new alloying elements 
include W addition for suppressing hydrogen 
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Figure 3 (a) absorbed energy in the impact test at 77K 
and (b) number density of dislocation loops, for NIFS-
HEAT-2 after neutron irradiation to 0.08 dpa and post-
irradiation annealing for 1hr at each temperature [32]. 
DBTT of the as-irradiated weld metal was 113K. 
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embrittlement susceptibility [39], and Zr addition for 
enhancing impurity gettering by co-precipitation [40]. 
Also carried out is the exploration of thermal and 
mechanical treatment conditions for forming high density 
of fine precipitates [41] or oxides [42] for the purpose of 
enhancing high temperature strength of the conventional 
V-4Cr-4Ti alloys 

 
3. MHD coating development 

 
Previously, CaO was regarded as the leading 

candidate of MHD coating material. However, the 
following examination showed that it has a problem in the 
stability in liquid lithium at high temperature [43]. Thus 
efforts in recent years were focused on identifying new 
candidate materials which withstand corrosion by Li at 
high temperature and developing coating technology of 
the new candidates. 

By the recent Li immersion tests of bulk specimens, 
promising candidate ceramics of Er2O3 and Y2O3, which 
were stable to 1073K in liquid lithium, were identified [3]. 
The feasibility of fabricating Er2O3 and Y2O3 coatings on 
V-4Cr-4Ti was demonstrated by EB-PVD [3], Arc Source 
Plasma Deposition [44] and RF sputtering [45]. 
Especially, Er2O3 fabricated with Arc Source Plasma 
Deposition showed promising results as shown in Fig.3. 
By deposition on a substrate at higher temperature, high 
crystalline Er2O3 coating was produced, which were 
shown to be stable in Li to 1000hr at 973K as shown in 
Fig. 4 [46].  

Recent numerical estimates showed that tolerable 
crack density of the coating could be very low [47]. The 
result encouraged the development of double-layer 
coatings and revisiting of the in-situ healing concept. 
Double layers with V on Er2O3 produced by EB-PVD 
showed satisfactory resistivity in molten Li to 873K [48]. 
The composition of the alloys for the surface layer is 
being investigated for maximizing the compatibility with 
Li as is introduced in Sec. 2.2. 

The in-situ coating method is a quite attractive 
technology because it will enable coating on complex 
surfaces after fabrication of components and have the 
potential to heal cracks in the coating without 
disassembling the component. In addition to the physical 
deposition methods, in-situ coating with Er2O3 on V-4Cr-
4Ti is being developed [49]. In this process, a Er2O3 thin 
insulating layer is formed on V-4Cr-4Ti during its 
exposure to liquid lithium by reaction of pre-charged 
oxygen in the vanadium alloy substrate and pre-doped Er 
in Li. Also demonstrated was the self-healing capability. 
The results showed significantly higher stability of the 
coating compared with the CaO in-situ coating [50].  In 
the optimum condition for oxygen pre-charging to V-4Cr-
4Ti a net-structure of Ti-O precipitates oriented to <100> 
directions was formed, which is the storage of oxygen 
reserved for formation of the oxide coating. The 

mechanisms and kinetics for the formation of the structure 
were analyzed [51]. 

The degradation of electrical resistivity of the coating 
during irradiation can potentially deteriorate performance 
of the coating as the insulator. Radiation-Induced 
Conductivity of the candidate bulk ceramics and coated 
samples of Er2O3, Y2O3 and CaZrO3 on V-4Cr-4Ti were 
carried out with D-T neutrons[52], fission neutrons[53] at 
ambient temperature and with χ-rays at high temperature 
[54], and showed that the change in the resistivity is not 
an issue for application to fusion blanket.  

Most of the recent corrosion characterizations of the 
coatings have been made by static immersion tests. The 
static tests are valuable for identifying potentiality of the 
candidates but not sufficient for verifying their function in 
the blanket condition. For example, erosion rate of the 
candidate coating ceramics in liquid lithium could be 
significantly different between in static and flowing 
conditions. Thus experiments in flowing Li with 
temperature gradient and impurity control are essential for 
characterizing the performance of MHD coating in fusion 
blanket conditions. 

 
4. Remaining critical issues and future directions 

 
As a result of the recent progress in developing 

vanadium alloys, limited number of critical issues is 
remaining for the future researches. As to the available 
data, thermal and irradiation creep, helium effects on high 
temperature mechanical properties and radiation effects 
on fracture properties are insufficient. Especially for the 
helium effects, conclusive evaluation of the irradiation 
properties is possible only with the use of 14MeV 
neutrons, motivating the construction of the 14MeV 
neutron source. 

The thermal creep tests in various conditions suggest 
that the current reference V-4Cr-4Ti alloys could allow 
the maximum operation temperature of around 973K [1]. 
Potential ways to improve the creep performance of V-

Substrate Temp.

RT

Exfoliated

1000hr in liquid Li

773K 873K 973K 

850K

Figure 4 Change of Er2O3 coating on V-4Cr-4Ti by 
exposure to Li at 773, 873 and 973K for 1000 hr. The 
coating was made using Arc Source Plasma Deposition 
method with substrate temperature at RT and 850K. 
Crystalline structure of Er2O3 was observed only in the 
case of the high substrate temperature. Remarkable 
change was not observed in the coating at high 
substrate temperature after exposure to Li [44,46]. 
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4Cr-4Ti for increasing the operation temperature would 
include increase in Cr level to a level not deteriorating 
manufacturing ability and low temperature ductility, 
applying thermal and mechanical treatments by which 
high density of fine precipitates are formed and addition 
of new elements. Controlling impurity (C, O, N) levels 
and optimizing precipitate (Ti-CON) size and distribution 
are crucial for the mechanical properties of the alloy 
products and weldments in low and high temperatures. 
Systematic studies to optimize the microstructure and 
mechanical properties are necessary for enhancing the 
performance of vanadium alloys.  

The tritium inventory in vanadium alloy structures in 
the blanket is thought to be a minor issue for Li-self 
cooled blanket because of low tritium partial pressure in 
Li. However, this might need to be re-examined taking 
irradiation effects and impact of potential alloying 
elements such as Y into account. 

Development of MHD insulator coating is a critical 
feasibility issue for Li-self cooled blanket. Although 
recent progress in MHD coating is large, further intensive 
efforts are necessary for validating the performance of the 
current leading candidates, multi-layer coatings and in-
situ coating concepts. Tests in flowing lithium conditions 
with temperature gradient are necessary for quantitative 
examination of the performance. 

 
5. Summary 

 
Vanadium alloys are attractive candidate structural 

materials for Li-self cooled breeding blankets of fusion 
reactors. The efforts of developing vanadium alloys have 
been focused on V-4Cr-4Ti alloys as reference materials. 
Recent researches have successfully resolved many of the 
critical issues and enhanced feasibility of the alloys as 
fusion blanket structural materials. Research progress is 
highlighted by technology of fabricating creep tubes, 
joints and W-coating, comparison of thermal creep in 
vacuum and Li environments, understanding on impurity 
transfer between vanadium alloys and Li and its impact 
on mechanical properties, behavior of hydrogen and 
hydrogen isotopes, and exploration for advanced 
vanadium alloys for enhancing further high temperature 
strength, low temperature ductility or radiation resistance.  
Major remaining issues of vanadium alloys are thermal 
and irradiation creep, helium effects on high temperature 
mechanical properties and radiation effects on low 
temperature fracture properties. For conclusive 
characterization of the irradiation properties, use of 
IFMIF is essential as well as continuous use of fission 
reactors. 

A new promising candidate of Er2O3 was identified 
for MHD insulator coating on vanadium alloys, which 
showed good compatibility with Li. The coating 
technology has been progressed for the new candidate. 
Verification of the performance of the candidates, multi-

layer coatings with a metallic overlayer, and in-situ 
coating have been made by static immersion tests. Tests 
in flowing Li conditions with temperature gradient are 
necessary for quantitative examination of the performance. 
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Electrically insulating coatings on the first wall of 
magnetic confinement reactors are essential to reduce the 
magnetohydrodynamic (MHD) force that would otherwise 
inhibit the flow of the lithium coolant. There are very few 
candidate materials because Li dissolves most oxides and 
many carbides and nitrides do not have sufficient 
electrical resistivity for this application. Based on 
thermodynamic considerations and testing of bulk 
ceramics, the most promising materials are Y2O3, Er2O3 
and AlN. Coatings of these materials are being fabricated 
by a variety of processing techniques and their resistivity 
and microstructure characterized. Electrical resistivity 
results from Y2O3 coatings as-deposited and after 
exposure to Li are presented. Self-healing and in situ 
coatings are being investigated based on CaO from Li–Ca 
and Er2O3 from Li–Er. Because there are likely to be 
cracks in any coatings, a dual-layer system with a thin 
outer layer of vanadium appears to be a more attractive 
MHD coating system.s. 

 
1. Introduction 
 

In all alloy–liquid metal (e.g. Li and Pb–Li) blanket 
concepts for a deuterium/tritium fueled fusion reactor 
where a strong magnetic field is used to contain the fusion 
plasma, a magnetohydrodynamic (MHD) pressure drop is 
developed when the electrically conductive liquid metal 
flows across the magnetic field lines. To minimize the 
MHD resistance to flow, it is necessary to have an 
insulating barrier to decouple the liquid metal and the 
alloy structure. One possibility is an insulating coating on 
the structural wall. The coatings must be thin, durable and 
electrically resistive [1–3]. Perhaps the most difficult 
material requirement for a Li self-cooled blanket is 
compatibility with Li at temperatures up to ~700°C [4,5]. 
Because of the relative stability of Li2O, most electrically-
resistive oxides readily dissolve in Li [6,7]. Therefore, 
only a few materials are candidates for this application. 
Over the past few years, there has been a considerable 
shift in emphasis in this topic as the underlying 
compatibility issues have been reevaluated and new 
candidate materials have been tested in bulk form and 
fabricated as coatings for further experiments. The 
development of a viable MHD coating is particularly 

relevant for concepts that use vanadium structural alloys 
because of the good compatibility of vanadium alloys 
with liquid lithium and their susceptibility to 
embrittlement by oxygen and hydrogen in other 
environments such as helium [8–11]. 

 
2.  Shift in research emphasis 
 

Both theoretical calculations and experiments over 
the past 40 years have shown that there are relatively few 
materials that meet both the Li compatibility and 
electrical resistance requirements [1,3,6,7,12–16]. Recent 
reviews have emphasized CaO and AlN as the most 
attractive candidate materials [2,3]. However, more recent 
work has shown that the these materials may not be viable 
[17,18]. Over the past decade, CaO has been extensively 
investigated as a candidate coating material [2,3,14,19]. 
One of its noted features is its high solubility in Li which 
suggested that it might be possible to have a self-healing 
coating. However, thermodynamic calculations and recent 

Fig. 1. Mass losses for some candidate oxide and 
nitride materials after 1000 h at various temperatures. 
The results for poly-crystalline and single crystal CaO 
show severe dissolution above 500°C. The dashed line 
shows the mass loss associated with the loss of ~10 μm 
of coating in a 1000 h exposure. 
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experimental work [17] on bulk CaO specimens have 
proven that CaO cannot perform adequately at 600–
800 °C in static Li tests, Fig. 1. A mass loss of � 3 
mg/cm2 is equivalent to a 10 lm loss of material. These 
mass losses at high temperatures are unacceptable for a 
thin coating. An even higher dissolution rate (0.085 lm/h) 
was observed for single crystal CaO in Li–2.8 at.% Ca at 
600 °C [18]. Results for coatings formed on V–4Cr–4Ti 
with different oxygen preloading showed a lower 
dissolution rate when tested under the same conditions at 
600°C [18]. However, the dissolution rates were sufficient 
to remove a significant fraction of the coating after 1000 h 
and suggested a coating lifetime of <3000 h at 600°C, Fig. 
2. Because of its poor high temperature compatibility, the 
CaO coating development program in the US has recently 
been concluded. 

Screenings studies [6,13,14] initially indicated that 
CaO was a promising candidate. However, the 
thermodynamic calculations assumed that the Li was 
saturated with oxygen. Because CaO has a lower free 
energy of formation than Li2O, CaO should be stable in 
Li under these conditions. However, in a flowing system 
with a temperature gradient this is an unrealistic 
assumption as the saturation concentration varies 
considerably with temperature [17] such that if the lithium 
were saturated at the highest temperature, Li2O would 
precipitate out at the lowest temperature and the lithium 
would no longer be saturated at the highest temperature. 
A more relevant reaction is for dissolution of the 
components into lithium until the following equilibrium is 
reached in solution. Theoretical calculations showed that 
the equilibrium solubility of Ca in Li increased 
dramatically with temperature[17], which was consistent 
with the high dissolution rates observed experimentally. 

The other candidate that has been extensively studied 

as a coating is AlN [2,3,20–23]. Nitrides are generally 
more compatible with Li because nitrides of Li are far less 
stable than Li2O. However, AlN is one of only a few 
nitrides with high electrical resistivity. A number of 
experiments have shown good Li compatibility up to 
600 °C. However, in higher temperatures capsule tests 
[17,23], the behavior was very sensitive to the capsule 
material, Fig. 1. With a Mo capsule, very little mass 
change was noted after 1000 h at 800°C. When a 
vanadium alloy capsule was used, the mass losses were 
much higher, Fig. 1. The same behavior was observed for 
high purity (0.04%Y) and ultra-high purity AlN[17,23]. 
The effect can be understood based on the dissolution 
equilibrium equation for AlN. The vanadium alloy 
capsule gettered N from the Li during the exposure and 
prevented the Li from becoming saturated with N and 
thus stopping the dissolution. With capsules made from 
Mo, which does not form a stable nitride, the Li becomes 
saturated with N and the dissolution stops. Thus, the use 
of AlN appears problematic because uncoated vanadium 
alloy channel walls could getter N from the Li. A further 
complication is that it is extremely difficult to make AlN 
without oxygen contamination. Any Al2O3 formed during 
coating fabrication would be readily dissolved by Li. 
Initial Li exposures of AlN coatings at 500°C have shown 
poor performance [21]. This combination of experimental 
results and thermodynamic analyses suggests a new 
strategy for selecting possible MHD coating materials. 
Because elements (e.g. Ca) which are highly soluble in Li 
may be more susceptible to dissolution at high 
temperature, oxides with cations that have a low solubility 
in Li will likely have better compatibility. Therefore, 
more emphasis is now being placed on Y2O3 and Er2O3 as 
candidate materials for coating development. 
 
3 In-situ coatings 
 

Despite the observed problems with CaO 
compatibility at higher temperatures, the concept of a self 
healing coating is still attractive. An in situ technique 
would more easily allow coating of complex components. 
Therefore, the Li–CaO concept as well as Li– Er2O3 are 
currently being examined to develop an understanding of 
the issues related to the processing and use of in situ 
coatings. Based on earlier experimental work for 
vanadium alloys exposed to Li–0.5% Ca at 700°C [24], 
the process of CaO formation and degradation on 
vanadium alloys is being modeled [25]. According to the 
in situ model in Fig. 3, oxygen from the substrate can 
react with Ca in the Li to form a CaO outer layer. 
However, this requires balanced fluxes of Ca in the metal 
and O from the metal which are difficult to achieve. As 
oxygen is removed from the substrate, Ti rich oxide 
particles dissolve.  

Fig. 2. Performance of CaO coatings in Li–2.8 at.% Ca 
at 600°C as a function of oxygen in the V–4Cr–4Ti 
substrate. Basedon the experimentally observed 
dissolution rate, the percentageof the coating lost with 
time was calculated as well as the time to complete 
failure [18]. 
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Eventually, some Ca and Li become incorporated 
into the metal while V and Ti can become incorporated 
into the oxide. This process degrades the coating and the 
metal. Another scenario involves the deposition of a CaO 
layer before exposure to Li–Ca. In this case, similar 
problems eventually develop as oxygen is removed from 
the substrate and V and Ti are incorporated into the oxide. 
Because of the observed problems with CaO, in situ Er2O3 
coatings also are being explored [26]. Vanadium alloys 
preloaded with oxygen were exposed to Li–0.006 at.% Er 
at 600°C. Fig. 4 shows the Er-rich oxide layer formed on 
the surface. However, the measured O/Er ratio was 2–2.5 
due to the incorporation of V, Cr and Ti impurities in the 
layer. Initial resistance measurements at room 
temperature showed adequate electrical resistivity when 
the process was optimized. More work will be required to 
further optimize this process and characterize the 
properties and compatibility of coatings made by this 
process. 
 
 
4  Result from new coatings 
 

Because of the initial positive results on bulk Y2O3 
and Er2O3, the next step was to fabricate coatings   of 
these materials for further characterization and testing. In 
the US, Y2O3 coatings were deposited by   an 
electronbeam assisted, physical vapor deposition process 
(EB-PVD) on V–4Cr–4Ti substrates. The coatings were 
12.5 lm thick and had a faceted surface microstructure 
typical of the EBPVD process, Fig. 5(a). For coating 
evaluations, the figure of merit is the change in coating 
resistivity at 700°C after exposure to Li. The coating must 
maintain adequate resistivity in order to warrant further 
testing. In order to avoid oxidation of the vanadium alloy 
substrate, the electrical resistance was measured in a 
vacuum. This initial set of coatings showed relatively low 
resistivity compared to literature values and values 
measured on a sintered Y2O3 specimen using the same 
equipment, Fig. 6. Similar to the testing procedure used 

for bulk ceramics [17], the coated specimens were 
exposed to lithium in sealed vanadium alloy capsules for 
100–1000 h at 700 and 800°C. After exposure, 
performance varied from little change in resistivity and 
microstructure to complete loss of the coating. The 
electrical resistance measured after 3, 100 h cycles at 
800 °C (cooling to room temperature between each cycle) 
was higher than the as-received coatings (Fig. 6). 
However, after 1000 h at 800°C, a degradation in the 
resistivity was observed. X-ray diffraction results showed 
an exact match with Y2O3 for the as-received coatings. 
With increasing exposure time and temperature, the Y2O3 
peaks began to disappear and LiYO2 peaks and 
unidentified peaks were observed. The surface 
morphology of the coating changed significantly after 
exposure, for example, Fig. 5(b). Oxide particles 
containing Ti and Y were observed on the coating surface 
using Auger electron spectroscopy. After a 2000 h 
exposure at 800°C, the coating was destroyed. Exposures 
at 700°C on a second set of coatings typically showed a 
complete loss of the coating. Previous work that 
examined the compatibility of Y2O3 and Y2O3 coatings in 
Li found the formation of a LiYO2 layer at the Y2O3–Li 
interface after exposure at 500°C [27,28]. Although the 
current results on Y2O3 coatings show a potential 
compatibility problem, additional work is needed on 
coating development to further study the phenomenon as 
well as the role of coating microstructure on the reaction 
with Li. In Japan, research programs are characterizing 
the properties and microstructure of AlN, Y2O3 and Er2O3 
coatings made by RF sputtering and vacuum arc processes 
[29,30]. Processing issues need to be separated from those 
associated with compatibility in Li. Therefore, it is 
important to have high quality, well characterized 
coatings prior to testing in Li. For example, the 
crystallinity and purity of AlN coatings is being 
characterized [29]. Post-fabrication anneals at 400 and 
700°C were used to improve the crystallinity. Annealing 
lowers the resistivity of the coatings but they retain 

Fig. 3. Schematic of the competing processes for the in 
situ formation of a CaO layer on a vanadium alloy as a 
function of time from left to right [25]. 

 
Fig. 4. SEM image and EDS line element scan of a cross 
section of V–4Cr–4Ti oxidized for 6 h and annealed for 
16 h at 700°C, then exposed in Li doped with Er for 300 
h at 600°C [26].. 
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sufficient resistance for this application. The coatings 
contain 3–10 at.% O which probably contributes to their 
poor performance in Li at 500°C [29]. Radiation-induced 
conductivity effects are being explored using 14 MeV 
neutron irradiation of bulk ceramics specimens and AlN 
and Y2O3 coatings [30]. The increases in conductivity 
were proportional to the neutron flux but were such that 
the degradation of the resistivity under irradiation were 
within allowable limits for the V/Li blanket system. 
Coating compatibility testing has not proceeded beyond 
static capsule-type testing. In order to truly demonstrate 
compatibility, testing in a thermal gradient will be 
necessary in order to evaluate the effects of temperature 
and mass transfer [31]. For example, previous results for 
Y2O3 showed only limited dissolution in static Li testing 
at 1100°C [12] but complete dissolution in flowing Li in 
109 h at 1143 °C due to mass transfer or erosion [32]. A 
set of metrics for coating performance has been developed 
[33]. When coatings are able to meet these metrics in 
static tests, more extensive thermal convection loop 
testing will begin. 
 
5  Effects of coating defects 
 

The required properties and effects of defects in 
MHD coatings have been considered previously [34–36]. 
A recent analysis of the minimum properties and 
maximum defect density allowable [37] has caused a 
reassessment of the MHD coating strategy. Theoretical 
calculations suggest that only extremely small defect 
densities of through thickness defects can be tolerated 
because Li 
eadily wets oxides in the temperature range of interest 

[17]. Therefore, it is expected that any crack will fill with 
Li and increase the effective conductivity of the coating 
system. (Even in the absence of a defect, Li has been 
observed to change the conductivity of oxides by 
interdiffusion at room temperature [38].) With MHD 
coating thicknesses expected to be 5–10μm, it is highly 
unlikely that coatings could be fabricated with virtually 
no through thickness cracks. High quality bulk ceramics 
typically will have defects on the order of 10μm[39]. Even 

if a coating could be fabricated without cracks, tensile 
loading of the vanadium alloy substrate will cause cracks 
to form normal to the stress direction with a uniform 
spacing [40]. Based on data from the literature for 
standard properties of oxide films [41,42], the tensile 
crack spacing is generally expected to be 10–100 times 
the coating thickness. Therefore, unless there are no 
significant tensile loads on the coated vanadium alloys, 
through-thickness cracks would be expected every 1 mm 
or less in a 10 μm thick MHD coating. Lithium should 
wet these cracks and render the coating virtually useless. 
 
6  Current paradigm 
 

Because of the anticipated defects in the insulating 
layer, it is suggested that the MHD coating will need to 
incorporate an outer, protective, metallic layer to prevent 
Li from entering cracks in the insulating layer. The 
potential need for an outer layer has been recognized for 
some time [1]. Most likely, this layer would be vanadium 
or a vanadium alloy and could be up to 100 μm thick [43]. 

A dual-layer MHD coating system will need to be 
carefully assessed. Rather than a deposited coating, the 
outer layer could be free standing. A dual-layer coating 
will be more difficult to fabricate but will change the 
necessary compatibility metrics for the ceramic insulating 
layer. It also may preclude the in situ or self-healing 
coating concepts, as lithium will no longer be in direct 
contact with the ceramic. However, some level of 
compatibility will be required so that a minor breach in 
the metallic outer layer will not immediately result in 
dissolution of the inner layer. For a dual-layer system, 

Fig. 5. SEM secondary electron plan view images of EB-
PVD Y2O3 coatings (a) as-received and (b) after 
exposure to Li at 800°C for 1000 h. 

Fig. 6. Resistivity as a function of temperature for EB-
PVD Y2O3 coatings before and after exposure to Li at 
800°C. Literature and measured values for bulk Y2O3 
were much higher. 
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Y2O3 may be an adequate insulator candidate since the 
observed degradation was due to a solid state reaction to 
form YLiO2. Because the amount of degradation will be 
limited to the amount of Li able to penetrate the outer 
layer, a minor leak would only have a limited effect on 
the ceramic layer. With a thin metallic layer in contact 
with Li, there is some concern about the compatibility of 
vanadium and its alloys with Li. Degradation of the 
relatively thin outer layer by mass transfer or dissolution 
would have to be minor. There is some conflict about this 
issue as some investigators have reported rather high 
dissolution rates for vanadium alloys in flowing Li 
[44,45]. However, other work has shown good 
compatibility and low solubility of vanadium in Li 
[46,47]. As with a single-layer system, this issue will need 
to be addressed by compatibility studies of a dual-layer 
system in a temperature gradient. 
 
7  Summary 

 
The past few years have seen great changes in the 

research emphasis and strategy for MHD coatings. 
Problems with CaO have led to a focus on new candidates 
with low cation solubility in Li, such as Y2O3 and Er2O3. 
Progress is being made in the development of MHD 
coatings, but as yet no coatings have shown sufficient 
compatibility with Li. Anticipated problems with defects 
in ceramic coatings, either as-fabricated or due to tensile 
cracking, suggests that the most viable coating strategy 
will have to be multi-layered. An outer metallic layer will 
prevent Li from wetting cracks in the inner ceramic 
insulating layer and also limit interaction between the 
ceramic and Li. Whether the MHD coating is single- or 
dual-layered, processing issues will need to be addressed 
before the issue of compatibility can be answered. 
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A mono-metallic V-4Cr-4Ti thermal convection loop 

was operated in vacuum (~10-5Pa) at a maximum Li 
temperature of 700°C for 2,355h and Li flow rate of 2-
3cm/s.  Two-layer, physical vapor deposited Y2O3-
vanadium, electrically-insulating coatings on V-4Cr-4Ti 
substrates as well as tensile and sheet specimens were 
located in the flow path in the hot and cold legs.  After 
exposure, specimens at the top of the hot leg showed a 
maximum mass loss equivalent  to ~1µm of metal loss.  
Elsewhere, small mass gains were observed on the 
majority of specimens resulting in an increase in hardness 
and room temperature yield stress and a decrease in 
ductility consistent with interstitial uptake.  Specimens 
that lost mass showed a decrease in yield stress and 
hardness.  Profilometry showed no significant thickness 
loss from the coatings. 

 
1. Introduction 
 

One of the critical unresolved issues for the 
vanadium-lithium blanket concept[1,2] (and any liquid 
metal concept) in a deuterium/tritium fueled fusion 
reactor[3,4] is the need to reduce the pressure drop 
associated with the magnetohydrodynamic (MHD) effect 
of a conducting liquid flowing across the magnetic field 
lines   One solution to the MHD problem is to decouple 
the structure wall from the liquid metal with an 
electrically insulating coating or flow channel insert 
(FCI).[5]  The application requires a thin, crack-free,[6] 
durable layer with a relatively high electrical 
resistance.[7]  While a “self-healing” layer is possible in 
corrosion where a re-passivation can occur with the re-
formation of a surface oxide, this concept is not 
applicable to functional (i.e. electrically resistant) 
coatings because a defect that shorts the coating is 
unlikely to “heal”.  Therefore, a robust coating system or 
a FCI is needed for this application.  Due to 
incompatibility between Li and virtually all candidate 
insulating oxides,[8-12] the current focus of the U.S. 
MHD coating program[10-12] is on evaluating the 
compatibility of durable, multi-layer coatings[7,13] where 
a vanadium overlayer prevents direct contact between the 
insulating oxide layer and Li.  This concept shifts the 
compatibility concern from the oxide layer to the thin 
vanadium overlayer.  In order to verify that a thin, ~10µm, 
V layer is sufficiently compatible with Li to function in a 
long-term situation, a mono-metallic thermal convection 
loop was designed and built to expose thin V overlayers 

to flowing Li.  The loop was operated with a peak 
temperature of ~700°C for 2,355h.  Initial 
characterization of the coatings and V-4Cr-4Ti specimens 
in the loop are presented.  Additional characterization of 
the coatings will be presented in future publications. 

 
2.  Experimental Procedure 
 

A harp-shaped thermal convection loop was 
constructed of drawn tubing made from the large U.S. 
heat of V-3.8wt.%Cr-3.9%Ti (Heat#832665 made at Wah 
Chang, Albany, OR)[14] with an outer diameter of 19mm 
and a 1.6mm wall thickness.  The hot and cold legs were 
~85cm long and the top and bottom legs were ~25cm long 
with a fill/expansion tank at the top of the hot leg.  The 
loop was fabricated using gas tungsten arc welding in an 
Ar-filled glove box and state-of-the-art expertise.[15]  
The loop contained four thermal wells that extended 
~5mm into the flow path and contained type K 
thermocouples.  The experiment was conducted in a 
stainless steel vacuum chamber.  The loop was heated by 
three Mo wire furnaces, two on the hot leg and one on the 
Li tank.  A total of 18 type K and 2 type S thermocouples 
were used to control the furnaces and monitor the 
temperatures around the loop.  Wire and specimens all 
made from the same V-4Cr-4Ti heat formed ~80cm long 
chains that were placed in the hot and cold legs.  The 29 
specimens in each chain consisted of alternating 
interlocked tabs (31 x 13 x 0.9mm), which held the chain 
in the center of the tube, and pairs of miniature tensile 
specimens (type SS-3:  25 x 4 x 0.9mm).  Prior to 
exposure, the tensile specimens were vacuum annealed 
for 1h at 1050°C.   Specimen mass was measured on a 
microbalance with a ±0.01mg/cm2 error.  Six of the 
exposed tabs had an electron-beam physical vapor 
deposited (EB-PVD) Y2O3 coating completely covered 
by an outer layer of unalloyed vanadium.[11,12]  The 
coatings were made in two batches[16] and the unexposed 
coating thicknesses are shown in Table 1. 

 Sticks of Li (as-received batch: <100ppmw N, 
95ppmw C and 950ppmw O)[12] were loaded into the 
tank in a glove box and the lid of the tank was welded 
shut.  The loop and tank were then evacuated with a 
roughing pump, leak checked and valved off.  The loop 
was placed in the vacuum chamber and instrumented 
using Ta foil to hold the thermocouples and prevent them 
from direct contact with the V-4Cr-4Ti tubing.  After 
baking for 48h at 150°C, the chamber achieved a base 
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vacuum of 4x10-6Pa    (5x10-8Torr) as measured on a 
vacuum gauge located on the chamber wall opposite the 
vacuum pump.  The loop was then slowly preheated to 
~250°C while maintaining the chamber pressure at 
~2x10-4Pa using the hot leg heaters and resistively 
heating a W wire insulated with ceramic beads on the cold 
leg.  After further heating the hot leg, a drastic increase in 
cold leg temperatures suggested the start of Li flow.  
After stabilization, temperature was subsequently 
controlled by maintaining the thermal well at the top of 
the hot leg at 700±10°C.  Operation continued for a total 
of 2,355h and stopped due to a weather-related power 
outage.  Temperatures in the four thermal wells are shown 
in Figure 1.  The chamber pressure initially spiked above 
5x10-4Pa but then continued to drop during exposure, 
reaching the desired <10-5Pa by 400h, Figure 1.  A much 
larger than expected temperature gradient was observed 
during the first 1248h phase of operation.  Initially, the 
difference between the top and bottom of the hot leg was 
340°C and slowly increased to almost 400°C, Figure 1.  
Using thermocouples to measure the movement of a hot 
spot created by a pair of SiC heating elements, the Li 
velocity was estimated to be ~2cm/s during the first phase.  
After an unexplained upset that occurred between 1248-
1262h, Figure 1, the cold leg temperatures increased and 
the gradient was only ~225°C suggesting a faster Li 
velocity of >3cm/s (based on the lower T gradient) which 
was similar to the velocity measured in the stainless steel 
test loop operated at 550°C.[17]  However, the higher 
cold leg temperatures during the second operation phase 
prevented an accurate velocity measurement.  The 
inability to maintain the peak temperature at 700°C for 
the second operational phase (Fig. 1) was subsequently 
attributed to a loose furnace connection.  One hypothesis 
for the high first phase is that the Li flow was restricted 
by the specimen chain and that specimen movement or 
the chain breaking (which was not observed during 
disassembly) allowed more rapid Li flow during the 
second phase.  Additional operational details are provided 

elsewhere.[18] 
 After the experiment ended, the chamber was 

opened and the loop inverted and re-instrumented.  The 
chamber was then pumped down and the loop was heated 
to ~400°C allowing the Li to drain back into the tank.  
The loop was then cut open in an Ar-filled glove box.  
The top tab specimens were not located below the cross-
over joints in the hot and cold leg as designed and 
therefore could have restricted Li flow.  The specimen 
chains were partially removed from the tubing and 
residual Li was removed using liquid ammonia followed 
by soaking in ethanol and then water. 

 Initial characterization of the specimens and 
tubing included metallographic cross-sections, hardness 
(Vickers, 300g) measurements and room temperature 
tensile testing at 10-3s-1 strain rate.  Selected specimens 
were examined using scanning electron microscopy 
(SEM) equipped with energy dispersive x-ray (EDX) 
analysis.  The EB-PVD coatings were examined by 
SEM/EDX, contact profilometry and x-ray diffraction 
(XRD). 
 
3  Results and Discussion 

Figure 2 shows the mass change data for both 
specimen chains with the nominal temperature profiles in 
the hot and cold legs.  Mass losses in seven specimens 
from the hot leg were consistent with dissolution of metal 
(maximum ~0.6mg/cm2 is equivalent to 1µm vanadium) 
and/or loss of interstitials such as oxygen.  Assuming 
linear kinetics, the maximum observed loss is the 
equivalent to ~2.5mg/m2h which is similar to the rate 
reported previously at 538°C for V-15Cr-5Ti with 
Li+50ppm N in a pumped loop (1 l/min).[19]  However, 
the results in that study were complicated by the use of a 
stainless steel loop.  Prior results in a mono-metallic loop 
at 700°C reported small mass gains after 1,000h.[20] 

 Three specimens at the top of the hot leg did not 
show a mass loss, Figure 2.  As mentioned previously, the 
chain was not positioned in the loop as designed and the 
first specimen in the chain (* in Figure 1) appeared to be 
above the Li flow path which may explain its high mass 
gain.  The second and third specimens appeared to be 
within the Li flow path although they were located above 
the hot leg furnace about  ~2cm from the hot leg thermal 
well where the 700°C temperature was measured.  
Elsewhere in both legs, all of the specimens showed a 
small mass gain, likely due to the uptake of N and/or C.  
Chemical analyses of specimens are being performed.  
The location of the six EB-PVD coated specimens are 
shown in Figure 2,and each had a mass gain comparable 
to neighboring specimens. 

 Figure 3 shows results from room temperature 
tensile tests of specimens from the hot and cold legs as 
well as average values for unexposed specimens from the 
same specimen batch which have similar properties to 
prior studies.[21-23]  The 0.2% yield and ultimate tensile 

 

1E-06

1E-05

1E-04

1E-03

Pr
es

su
re

 (P
a)

300

350

400

450

500

550

600

650

700

T
em

pe
ra

tu
re

 (°
C)

0 400 800 1200 1600 2000 2400

Operation Time (h)

top hot leg

top cold leg

bottom hot leg

bottom cold leg

chamber pressure

Figure 1. Temperatures and vacuum pressure during 
the loop operation.  Two phases of operation occurred 
due to an unexplained upset between 1248 and 1262h.
 

145



strengths increased in specimens as the exposure 
temperature decreased, Figure 3a.  These specimens all 
showed a mass gain after exposure and this increase is 
consistent with interstitial hardening.  The specimen from 
the hot leg with a mass loss showed a large decrease in 
yield strength.  In Figure 3b, modest decreases in the 
uniform and total elongations also were observed 
compared to unexposed specimens.  These ductility 
values are somewhat higher than were previously 
reported.[20]  Additional tensile specimens will be tested 
at room temperature and at 500°C to compare to prior 
work on Li-exposed material.[24] 

 Figure 4 shows the change in average hardness 
and mass for tab specimens as a function of nominal 
average temperature based on their location in the 
specimen chain and assuming a linear temperature change 
across the hot and cold legs.  The hardness, but not the 
mass change, showed a correlation with exposure 
temperature.  Hardness values and standard deviations are 
based on 7 measurements across the polished ~0.9mm tab 
cross-section.  Figure 5 shows etched metallographic 
cross-sections of two of the hot leg tab specimens from 
Figure 4 with the surface at the top of each figure.  The 
specimen exposed at ~655°C (Fig. 5b) showed a much 
larger re-crystallized grain size and a surface layer which 
appeared to be depleted in precipitates.  A similar layer or 
recrystallization was not observed in the other five 
specimens.  None of the tab specimens were annealed 
prior to exposure.  The near-surface microhardness has 
not been investigated yet.  Prior work,[19] showed a 
~30µm deep microhardness gradient in V-15Cr-5Ti after 
exposure at 482-538°C. 

 Finally, Table I shows the profilometry data for 
the EB-PVD coatings after exposure.  Batch 1 coatings 

were exposed at the higher temperatures because they 
were of higher quality.[16]  No significant loss in 
thickness was detected.  However, the unexposed coated 
specimens were concave indicating that the as-deposited 
coatings were under compression while the coated 
specimens exposed at the highest temperatures were all 
convex after exposure which could indicate stress relief or 
some type of degradation such as cracking or expansion 
due to reaction with Li. 

. 
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Figure 3.  Room temperature tensile properties of a 
subset of V-4Cr-4Ti specimens after exposure in a 
mono-metallic loop:  (a) 0.2% yield and ultimate 
tensile stress and (b) uniform and total elongation.  The 
specimen in the hottest locations that lost mass showed 
a decrease in strength and less loss in ductility than the 
other specimens that had a mass gain after exposure. 
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4  Conclusion 

 
A mono-metallic V-4Cr-4Ti thermal convection loop was 
run for 2,355h with a maximum temperature of 
700°±10°C to determine the compatibility of V-4Cr-4Ti 
and Y2O3/V coatings with flowing (~2-3cm/s) Li.  Small 
mass losses (equivalent to ≤1µm of metal loss) were 
measured at the top of the hot leg.  Elsewhere, small mass 
gains were measured.  Specimens that gained mass also 
showed an increase in yield stress and modest decrease in 
ductility consistent with an increase in interstitial content.  
The EB-PVD Y2O3/V coatings showed no significant 
loss in thickness, however, further characterization is 
needed to determine their electrical resistance and 
microstructure after exposure. 
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Table 1.  Profilometry data of the V/Y2O3 coatings on V-4Cr-4Ti substrates after exposure to flowing Li for 2,355h 
in a V-4Cr-4Ti loop with a maximum temperature of 700°C. 

Batch 1 Batch 2
Location V layer Y2O3 layer V layer Y2O3 layer
Unexposed 9 µm 13 µm 10 µm 17 µm
Top Hot Leg 8 12
Top Cold Leg 8 11
Middle Cold Leg 7 12
Bottom Cold Leg 10 15
Bottom Hot Leg 9 17
Middle Hot Leg 9 16
As-deposited* 7.4±0.3 11.7±0.5 9.9±0.4 15.7±0.9
* Reference 16
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A candidate low activation vanadium (V) alloy, V-
4Cr-4Ti (NIFS-HEAT-2), was exposed to liquid lithium 
(Li) at 973 and 1073 K for up to 1963 hr. Contaminations 
with carbon (C) and nitrogen (N) from Li by thousands of 
wppm were observed. Oxygen (O) was removed to several 
10 wppm level by Li exposure at 1073 K, but not at 973 K. 
The Li exposure caused strength degradation in tensile 
tests at 973 and 1073 K. On the other hand, good ductility 
was demonstrated after the Li exposure even with the 
significant contamination of C and N. From 
microstructural observations, C and N are likely to be 
scavenged by Ti-C-N type precipitates. Reduction of O 
was attributed to disappearance of Ti-C-O type 
precipitates. 

 
I. INTRODUCTION 

Vanadium alloys are recognized as attractive 
candidate structural materials for liquid Li cooled blanket 
for fusion reactor1, 2. Transfer of impurities occurs 
between V alloy and liquid Li. Generally, C and N 
migrate to V alloy from Li, while O is removed from V 
alloy by Li3. However, the mechanisms of the transfer, 
distribution of the impurities during Li exposure and the 
effects on mechanical properties have not been clarified. 
Recently, some irradiation programs on V alloys with 
liquid metal (Li or Na) have been initiated by using creep 
tubes4, where impurity concentration in the V alloy 
specimens change during irradiation. In order to 
understand the creep behavior in liquid Li, impurity 
effects on the deformation process have to be examined. 
In the present study, a candidate V-4Cr-4Ti alloy, 
designated as NIFS-HEAT-2, was exposed to liquid Li for 
up to 1963 hr. The impurity transfer, impurity distribution 
and its effect on tensile properties were investigated. 

 
II. EXPERIMENTAL PROCEDURE 

The reference low activation V-4Cr-4Ti alloy, 
designated as NIFS-HEAT-2, was cold-rolled into 0.25 
mm-thick sheets, followed by annealing at 1273 K for 2 
hr5. The sheets were cut into coupon specimens with the 
size of 0.25 x 5 x 25 mm. The exposure temperature to Li 
(TLi) was 973 K and 1073 K. The exposure time was 255 

to 1963 hr. The detail for exposure tests has been 
described elsewhere6. After the exposure, Li was 
chemically removed by liquid ammonia. From the 
coupons, miniature tensile specimens with a size of 0.25 x 
4 x 16 mm (gauge: 0.25 x 1.2 x 5 mm), and disks of 0.25 
mm in thickness and 3 mm in diameter were punched out. 
The residual punched-coupons were chemically analyzed 
for C, N and O. 

Tensile tests were conducted by using the punched 
tensile specimens. Initial strain rate in tensile tests was 6.7 
x 10-4. Test temperatures (TTensile) ranged from room 
temperature (RT) to 1073 K. The atmosphere for the 
tensile tests at RT and elevated temperature were the air 
and a vacuum better than 10-4 Pa, respectively. Vickers 
microhardness was measured along the cross section of 
the coupons with a load of 25 g for 30 s. Microstructural 
observations were performed with scanning electron 
microscope (SEM) and transmission electron microscope 
(TEM) by using the punched disks. 

 
III. RESULTS 

Table 1 lists the results of chemical analysis after the 
Li exposure. The table also shows the liquid Li batch 
number. Liquid Li was changed after each 1 or 2 sets of 
exposure. Impurity concentrations in NIFS-HEAT-2 after 
Li exposures depended on the batch. Better correlation 
between exposure time and impurity concentrations are 
given in some batches as shown in Fig. 1. In these batches, 
C and N impurity levels were increased with exposure 
time by contamination from the Li, while O was 
decreased by scavenging by the Li. 

Table 1 Impurity concentrations in NIFS-HEAT-2 (V-4Cr-
4Ti) before (tLi = 0) and after (tLi > 0) liquid Li exposure 

Exposure 
temperature, 

TLi / K 

Exposure 
time, 
tLi / hr 

C, 
CC / 

wppm 

N, 
CN / 

wppm 

O, 
CO / 

wppm

Li 
batch 

ID 
 0 62 84 158  

973 255 
499 

142 
280 

342 
1000 

142 
171 

#5 
#6 

1073 260 
428 
943 

1443 
1963 

238 
130 
477 
505 
797 

884 
143 
2273 
2317 
3420 

51 
66 
29 
79 
47 

#2 
#1 
#2 
#3 
#4 
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Figure 2 shows the hardness distribution in the cross 
section along the thickness direction of the coupons 
exposed with liquid Li at 1073 K (TLi). The coupons after 
Li exposure up to 428 hr exhibited uniform and similar 
hardness distribution to that before Li exposure. The 
coupons exposed for 1443 and 1963 hr showed hardening 
in 60 μm from the surface. Fig. 3 and 4 present the tensile 
parameters obtained for specimens exposed with liquid Li 
at 1073 K (TLi). From the previous data7 and the present 
data at room temperature (943 hr), miniature tensile tests 
show data scattering of about 40 MPa in strength (YS, 
UTS) and 10 % in elongation (UE, TE). Considering 
these scattering, both strength (YS, UTS) and elongation 
(UE, TE) before Li exposure were comparable to other V-
4Cr-4Ti alloys in the previous study7, 8. After Li exposure 
at 1073 K (TLi) for 428 and 943 hr, change in UTS was 
small until 773 K (TTensile), while degradation of UTS at 
973 and 1073 K (TTensile), such as 50 and 80 MPa, 

respectively, were considerable. Such clear drop at high 
temperature was not observed in YS, however YS at 1073 
K (TTensile) seems to be lower than that before Li exposure. 
On the other hand, elongation decrease by Li exposure 
was observed at RT and 773 K (TTensile), but not at higher 
temperature. However, all the specimens still keep higher 
ductility than 6.5 % in UE and 13 % in TE. 

Figure 5 shows the microstructures obtained by SEM. 
Precipitates were observed in all the specimens. 
Comparing with the specimen before Li exposure, the 
precipitates increased and grew. The grain boundary was 
also decorated by precipitates after Li exposure. By 
energy dispersive X-ray (EDX) analysis, Ti, C, N and O 
segregations were detected for both precipitates in grain 
interior and at grain boundary. For the precipitates in 
grain interior, Ti-C-N is considered to be the main 
compound, because C and N were introduced in large 
amount in the present study, and it has been reported that 
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Fig. 1 Change in impurity concentration after the Li 
exposures at 973 K (Li #5 and 6) and 1073 K (#2). 
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N doping strongly increased the amount of the 
precipitates compared with O9. Fig. 6 presents the areal 
number density of the Ti-C-N type precipitates in grain 
interior for Li-exposed specimens compared with the 
model alloys doped with N. In the Li-exposed specimens, 
the areal number density is increased with N 
concentration. The number densities for 973 K (TLi) were 
higher than the extrapolated (dashed) line by the results 
on the model alloys. For 1073 K(TLi) exposure, the 
number densities were consistent with the model alloys 
until 1000 wppm in N concentration, however the data 
around 2000 wppm or higher (arrows) were scattered or 
far from the dashed line. Especially 943 and 1963 hr 
exposure data were much lower than expected. On the 
other hand, TEM can detect smaller precipitates than 
SEM. Fig. 7 shows TEM images before and after Li 
exposure. Re-precipitation annealing, such as annealing at 
1373 K for 1 hr and again at 973 K for 1 hr, was 

conducted on a part of specimens. The 1373 K annealing 
dissolves precipitates smaller than about 100 nm observed 
only in TEM, but does not dissolve the above mentioned 
Ti-C-N type precipitates observed both in TEM and SEM. 
The 973 K annealing produces re-precipitation in the 
matrix. The shape of the precipitates before the re-
precipitation was unsettled, whereas disk shape was 
obtained after the re-precipitation, and the diameter of the 
disk can be determined as the length of precipitate image. 
Detailed experimental technique and the impurity 
behavior have been explained elsewhere9. The main 
compound of the small and unstable precipitates is 
estimated as Ti-C-O, since C and O were detected in EDX 
analysis10, and the number density of the precipitates 
increased with O concentration in the experiments for 
model alloys doped with O9. Fig. 8 shows the correlation 
between O concentration and the number density of both 
the small precipitates (Ti-C-O, < 100 nm) and larger ones 
(Ti-C-N, > 100 nm) observed by TEM. The Ti-C-O type 
precipitates decreased with decreasing O concentration by 
Li exposure. After the re-precipitation annealing, the 
number density of the Ti-C-O type precipitates after Li 
exposure was much smaller than that before exposure. 

 
IV. DISCUSSION 
IV. A. Impurity transfer 

From Fig. 1, C and N were contaminated by Li 
exposure at both 973 K and 1073 K (TLi). For example, N 
concentration of Li before melting prior to the exposure 
was measured as 161 and 171 wppm. During melting of 
Li prior to the exposure tests, the concentration could 
change, because melted Li was considered to uptake 
impurities from the atmosphere. From Table 1, C and N 
contaminations in batch #1 are much smaller than the 
other batches. C and N contents in the batch #1 were 
considered already lower than those in the other batch, 
because this batch was re-use one and already purified by 
previous exposure tests by using vanadium alloys. C and 
N contamination can be controlled by a management of Li 

 
 
Fig. 5 SEM images before and after the Li exposure. The exposure temperature (TLi) and time are indicated. Observation 
depth from the coupon surface, D, is also indicated. 
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purity. C and N are strong hardening agent, if they are 
dissolved into interstitial positions. From Fig. 2 hardening 
region was limited around the surface. From SEM 
observation after the exposure at 1073 K (TLi) for 1443 hr 
and 1963 hr in Fig. 5, the increase in the amount of Ti-C-
N type precipitates was observed at 91 and 103 μm from 
the surface, where no hardening was detected in Fig. 2. 
This means that C and N diffused to around the center of 
the specimens, but scavenged out from solid solution state 
by producing Ti-C-N precipitates at grain interior and also 
at grain boundary. 

On the other hand, O concentration was reduced by 
the Li exposure at 1073 K (TLi), but not at 973 K (TLi) up 
to 500 hr in Fig. 1. Diffusion coefficient of O has been 
obtained in the previous study on V-4Cr-4Ti alloy11. 

D = D0 exp (Q / RT)   (Eq. 1) 
D0 = 4.02 x 10-6 m2 s-1 
Q = 1.30 x 105 J mol-1 
D: Diffusion coefficient, D0: Constant, R: gas 

constant = 8.3144 J mol-1 K-1, T: temperature 
Diffusion range during Li exposure, RLi, can be 

estimated by following. 
 RLi =  D tLi     

   (Eq. 2) 
The diffusion ranges at 973 K and 1073 K for 500 hr 

are calculated as 871 and 1840 μm, respectively. Even 
871 μm for 973 K is enough large for O to diffuse out 
from the specimen with 260 μm in thickness. At 973 K, 
Ti-C-O type precipitates are considered stable9 and 
effective to maintain O. At 1073 K, a part of the Ti-C-O 
precipitates is thought to be decomposed and dissolved, 
then O diffused out to Li. Fig. 8 shows an evidence of 
reduction of small precipitates with decreasing O 
concentration by Li exposure. The difference in the 

number density of the precipitates after re-precipitation 
treatment is clear. Strictly the difference evaluates the 
sum of impurity in solid solution state and in small 
precipitates decomposed at 1373 K. However, no 
softening after the exposure at 1073 K (TLi) for 428 hr in 
Fig. 2 suggests that the amount of O in solid solution state 
was not significantly different between before and after Li 
exposure. Assuming (1) the difference reflects the amount 
of Ti-C-O precipitates dissolved during the Li exposure 
and (2) the Ti-C-O precipitates re-produced are disks with 
d in diameter and the same thickness, tP, the residual O as 
Ti-C-O precipitates after the 428 hr exposure can be 
estimated. 
 (NP π (d/2)2 tP)428 hr 

 (NP π (d/2)2 tP)Before Li 
 =

 8.0 X 1018 m-3 X (20 nm)2 
 2.3 X 1020 m-3 X (14 nm)2    

= 7.1 %     (Eq. 3) 
From this result, the O concentration before Li 

exposure, 158 wppm, could be decomposed into 99 wppm 
in the Ti-C-O precipitates and 59 wppm in other states, 
such as solid solution state, large precipitates or at grain 
boundary. 7.1 % of the Ti-C-O precipitates, 7 wppm, and 
the other component, 59 wppm, were remained and 
resulted in 66 wppm in total. 

From the above discussions, a diagram for impurity 
transfer is suggested as Fig. 9. In the present study, 
transfer among liquid Li, solid solution state and two 
types of precipitates (solid lines) was discussed. 
Impurities are considered to be released or absorbed by 
the two types of the precipitates in V-4Cr-4Ti alloys. On 
the other hand, flow to grain boundary (dashed line) could 
be considerable. The much lower areal number density of 
943 and 1963 hr exposure in Fig. 6 can be attributed to 
migration of impurities to grain boundary and their 
precipitation. This impurity flow is remained to be studied 

 
 
Fig. 7 TEM images (a) before and (b), (c) after the Li exposure at 1073 K. Small precipitates were dissolved by an 
annealing at 1373 K, and then (d), (e) homogeneous re-precipitation was introduced at 973 K. In TEM analysis, 
observation depth is expected at the center of the specimen, which is about 130 μm from the surface. 

 
Fig. 9 Impurity transfer between V-4Cr-4Ti alloys and 
liquid Li. Arrows with solid line are discussed in the 
present study. Flow to grain boundary is remained to be 
studied (dashed lines). 
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to complete the quantitative analysis for impurity 
transfers. 

 
IV. B. Effect of Li exposure on tensile property 

Ultimate tensile strength at 973 K and 1073 K 
(TTensile) decreased by the Li exposures. Thousands wppm 
of C and N contamination indicated in Table 1 did not 
introduce significant hardening in both hardness and 
tensile tests. The contaminated C and N were thought not 
to induce solid solution hardening, since they were, as 
mentioned above, absorbed by the Ti-C-N precipitates. 

Possible mechanisms of 80 MPa softening at 1073 K 
(TTensile) with impurity reduction are (1) loss of 
precipitation hardening by Ti-C-O precipitates and (2) 
loss of solid solution hardening by O. Another mechanism 
independent of O reduction is (3) change of grain 
boundary condition. Assuming Orowan type 
strengthening12 for (1) case, even the initial contribution 
to deformation stress of Ti-C-O precipitates before Li 
exposure is less than 5 MPa. This is maximum estimation 
by using 1.6 X 1017 in number density in Fig. 8, 100 nm 
in precipitate size and 1 as interaction coefficient between 
dislocations and the precipitates. Such small contribution 
is consistent with no significant softening at room 
temperature. For (2) case, the softening would be partly 
explained, if Ti-C-O precipitates before Li exposure 
release O into the matrix during tensile tests at 1073 K 
(TTensile). O in pure V is completely in solid solution states. 
The hardening coefficient of O at RT has been reported as 
0.057 Hv / wppm13. The estimated amount of O for Ti-C-
O is 99 wppm before Li exposure, whereas 7 wppm after 
the exposure. The reduction of O, 92 wppm is equivalent 

to 5.2 Hv, which can be roughly converted into about 16 
MPa in reduction of deformation stress12. This 
contribution of impurity should be decreased at higher 
temperature and is still much smaller than UTS decrease 
at 1073 K (TTensile), therefore another mechanism should 
be considered. (3) case is the effect of the precipitates 
covering grain boundaries. Enhancement of grain 
boundary slip and local fracture of the precipitates are 
possible. Further investigation on these processes at 1073 
K is undergoing. 

From Fig. 4, NIFS-HEAT-2 maintained enough large 
ductility after Li exposure up to 1443 hr, though 
significant C and N contamination occurred. Li exposure 
is expected not to induce fatal embrittlement on V-4Cr-
4Ti alloys. From the practical viewpoint, the thickness of 
V alloy plate in fusion blanket is expected as about 5 
mm14. Scavenging effect is controlled by O diffusion, and 
gradually reduced in deeper region, therefore the thicker 
plate probably shows smaller change in tensile properties. 

 
V. CONCLUSIONS 

NIFS-HEAT-2 maintained large ductility after Li 
exposure at 1073 K, while it showed degradation of high 
temperature tensile strength. Li exposure caused large 
contamination with C and N. Reduction of O occurred at 
1073 K, but not at 973 K up to 500 hr. The C and N 
contamination lead to the formation of course Ti-C-N 
type precipitates, but did not cause hardening. O is 
considered to be released from Ti-C-O type precipitates 
and scavenged out to the liquid Li. 
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This paper presents biaxial thermal creep results for 

the vanadium alloy V4Cr4Ti in liquid lithium using US 
Heat 832665 and two batches of tubing made from NIFS-
Heat-2.  The tests were performed at 700 and 800�C 
over a stress range of 30-120 MPa using pressurized tube 
specimens. Lithium environments changed C, N and O 
concentrations in V4Cr4Ti. Oxygen removal from the 
alloy to lithium was small when there was a significant 
pickup of nitrogen during exposures. The creep response 
of V4Cr4Ti was characterized by an inverted primary 
creep followed by a secondary creep or an accelerating 
creep up to creep rupture. A normal primary creep was 
also observed in US Heat 832665 when tested at 700�C 
and 120 MPa. Improved creep rupture properties were 
observed in the JP-NIFS-Heat-2 specimens compared to 
the US-NIFS-Heat-2 specimens. Creep response of 
V4Cr4Ti is apparently dependent on the heat, tubing 
production, and stress and temperature conditions 

 
1. Introduction 
 

Vanadium alloys are candidates for lithium cooling 
and breeding blanket structural applications in advanced 
fusion systems. V4Cr4Ti is a reference alloy that has been 
studied extensively by the fusion community. The upper 
operating temperature limit of vanadium alloys is 
expected to be in the range of 650-750°C, i.e. 0.43-0.47 
Tm [1], where high temperature tensile properties and 
creep performance are critical for fusion structural 
applications. Therefore, it is of high importance to 
evaluate creep performance of V4Cr4Ti alloys in liquid 
lithium environments. 

Vanadium alloys are highly susceptible to 
contamination by interstitial impurity elements, such as 
oxygen, nitrogen and carbon. Previous investigations have 
shown that interstitial impurities can significantly affect 
tensile properties and load-carrying capacity at high 
temperatures [2]. The strength is increased and the 
ductility is decreased by pickup of interstitial solutes. The 
susceptibility to pickup of interstitial elements is more 
serious if long exposure times are involved. Interstitial 
impurities can be introduced during fabrication, welding 
and joining processes and in service. Liquid lithium 

creates a unique environment that can substantially 
change the interstitial concentration (C, N, O) in 
vanadium alloys.  Thermodynamic calculations indicated 
that oxygen preferentially transfers from vanadium to 
lithium, and nitrogen and carbon move in the opposite 
direction [3]. The additions of substitutional solutes such 
as Cr and Ti do not change the impurity transfer direction, 
but may alter the kinetics of impurity reactions. There are 
insufficient data characterizing the interstitial reactions of 
V4Cr4Ti in liquid lithium and their effects on mechanical 
behavior, particularly on creep performance.  

Preliminary work has been carried out to measure the 
creep properties of V4Cr4Ti in lithium environments at 
665 and 765�C on the US Heat 832665 by Grossbeck 
[4,5]. Grossbeck’s results indicated that the creep strain 
rate of V4Cr4Ti in liquid lithium was higher than in 
vacuum due to loss of oxygen from exposure to lithium.  
Additional data are needed to characterize lithium thermal 
creep of different heats and tubing batches of V4Cr4Ti.  
This paper summarizes the experimental results on the 
creep deformation of pressurized creep tubes made from 
US Heat 832665 and from two batches of tubing of NIFS-
Heat-2 in the stress range of 30-120 MPa while exposed 
to liquid lithium at 700 (0.45 Tm) and 800�C (0.50 Tm) 
for up to 2500 h.  The creep behavior of V4Cr4Ti is 
characterized by the curves of creep strain vs. exposure 
time and creep rate vs. creep strain. The creep response of 
three batches of V4Cr4Ti tubing in liquid lithium was 
compared.   

 
2.  Experimental Procedure 
 

Pressurized creep tube specimens were fabricated 
from V4Cr4Ti alloy tubing from the US Heat 832665 and 
from two batches of tubing of the NIFS-Heat-2. The 
Japan tubing of NIFS-Heat-2 was fabricated using tube 
vendors in Japan (designated JP-NIFS-Heat-2) and the US 
tubing of NIFS-Heat-2 was fabricated using vendors in 
US (designated US-NIFS-Heat-2). The detailed 
manufacturing processes of JP-NIFS-Heat-2 creep 
specimens were reported by Fukumoto et al [6], and the 
fabrication of US Heat 832665 and US-NIFS-Heat-2 
creep tube specimens can be found in the references of 
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[7,8]. The US Heat 832665 pressurized tubes contained 
161 wppm N, 509 wppm C and 700 wppm O for a total 
impurity content of 1370 wppm. The US-NIFS-Heat-2 
creep tube specimens contained 277 wppm N, 586 wppm 
C and 519 wppm O for a total impurity content of 1382 
wppm. The JP-NIFS-Heat-2 creep tube specimens had 
120 wppm N, 120 wppm C and 330 wppm O for a total 
impurity content of 570 wppm. Note that the JP-NIFS-
Heat-2 tubing has a higher purity than the other two 
batches of V4Cr4Ti tubing. All creep specimens were 
annealed at 1000°C for 1-2 h which produced an average 
grain size of 20-30 μm. The creep tube specimens have a 
nominal outer diameter of 4.57 mm and a wall thickness 
of 0.254 mm with a total length of 25.4 mm.  

The US-NIFS-Heat-2 and JP-NIFS-Heat-2 creep tube 
specimens were tested at 800°C over a stress range of 30-
90 MPa. The US Heat 832665 and JP-NIFS-Heat-2 creep 
tube specimens were tested at 700°C at stresses of 90-120 
MPa. All the thermal exposure tests of pressurized creep 
tubes were performed in static liquid lithium. The details 
of the experimental setup were described previously [4,9]. 
Pure lithium (>99.9%) was supplied by Sigma-Aldrich 
(161 ppm N) or by Chemetall Foote Corp. (65 ppm N). 
To minimize contamination of lithium metal by nitrogen 
and carbon, the commercial lithium was either purified by 
hot-trapping with Zr getters prior to exposure tests, or 
included Zr or Ti getters during lithium exposure tests. A 
batch of lithium was used for no more than two exposure 
tests and then replaced with a new batch of lithium. After 
exposure, all specimens were removed from lithium and 
cleaned using liquid anhydrous ammonia. This cleaning 
method generates very little hydrogen so that hydrogen 
embrittlement can be minimized. The creep specimens 
were then measured for creep deformation and reloaded 
into liquid lithium for further exposure. This process was 
repeated at exposure intervals of 255, 499, 1019 and 2019 
h at 700°C and at intervals of 428, 688, 943, 1443, 1963 
and 2580 h for JP-NIFS-Heat-2 creep tube specimens at 

800°C and at intervals of 260, 515, 1015, and 1535 h for 
US-NIFS-Heat-2 creep tube specimens at 800°C.  

The outer diameters (OD) of pressurized creep tubes 
were measured at room temperature before and after each 
exposure using a laser profilometer with a resolution of 
0.2 μm. A specimen was loaded vertically into the laser 
profilometer with the same orientation each time, and the 
tube profile was obtained by measuring the central 12.7 
mm of the tube at 500 unique locations using a standard 
helical pattern program. The mean OD of a tube was 
computed by averaging the central 300 measurements to 
preclude any end effects. A standard gauge pin was 
periodically measured to compensate for any errors from 
the laser profilometer and the environment. Each 
specimen was measured three times in a non-consecutive 
manner, and the average from these three measurements 
was used to determine the creep strain. The mid-wall 
effective creep strain of a pressurized creep tube was 
determined by assuming that the material is 
incompressible and the deformation is uniform in plastic 
flow. The mid-wall von Mises effective stress of a 
pressurized creep tube was calculated using the analytical 
solution of stress state for a thick-walled pressured 
cylinder [10]. The dimensions of the creep specimen at 
the test temperature were compensated by the linear 
thermal expansion coefficient of vanadium alloys [11].  

Coupon specimens of V4Cr4Ti (nominal dimensions 
of 25×6×3 mm) were exposed to liquid lithium along with 
pressurized creep tubes for chemical analysis of O, N and 
C after each exposure to monitor contamination from 
lithium environments. Coupon specimens were machined 
from a 40% cold-rolled R-plate of the US Heat 832665. 
The initial contents of interstitial impurities in coupon 
specimens were 322 wppm O, 99 wppm N and 122 wppm 
C. 

 
3  Results and Discussion 
3.1 Chemical Changes 
The changes in interstitial impurity (C, N, O) 
concentration in coupons specimens are shown in Fig. 1 
as a function of lithium exposure time at 700 and 800�C. 
Significant contamination by nitrogen was observed at 
both temperatures. The source of nitrogen contamination 
is uncertain. The decrease in nitrogen content in the 
coupon specimen at 2000 h and 700°C is likely due to 
stronger chemical affinity of nitrogen with Ti getters that 
were included during exposure. There was a slight pickup 
of carbon as exposure time increased. The decrease in 
oxygen contents in V4Cr4Ti coupon specimens was much 
smaller than expected. Oxygen concentration dropped 
only about 30 ppm after 1500 h at 800°C or after 2000 h 
at 700°C. Grossbeck [5] reported a loss of 600 ppm 
oxygen and an increase of ~50 ppm nitrogen after ~2500 
h at 800°C. 
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Figure 1. Interstitial impurity contents (O, N, C) in 
V4Cr4Ti after lithium exposure at 700 and 800°C. 
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 It is possible that the significant pickup of nitrogen 
in the present tests altered the kinetics of interstitial solute 
transfer in the V4Cr4Ti-lithium system, leading to 
reduced oxygen egress (e.g., due to an enhanced 
formation of Ti (C,O,N) precipitates). It should be 
mentioned that changes in interstitial impurity contents in 
creep tube specimens may not be the same as in coupon 
specimens, due to different volume and area ratios 
between the two specimen geometries.  Note also that 
creep tubes were under straining during exposure, while 
coupon specimens were in the stress-free condition. 
However, the data shown in Fig. 1 demonstrate the 
general trend of chemical changes in creep tube 
specimens that were exposed to liquid lithium. 

 
3.2 Creep Curves 

The US-NIFS-Heat-2 and JP-NIFS-Heat-2 
pressurized creep tubes were tested in liquid lithium at 
800°C at stress levels 30-90 MPa. Their creep strain – 
exposure time curves are shown in Fig. 2(a). To illustrate 
the change in creep rate during the test, the creep strain – 

time curves were differentiated to obtain the creep strain 
rate.  

 The creep strain rate is plotted as a function of the 
average strain on a semi-log scale and shown in Fig. 2(b) 
for the 800�C lithium exposure tests. Creep deformation 
of V4Cr4Ti was found to be sensitive to the magnitude of 
the applied stress.  The creep of V4Cr4Ti did not follow 
the classical three-stage creep pattern (primary, secondary 
and tertiary) under the test conditions shown in Fig. 2. 
The US-NIFS-Heat-2 specimen tested at 96 MPa 
exhibited a continuously increasing creep rate with 
increasing strain up to creep failure. The 30-40 MPa US-
NIFS-Heat-2 creep specimens showed an increasing creep 
rate with creep strain in the primary stage as well. This 
inverted primary transient behavior is often observed in 
solid solution strengthened alloys [12]. The creep 
response of the JP-NIFS-Heat-2 specimens is similar to 
that of the US-NIFS-Heat-2 specimens, i.e. an inverted 
primary transient followed by either a steady-state or an 
accelerating creep up to creep rupture. If a steady-state is 
observed, it often occurred at about 1-2% creep strain. 
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Figure 2. Creep curves of V4Cr4Ti exposed to liquid 
lithium at 800�C (a) effective strain vs. exposure time, 
and (b) creep strain rate vs. effective strain. 
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However, there was a short decelerating creep (creep rate 
decreasing with increasing strain) in the primary stage 
that was observed only in the JP-NIFS-Heat-2 specimens 
but not in the US-NIFS-Heat-2 specimens, as shown in 
Fig. 2.  

Lithium thermal exposure tests were performed at 
700°C on the US Heat 832665 and JP-NIFS-Heat-2 
pressurized creep tubes in the stress range of 90-120 MPa. 
The creep strain – time curves and creep rate – strain 
curves of the 700°C tests are shown in Figs. 3(a) and 3(b), 
respectively.  The JP-NIFS-Heat-2 creep tube specimens 
exhibited an increasing creep rate followed by a 
decreasing creep rate and later another increasing creep 
rate with increasing creep strain, similar to their creep 
behavior at 800°C. The US Heat 832665 creep tube 
specimens, however, showed a normal primary transient 
behavior when tested at ~120 MPa. There were not 
sufficient data to characterize the secondary and tertiary 
creep behavior at 700°C. 

The method of production of tubing apparently 
played an important role in the creep response of 
V4Cr4Ti when exposed to liquid lithium. The JP-NIFS-
Heat-2 tubing and the US-NIFS-Heat-2 tubing were made 
from the same heat (NIFS-Heat-2) but by different 
vendors. The JP-NIFS-Heat-2 tubing has less interstitial 
impurity contamination than the US-NIFS-Heat-2 tubing 
(the total interstitial impurity level in the JP-NIFS-Heat-2 
was about 40% of that in the US-NIFS-Heat-2). Both the 
JP-NIFS-Heat-2 and the US-NIFS-Heat-2 exhibited an 
inverted primary transient behavior followed by either a 
steady-state or an acceleration of creep until failure for 
the stress levels and temperatures examined. The 
difference in creep character between these two batches of 
tubing was a deceleration of creep in the early stage of 
creep that was observed only in the JP-NIFS-Heat-2 
specimens. Similar decelerating creep phenomena were 
reported in the literature for nickel alloys [13,14]. This 
behavior was explained by strengthening of oxide and 
nitride formed on specimen surfaces of nickel alloys when 
tested in air. Visual inspection of creep tube specimens of 
V4Cr4Ti indicated discoloration of the JP-NIFS-Heat-2 
specimens, but no discoloration was observed on the US-
NIFS-Heat-2 creep tube specimens. Auger Electron 
Spectroscopy detected nitrogen in the discolored area of 
specimen surfaces. The formation of a nitride film on the 
JP-NIFS-Heat-2 specimen surface was likely associated 
with the observed deceleration of creep. It is not 
understood why the discoloration and decelerating creep 
was observed in JP-NIFS-Heat-2 specimens but not in 
US-NIFS-Heat-2 creep tube specimens. 

The tubing processing affected rupture properties as 
well. The 96 MPa US-NIFS-Heat-2 creep tube specimen 
failed at 1148 h at a creep strain of 8.6%, while the 90 
MPa JP-NIFS-Heat-2 pressurized tube failed at 1499 h at 
a creep strain of 22.3%.  The more “pure” JP-NIFS-Heat-
2 specimen exhibited a higher rupture strain and longer 

rupture life than the less “pure” US-NIFS-Heat-2. This 
implies that alloy purity may be important to rupture 
properties. Small changes in grain size, texture, tubing 
quality, etc. could also be important factors in controlling 
creep strength. 

 
4  Conclusion 

 
Thermal creep behavior of three batches of V4Cr4Ti 
tubing made from NIFS-Heat-2 and US Heat 832665 was 
investigated in a liquid lithium environment at 700 and 
800°C. Significant pickup of nitrogen was observed in 
both 700 and 800°C lithium exposure tests. The loss of 
oxygen from V4Cr4Ti to lithium was much smaller than 
that reported in previous studies. The kinetics of oxygen 
transfer in a V Alloy-Li system apparently was affected 
by nitrogen contamination of the V4Cr4Ti. The creep 
properties of V4Cr4Ti are dependent on alloy heat, tubing 
production method, stress and test temperature. The creep 
behavior of V4Cr4Ti in liquid lithium is characterized by 
an inverted primary transient period followed by a steady-
state or an accelerating creep to rupture. Normal primary 
creep was observed in US Heat 832665 at 700°C. The JP-
NIFS-Heat-2 with less initial interstitial impurities 
showed a higher rupture strain and a longer rupture life 
than the US-NIFS-Heat-2 at 800°C, a difference due to 
impurity content and/or material variables introduced in 
the production process. In addition, a short deceleration in 
the primary creep stage was observed only in the JP-
NIFS-Heat-2 creep specimens, not in the US-NIFS-Heat-
2 creep specimens.  
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Considerable progress has been made toward 
development of vanadium alloys for fusion.  Much of the 
recent research has focused on vanadium alloys 
containing 4-5% Cr and 4-5% Ti, but a number of 
alternative compositions and processing routes have been 
explored in an effort to achieve improved performance.  
The goal of this paper is to review significant new results 
and to highlight critical issues that remain for future 
research.  Progress in understanding the influence of 
interstitial impurities on microstructural evolution in both 
thermal and radiation environments are covered.  The 
current state of knowledge of hardening and 
embrittlement of vanadium alloys in response to neutron 
irradiation is reviewed.  Atomic-scale computer 
simulations to elucidate fundamental irradiation damage 
mechanisms are presented.  The thermal and irradiation 
creep behavior of V-4Cr-4Ti is summarized along with an 
overview of the effects of He on tensile properties. 

 
1. Introduction 
 

It has been long recognized that V alloys are 
attractive candidate materials for fusion power system 
structural components due to their low induced activation 
characteristics coupled with high-temperature strength 
and high thermal stress factor.  As noted in recent reviews 
[1-3] research over the past several years has successfully 
resolved many of the significant feasibility issues 
associated with use of V alloys in fusion first-wall/blanket 
structures.  The emphasis of the worldwide V alloy 
development effort has been on the V-Cr-Ti system, with 
an alloy containing 4-5% Cr and 4-5% Ti serving as a 
reference composition in many research programs.  This 
paper highlights recent progress on V alloys with regard 
to 1) atomistic studies of point defect behavior, 2) 
understanding microstructural evolution under variable 
temperature irradiation conditions, 3) assessing hardening 
and embrittlement following low-temperature irradiation, 
4) determining thermal and irradiation creep rates, 5) 
evaluating the effects of He on tensile and creep 
deformation, and 6) exploration of alternative alloy 

compositions for improved performance.  Critical issues 
that require further research and development are 
described. 

 
 

2. Atomistic Studies of Point Defect Behavior 
 

Point defects, such as self-interstitial atoms (SIA) and 
vacancies, are produced in abundance when V alloys are 
irradiated with neutrons.  Evolution of the microstructure, 
and therefore the properties of the material, is controlled 
by how these defects migrate through the lattice and 
interact with one another or with sinks such as 
dislocations, grain boundaries and other internal 
interfaces.  Therefore, knowledge of the properties, 
formation and migration mechanisms of point defects and 
defect clusters is essential for developing robust models 
of radiation damage.   Atomistic simulations play a key 
role in developing this information.  The reliability of 
atomistic simulations depends largely on the efficacy of 
the interatomic potential utilized.  Recently two new V 
potentials [4-6] have been developed in an effort to 
provide an improved description of the atom interactions 
in this metal.  One of the potentials [4,5] uses the Finnis-
Sinclair (FS) formalism.  That potential was derived from 
an extensive set of first-principles calculations of six 
different SIA geometries and vacancies.  The first-
principles calculations revealed that the <111> dumbbell 
is the most stable SIA in V with a formation energy of 
about 3.1 eV.  The other potential [6] uses the modified 
embedded atom method (MEAM) developed by Baskes 
[7] to represent V.  An important aspect of MEAM is that 
it attempts to account for the directional bonding 
characteristics of transition metals with partially filled d-
orbitals.  Satou et al, [6] refit several of the MEAM 
parameters derived by Baskes [7] to produce a new 
potential for V with elevated temperature elastic constants 
that are in better agreement with experimental values. 

Zepeda-Ruiz and coworkers [8, 9] have utilized the 
new FS V potential to study the temperature and 
orientation dependence of the threshold displacement 
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energy (TDE).  Molecular dynamics simulations were 
performed to determine the minimum kinetic energy 
transferred by a primary knock-on atom to a lattice atom 
that resulted in the formation of a stable Frenkel pair.  
They found a minimum TDE of 13 eV corresponding to 
displacements along a <100> direction.  The maximum 
TDE of 51 eV was observed in a direction close to <110>.  
The possibility for a larger TDE could not be excluded 
since the simulations did not span all possible angles.  
The TDE is essentially independent of temperature since 
the magnitude of the TDE is much greater than thermal 
energies.  Comparison of the TDE in V with experimental 
values for Fe and Mo revealed that the directional 
anisotropy is comparable in Mo but the TDE ordering in 
<110> and <111> orientations is different in Fe.  

Zepeda-Ruiz et al., [10, 11] also investigated the 
character of SIA loops in V using the new FS potential.  
Their simulations showed that SIA dislocation loops with   
Burgers vectors were the lowest energy configuration in 
V and migrated rapidly along their   glide cylinder.  
Dislocation loops with   and   Burgers vectors easily 
rotated into   orientations at low temperatures during 
relaxation of the simulation cell.  In contrast to Fe, where 
a metastable   loop is very close in energy to the ground-
state   orientation, constrained   loops in V possess much 
higher formation energies than   loops, and the energy 
difference increases with the size of the loop.  Simulations 
were also performed to explore the interaction of two 
mobile   clusters in V.  The intersection of   loops on 
different glide cylinders has been proposed as a possible 
mechanism for   loop formation in Fe.  Similar work 
carried out on V indicate that   junctions form during the 
intersection of two   loops, but the junction has low 
thermal stability and rotates into a   orientation at 
temperatures between 327 and 527°C.   

Finally, Han [12] and Zepeda-Ruiz [13] examined 
SIA diffusion in V as a function of temperature to 
determine the predominant mechanisms.  Their MD 
results showed that   oriented dumbbells migrate rapidly 
along   directions.  The SIA migration mechanism was 
found to be temperature dependent.  At low to 
intermediate temperatures (-173 – 327°C) the SIA 
executed a 1D random walk along a   direction.  Above 
427°C the SIA began to make infrequent rotations from 
one   direction to another   direction.  This resulted in 3D 
like migration trajectory that consisted of long segments 
of 1D diffusion punctuated by abrupt reorientations.  As 
the temperature increased the frequency of rotation events 
increased and the lengths of the 1D segments decreased.  
The apparent activation energy for SIA diffusion 
increased with increasing temperature.  Detailed study of 
their simulation results revealed that the intrinsic 
activation energy for SIA diffusion is not temperature 
dependent, but that SIA jumps are correlated and the 
correlation factor is highly temperature dependent below 
527°C. 

 

3.   Microstructural Evolution 

A recent emphasis of microstructural evolution 
studies has been an exploration of the effects of varying 
irradiation temperature.   It is well known that the 
irradiation temperature can have a significant impact on 
microstructural development [14].  Variable irradiation 
temperature can result in significant changes in the 
microstructure, especially when the temperature excursion 
occurs between the nucleation and growth regimes [15].   
At lower temperatures nucleation of defect clusters is 
maximized, while at higher temperatures cluster growth 
and coarsening is maximized.  These effects have been 
explored in neutron and ion irradiations to low doses but 
not, until recently, to higher dose levels.  One of the major 
tasks of the Japan-U.S. Fusion Cooperation Program 
(JUPITER) was to investigate the effects of varying 
irradiation temperature on V alloys to a dose of 4 dpa [16]. 

In a recent paper Zinkle et al., [17] showed a 
moderate enhancement of radiation-induced precipitates 
and dislocation loops for V-4Cr-4Ti undergoing varying 
temperature irradiation 360/520°C compared to 
irradiation at a constant temperature of 520°C.  The 
varying temperature irradiation consisted of eight cycles 
in which the initial 10% was conducted at 360°C and the 
remaining 90% at 520°C.   Varying temperature 
conditions produced precipitates of finer size and greater 
number density than under constant temperature 
conditions, but overall the quantitative effect of the low-
temperature excursions was relatively small.  Zinkle et al., 
[17] suggested that more pronounced differences might 
have been observed had the low-temperature portion of 
each cycle been below the recovery Stage V temperature.  
More recently Watanabe et al., [18] examined pure V and 
four model V alloys from the same experiment, irradiated 
under the same conditions.  These investigators found that 
varying temperature enhanced void formation in pure V 
and V-5Cr compared to isothermal irradiation, and a 
small number of <100> oriented carbides were observed 
in pure V.  For V-4Cr-4Ti and V-5Ti alloys a higher 
density of Ti oxides was produced under varying 
temperature but, as noted by Zinkle et al., [17] the effects 
of varying temperature were not large.  It should be noted 
that while recent work has not shown substantial 
microstructural differences between varying temperature 
and isothermal irradiation conditions, some differences 
were observed.  Such differences may be exacerbated by 
selection of different temperature extremes or by 
performing irradiations to higher doses [19].  A better 
understanding of the effects of varying irradiation 
temperature will require additional experiments but, more 
importantly, the development of quantitative models to 
predict material performance under complex irradiation 
conditions. 
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Another aspect of V alloy metallurgy that has 
received increased attention in recent years is the 
interaction of V with interstitial impurities such as C, O 
and N.  Several recent studies [20-22] have shown that 
most precipitates result from reaction of V or solute atoms 
with these impurities.  These precipitates impede 
dislocation motion increasing the strength of the alloy.  Ti 
lowers the mobility of the interstitials and reacts to form 
precipitates at > ~600°C under thermal annealing and > 
~300°C under neutron irradiation.  Globular Ti- (CON) 
precipitates appear above ~1000°C.  The solvus 
temperature for globular precipitates is between 1200°C 
and 1300°C.  Following dissolution the interstitial content 
can be redistributed into a high number density of nano-
size {100} plates by controlled precipitation.  The 
precipitate crystal structure is FCC for both {100} plate 
and globular morphologies.  The interstitial concentration 
varies considerably for {100} plate type precipitates.  A 
conclusion of these investigations is that a better 
understanding of precipitate nucleation and growth is 
needed along with an increased knowledge of the range of 
interstitial solubility.  To gain a better understanding of 
the effects of interstitial impurities on irradiated 
properties a special set of V alloys [23] with carefully 
controlled levels of C, O and N has been included in an 
upcoming JUPITER irradiation experiment. 

 
4. Hardening and Embrittlement 

 
Neutron irradiation at temperatures at and below 

400°C gives rise to hardening and loss of uniform strain 
[24].  This temperature limit may increase with increasing 
dose.  Hardening and loss of ductility become more 
pronounced with increasing dose and decreasing 
irradiation temperature, and are accompanied by varying 
degrees of flow localization, as evidenced by the 
formation of dislocation channels in the irradiated 
microstructure [25].  However, recent finite element 
modeling of the deformation of flat tensile specimens has 
demonstrated that the loss of uniform strain can be 
affected by both an increase in yield strength as well as a 
decrease in work hardening [26].   Engineering stress 
strain curves showing no uniform strain and the onset of 
necking coincident with yield can be generated with 
constitutive equations that exhibit a gradual yield drop 
followed by a strain hardening regime.  Moreover, the 
modeling results show that significant irradiation 
hardening can persist to high strain.  Ongoing modeling 
work will benefit from calibration against data from new 
techniques that permit strain mapping in all three 
dimensions during uniform and localized strain, as well as 
specimen and test designs that explore stress states other 
than uniaxial tension [27].   The modeling effort also 
provides a guide for future experiments to explore and 
understand the effects and consequences of microscopic 
flow localization on macroscopic deformation behavior. 

While considerable information on irradiation 
hardening of V alloy base metals is available there is a 
corresponding lack of data on weld metal.  Nagasaka et al., 
[28] recently completed an exploratory study of the 
effects of low-dose neutron-irradiation on the impact 
properties of NIFS Heat-2 weld metal.  Miniature Charpy 
impact specimens of V-4Cr-4Ti base and weld metal were 
irradiated at 290°C to a dose of 0.08 dpa in the JMTR.   
Weld metal specimens hardened more than base metal 
specimens, but the effects of neutron irradiation were 
reduced if a post-weld heat treatment in the range 600 to 
950°C was applied prior to irradiation.  The predominant 
radiation defects found in both base and weld metal 
microstructures were identified as dislocation loops.  The 
higher density of loops found in weld metal compared to 
base metal did not account for all of the hardness 
difference.  The authors postulated an additional 
component of hardening associated with decoration and 
stabilization of dislocation loops by interstitial impurities 
released into solution by dissolution of Ti-(CON) 
precipitates during welding.  

In an effort to improve high-temperature strength and 
oxidation resistance of V-xCr-4Ti alloys, Sakai and 
coworkers [29] performed a study of the effects of Cr 
additions on fracture properties.  The Cr content varied 
from 4 to 20%.  Changes in the ductile-to-brittle transition 
temperature (DBTT) were correlated with the Cr content 
and precipitate microstructures produced during heat 
treatments following cold working.  Their research shows 
that the DBTT is about -190°C when the Cr content is < 
10% but rises sharply to –30°C for alloys with more than 
10% Cr.  The increased DBTT was associated, in part, to 
increased flow stress due to solid solution strengthening.  
The sharp rise in DBTT for Cr > 10% was also related to 
a substantial increase in large diameter (> 400 nm) Ti-
(CON) and TiO2 precipitates.  This work nicely illustrates 
the difficulty of altering the alloy composition to improve 
high-temperature strength at the expense of degrading 
fracture resistance.  The process of optimizing V alloy 
composition and heat treatment procedures for best 
performance in a radiation environment is certainly not 
simple or straightforward. 

 
5. Thermal and Irradiation Creep 

 
A significant amount of thermal creep data on pure 

vanadium and various V-Cr-Ti alloys was generated 
several years ago [30-36].  These data demonstrate that Cr 
significantly increases the creep resistance of V.  More 
recently, several studies have characterized the thermal 
creep performance of V-4Cr-4Ti in vacuum and liquid Li 
[37-44].  Both uniaxial [37-38] and biaxial [41-42] tests 
were performed in vacuum with different starting 
concentrations of interstitial O.  The results show that the 
normalized secondary creep rate   is power-law dependent 
on stress with a stress exponent of ~4 at normalized 
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stresses   greater than 0.002.  The activation energy for 
creep between 700 and 800°C is about 300 kJ/mole, 
which is similar to the activation energy for self diffusion 
in pure V suggesting that in this regime of temperature 
and stress the predominant creep mechanism appears to 
be climb-assisted dislocation motion.  Limited data at the 

same temperatures but lower stresses indicates that the 
creep mechanism may change since the stress exponent 
appears to decrease to about unity, Figure 1. 

The effect of oxygen on creep strength was 
convincingly demonstrated in several experiments.  The 
creep rates measured in vacuum with tensile samples [37] 
containing about 310 wppm O were several times greater 
than creep rates from pressurized tubes [41,42] with an 
initial O concentration of about 700 wppm.  Similarly, the 
creep rates measured in Li were higher than those in 
vacuum [39,40,43].  This is consistent with the vacuum 
creep data since Li has a higher affinity for O than V and 
will, after long exposure times, lower the O level in the 
alloy.  Recently Fukumoto et al. [38] and Koyama et al. 
[44] utilized a novel Zr-foil gettering heat treatment to 
reduce interstitial O and N concentrations to very low 
levels in V-4Cr-4Ti and V-10Cr-5Ti sheet stock.  Tensile 
specimens prepared from these highly purified alloys 
were used to study dynamic strain aging (DSA) and creep 
properties.  The results of these investigations show that 
high-temperature tensile and creep strengths decrease 
substantially as interstitial O decreases.  Further, DSA 
was suppressed by O removal as evidenced by a large 
decrease in the height of post-yield load serrations.  
Contrary to expectation, the temperature range over which 
a negative strain rate sensitivity parameter was observed 
increased rather than decreased suggesting a larger 
temperature window for heterogeneous deformation.  An 
effort to resolve this inconsistency will be the subject of a 
future investigation on highly purified unalloyed V. 

The maximum operating temperature limit for V 
alloys in design studies is typically assumed to be about 
700°C [45].  Alternately, it has been suggested that V 
alloys might be capable of operation at 750°C [46].  The 
thermal creep database may be used to derive an estimate 
of the limiting stress to avoid creep damage in a structure 
for a specific time at temperature.  A Larsen-Miller 
Parameter plot of the time to reach 1% creep strain is 
presented in Figure 2.  A creep strain limit of 1% is 
representative of structural design criteria for first-wall 
components for a fusion power system [47].   Selecting a 
first-wall life of 105 h yields limiting stresses of 74 MPa 
at 700°C and only 4 MPa at 750°C from the curve fit to 
the data.   The coolant pressure for a V/Li system is about 
0.5 MPa [47], which should result in relatively low 
applied loads in the first-wall.  It is important to note, 
however, that detailed stress analyses have not been 
performed in recent V/Li design studies, therefore all the 
expected loadings are not well known.   The creep data 
indicates that an attractive design may be feasible at 
700°C, but probably not at 750°C.  Improving the thermal 
creep strength would add margin at 700°C to account for 
uncertainties in anticipated loadings and perhaps expand 
the design window to higher temperatures.  

The irradiation creep database for the V-Cr-Ti alloy 
system is very sparse.  Only a few experiments have been 

 

10-12

10-11

10-10

10-9

10-8

10-7

10-6

10-5

10-3 10-2

(d
ε/

dt
)k

T/
D

G
b

σ/G

n = 4.3

n = 3.7

n = 0.84

n = 13
Uniaxial Tests
310 wppm O

Biaxial Test
699 wppm O

Biaxial Test
V-3Fe-4Ti

Figure 1.  Stress dependence of the normalized 
effective mid-wall creep strain for unirradiated V-4Cr-
4Ti and V-3Fe-4Ti.  Normalized stresses are Von 
Mises effective stresses for biaxial tests.  The initial 
oxygen concentration of the uniaxial and biaxial test 
specimens was 310 wppm and 699 wppm, 
respectively. 

 

0

50

100

150

200

250

300

350

400

19 20 21 22 23 24 25 26

650
700
725
800

St
re

ss
, M

Pa

LMP = (T+273)(20+log(t1%))x10-3, h

Temperature, °C

Figure 2. Larsen-Miller Parameter plot (time 
to reach 1% creep strain) for V-4Cr-4Ti tested in 
vacuum (uniaxial and biaxial specimens) at the 
indicated temperatures.

163



performed between 300-500°C to damage levels of a few 
dpa.  There is a significant divergence in effective strain 
rate at effective stresses greater than about 125 MPa.  A 
Russian study suggests a bilinear relationship between the 
effective irradiation creep strain rate and the effective 
stress, but such behavior was not observed in more recent 
experiments carried out under the auspices of the 
JUPITER program [48].  More data will be forthcoming 
from experiments recently inserted in the HFIR and 
JOYO reactors but dose levels will again be on the order 
of only 5-7 dpa.  

For the future additional thermal creep experiments 
are warranted to examine ways to improve performance 
through alternative compositions and microstructures 
without degrading properties such as fracture toughness.  
More work is needed to define the irradiation creep 
characteristics of these alloys as there is almost a 
complete lack of data at any significant dose.  Further, the 
effect of alloy composition and heat treatment on 
irradiation creep remains to be explored. 

 
6.  Helium Embrittlement 

 
The upper temperature limit for V alloys is most 

probably determined by the effect of gaseous 
transmutants such as He on creep rupture behavior in the 
600-800°C temperature regime.   The most realistic 
studies to perform involve simultaneous creep 
deformation and introduction of displacement damage and 
He at fusion relevant rates (~4 appm He/dpa).   In the 
absence of a 14 MeV volumetric neutron source these 
types of experiments are exceedingly difficult to perform 
and consequently are seldom done.  More often, pre-
implanting a tensile specimen with a particular quantity of 
He and then conducting a tensile test at a strain rate 
ranging from 10-3 to 10-4 s-1 have been used to 
characterize the effect of He on elevated temperature 
mechanical properties.  Occasionally pre-implanted 
tensile specimens have also been neutron-irradiated to 
explore the concomitant effects of He and radiation 
damage on tensile properties. 

The effect of He on tensile properties has been 
studied over a broad range of temperatures for a variety of 
V alloys [49-57].  Figure 3 shows the temperature 
dependence of the normalized tensile ductility for He 
concentrations ranging from 14 to 480 appm.  The 
normalized ductility is the total tensile elongation for a 
He-implanted specimen, εtot(He), divided by the total 
tensile elongation of a He free specimen tested at the 
same temperature, εtot(ref).  In all these experiments He 
was pre-implanted prior to performing the tensile test by 
either cyclotron irradiation [49-52, 55-57] or by a 
modified tritium trick technique [53, 54] where the 
implantation temperature is typically quite low relative to 
the tensile test temperature.  Matsui et al. [58] have 
suggested that the He-implantation method can 
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implanted with He.  Implantation was performed by 
cyclotron injection or a modified tritium trick 
technique. 
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significantly affect the tensile test results, but the data in 
Figure 3 do not display a trend indicating that one 
implantation technique leads to systematically lower 
ductility than another.  Normalized tensile ductilities with 
values near unity indicate no significant effect of He.  
Close inspection of the data reveals that He at levels of ≤ 
25 appm did not significantly degrade tensile ductility at 
any test temperature.   When the He concentration was ≥ 
25 appm tensile ductility was substantially reduced at 
temperatures ≥ 650°C.  A puzzling feature of the data is 
the apparent effect of He at temperatures around 420 - 
450°C.  Low normalized tensile ductility in this 
temperature regime is evident for the Cr bearing V alloys 
only, suggesting that He may be more deleterious for high 
strength alloys. 

It is instructive to also examine the effect of neutron 
irradiation on tensile ductility for He free and pre-
implanted specimens to determine the relative 
contributions of He and neutron irradiation on ductility 
reduction.  Figure 4 gives a plot of the temperature 
dependence of the normalized tensile ductility for He-free 
V alloys neutron irradiated to doses ranging from about 6 
to 82 dpa [49, 50, 53, 54, 57, 59-61].  The data exhibits 
some scatter but there is a clear trend that the effects of 
neutron irradiation on tensile ductility are minimal for 
irradiation temperatures ≥ 650°C.  A similar trend is 
found for specimens pre-implanted with He and then 
irradiated, Figure 5 [49, 50, 53, 54, 57, 59-61].  These 
results indicate that He pre-implantation did not further 
reduce tensile ductility beyond that already caused by 
neutron irradiation.  Results from the Dynamic Helium 
Charging Experiment (DHCE) [59], which closely 

simulates the actual fusion environment because He and 
neutron damage are produced concurrently, displays the 
same trend.  It is clear from the data in Figures 3-5 that 
over the temperature range 400 to 600°C displacement 
damage is the largest contributor to loss of ductility.  It is 
important to recognize, however that none of the 
experiments mentioned above exactly simulated the 
environment that a structural material will face in a real 
fusion power system, namely high-temperature, time-
dependent deformation in the presence of simultaneous 
He production and displacement damage so the relative 
importance of each of these variables may be different for 
a real power system. 

Recently, Chuto and co-workers [62] explored the 
effect of pre-implanted He on the creep properties of V-
4Cr-4Ti.  It was anticipated that the effects of He would 
be more pronounced at strain rates typical of creep 
deformation, although data by van Witzenburg and 
Scheurer [63] indicate that V-5Ti pre-implanted with up 
to 100 appm He and neutron irradiated to 4.5 dpa show 
little sensitivity of the total elongation to strain rate over 
the range 10-6 to 10-3 s-1.  Helium was cyclotron 
implanted by Chuto et al. [62] at 700°C followed by creep 
testing at the same temperature.   Creep testing of He-free 
control samples exposed to the same thermal history as 
the implanted ones was also performed.  Interestingly, the 
creep strength of the He implanted specimens was 
significantly better than the He-free samples, even though 
the fracture surfaces of the implanted specimens were 5 to 
15% intergranular.  The superior creep performance of the 
He-implanted specimens was attributed to irradiation 
strengthening, but this explanation lacks appeal since 
radiation damage associated with the 700°C implantation 
should be minimal.  Matrix strengthening from a fine 
dispersion of He clusters seems more likely, but 
microstructural characterization remains to be performed. 

The effect of He on microstructural development still 
needs to be addressed intensely.  Work performed to date 
has lead to qualitative understanding of basic effects, but 
accurate quantitative evaluations are not possible due to 
insufficient data.  A 14 MeV fusion neutron source is 
absolutely essential to acquiring the needed data, but 
progress may be possible with simulation techniques such 
as the DHCE. 

 
7.  Advanced Alloys 

 
While V alloys offer many attractive properties for 

fusion applications there is growing recognition that the 
reference composition, V-4Cr-4Ti, may not be fully 
adequate to meet the stringent requirements of an 
advanced power system in terms of resistance to He 
embrittlement and creep damage.  Consequently, 
alternative compositions are being considered to improve 
the low-temperature radiation resistance and high-
temperature strength.  Chen and co-workers [64] have 
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Figure 5. Temperature dependence of the 
normalized total elongation for several V alloys pre-
implanted with He and then neutron-irradiated.  
Implantation was performed by cyclotron injection or a 
modified tritium trick technique.  The irradiation and 
tensile test temperatures were the same in all cases. 
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recently studied the properties of V-based alloys 
containing 6-8 weight percent W.  A broad range of 
properties were investigated including recovery and 
recrystallization behavior, the room temperature tensile 
properties, the solid solution strengthening efficiency of 
various elements, the susceptibility to H embrittlement, 
and oxidation kinetics in air from 400 to 600°C.  The 
recovery and recrystallization behavior of V-W alloys not 
including Ti was similar to unalloyed V, while V-W 
alloys including Ti gave results similar to V-4Cr-4Ti.  
The N concentration affected the temperature for onset of 
recovery in a V-6W-1Ti alloy.  Increasing the N 
concentration from 5 to 30 wppm was sufficient to 
increase the temperature for onset of recovery by about 
100°C.  Tungsten, on a per atom basis, was observed to be 
a more effective strengthener than either Ti or Cr.  The 
room temperature tensile properties of the V-W alloys 
examined by Chen et al. were equal to or better than a V-
4Ti alloy.  The addition of W did not influence the H 
embrittlement behavior.  Although Ti tends to enhance H 
absorption, it appears to be the key element for imparting 
high resistance to H embrittlement.   Parabolic oxidation 
kinetics were observed for all of the alloys investigated by 
Chen et al.  This result is consistent with an earlier study 
[65] that demonstrated the oxidation kinetics depend 
strongly on the O partial pressure.  At high O partial 
pressures parabolic oxidation kinetics are found and low 
O partial pressures linear kinetics are obeyed.  From an 
operational point of view the most relevant environmental 
conditions are low O partial pressures and temperatures of 
about 700°C. 

It is well known that V alloys are readily embrittled 
by neutron irradiation at temperatures below about 400°C 
[2,3].  Since grain and interphase boundaries act as 
efficient sinks for point defects produced under irradiation, 
alloys possessing ultra-fine grains and fine-scale particles 
may be more resistant to radiation-induced embrittlement.   
To test this hypothesis, Kobayashi and co-workers [66] 
examined the effects of neutron irradiation on the 
microstructure and hardness of V alloys containing small 
amounts of Y.  Two V alloys with 1.6 and 2.6 weight 
percent Y were prepared by mechanical alloying 
techniques.  The microstructure of the unirradiated 
materials displayed a mixture of fine grains a few hundred 
nanometers in diameter along with a small amount of 
coarse grains a few micrometers in diameter.   TEM disks 
prepared from these materials were irradiated in the 
JMTR at 290°C to a dose of 0.25 dpa and at 800°C to a 
dose of 0.7 dpa.  The results of this study showed that 
formation of interstitial loops and voids was suppressed in 
fine grain regions.  Hardness increases associated with 
low-temperature neutron irradiation (290°C) were 
relatively modest (3-70 Hv) compared to conventional V 
alloys processed using ingot metallurgy procedures.   
Kobayashi et al., found that the ultra-fine grains were 
stable, only limited particle coarsening occurred at 800°C, 

and grain miniaturization effectively suppressed 
formation of radiation-induced defects.  Another potential 
benefit such microstructures may provide is increased 
resistance to He embrittlement.   Higher dose irradiation 
data is needed to validate the efficacy of this approach for 
improving radiation resistance. 

 
8. Critical Issues for Future Research 

 
While significant progress has been made toward 

development of V alloys for fusion applications there 
remain a number of critical issues that should receive 
attention in ongoing research programs.  The present 
understanding of the influence of interstitial impurities 
such as C, O, and N on tensile, creep and fracture 
properties is not sufficient.  Low-temperature (≤ 450°C) 
properties appear to be improved by removing C, O, and 
N but high-temperature creep strength is reduced.  Ideally, 
elements such as C, O and N should be considered as 
alloying elements in V, analogous to C in steel, rather 
than undesirable impurities.  To achieve this state will 
require much better control of these elements. 

Recent atomistic modeling studies have advanced our 
understanding of fundamental point defect behavior in V 
alloys, but more needs to be done to develop robust 
models of material behavior that offer predictive 
capability.  Complex experiments such as variable 
temperature irradiations need further detailed 
microstructural characterization coupled with the 
development of appropriate models that enhance our 
understanding of the experimental observations. 

Although not described in this paper, a lot of progress 
has been made in development of constitutive laws for 
unirradiated V alloys [27].  This methodology needs to be 
extended to irradiated material.  Further, the effects of 
flow localization and the contribution of dynamic strain 
aging need to be included.   Extension of the Master 
Curve - ∆T and micromechanics approaches to 
characterize and predict the temperature dependence of 
fracture toughness for irradiated material should be a high 
priority.  A complete fracture resistance model must also 
consider the impact of non-hardening embrittlement 
mechanisms driven by impurity-solute segregation, phase 
instabilities, and the production of He and H.  In addition, 
subcritical crack growth (fatigue and environmentally 
assisted) and the realities of actual service such as warm 
pre-stressing, shallow surface flaws, multiaxial/mixed 
mode loading, dynamic strain aging, and creep relaxation 
will also play a role. 

The thermal creep performance of V alloys may need 
improvement.   The current reference alloy, V-4Cr-4Ti, 
may not posses adequate creep strength.  There is a need 
to explore alternative alloying elements for improved 
creep performance and He management and some steps in 
this direction have already been taken [64, 66].  Higher 
dose irradiation creep data and an understanding of the 
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effects of alloy composition on irradiation creep is 
required.  The effects of He and H on creep resistance, 
swelling and post-irradiation tensile properties over the 
range 600 ≤ T ≤ 800°C is needed.  Development of an 
alloy with a multiphase microstructure may be needed for 
more efficient He management since the sink strength of 
V-4Cr-4Ti for He trapping may not be adequate.  
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The alloys examined in this study include V–4Cr–
4Ti–0.5Si, V–4Cr–4Ti–0.5Al, V–4Cr–4Ti–0.5Y and V–
4Cr–4Ti.Oxidation experiments were conducted in air. 
After oxidation, tensile tests, hardness measurements and 
scanning electron microscopy were performed. Surface 
oxidation layers were identified by X-ray diffraction 
(XRD) analysis. Based on this study, the alloy doped with 
Y was excellent in oxidation resistance at 600 and 700 
� C. The XRD indicated that V2O5 was the primary oxide 
phase for the alloys tested at 700 °C, except for the V–
4Cr–4Ti–0.5Y alloy. The oxide identified at all 
temperatures in V–4Cr–4Ti–0.5Y alloy was VO2, that was 
also observed for the other alloys after testing �at 600 C. 
It was suggested that the formation of thin and dense VO2 
oxide layers had an important role for superior oxidation 
properties of the V–4Cr–4Ti–0.5Y alloy. From the results 
of this study, further optimization of the V–4Cr–4Ti alloy 
could be possible by controlling the small addition of 
yttrium. 

 
1. Introduction 
 

The alloys of V–Cr–Ti with and without Si, Al and Y 
[1] show excellent mechanical properties at high 
temperature [2–4] and irradiation characteristics [5,6] as 
low-activation structural materials for nuclear fusion 
reactors [7,8]. The improvement of the oxidation 
resistance at high temperature is considered from practical 
standpoint as one of the important problems [9–11]. In 
Table 1, the oxidation issues of vanadium alloys for 
fusion applications are summarized [12–16]. Therefore, it 
is very important to examine the oxidation behavior (in 
various atmospheres in high-temperature regions assumed 
for fusion reactors) of V–4Cr–4Ti and V–4Cr–4Ti–Si–
Al–Y alloys regarded as candidates for further 
development of the practical vanadium alloys. Especially 
important is to clarify the effect of Si, Al and Y which are 
the doping elements added to the alloy on the high-
temperature oxidation behavior [17–19]. In this study, 
oxidation experiments were conducted in air at high 
temperature on the V–4Cr–4Ti type alloys which 
contained additions of Si, Al and Y. The objectives of this 
study are to evaluate the oxidation behavior, determine 
the effect of doping elements of the alloy on the 
mechanical behavior, and obtain the basic guideline for 
the development of low-activation oxidation-resistance 
vanadium alloys for application in fusion reactors. 
 

2. Experimental Procedure 
 

The alloys examined in this study included (in wt%) 
V–4Cr–4Ti–0.5Si, V–4Cr–4Ti–0.5Al, V–4Cr–4Ti–0.5Y 
and V–4Cr–4Ti. The alloys were prepared at Tohoku 
University and V–4Cr–4Ti alloy was developed at the 
National Institute for Fusion Science (NIFS). In order to 
reduce the contamination of the interstitial impurity 
elements (such as C, O and N), high purity V and Ti 
obtained by electron beam refining were used, and an arc-
melting furnace with a contamination reducer was 
adopted for alloying. The chemical compositions of these 
alloys are shown in Table 2. Small-size tensile test 
specimens were punched out from the 0.25 mm thick 
sheet obtained by cold rolling, and the size of the gauge 
section was 5 x 1.2mm2. All the specimens were annealed 
at 1000°C for 1 h under 1x10-3 Pa vacuum to obtain 
recrystallized microstructures. Oxidation experiments 
were conducted in dry air for 1 h at 500, 600, 700 and 
750 °C. The weight increase measurements were carried 
out after oxidation. Tensile tests were conducted at room 
temperature at a strain rate of 6.7x10-4 s-1. Secondary 
electron microscopy was used to characterize the 
microstructures of oxidized specimens. The surface oxide 
layers were identified by X-ray diffraction (XRD) and the 
effect of the doping elements on the oxidation resistance 
of the alloy was examined. 

3.   Results and Discussion 

Fig. 1 shows the weight increase per surface area of 
each alloy after oxidation in air for 1 h. None of the alloys 
showed a significant increase in weight up to 600°C. The 
V–4Cr–4Ti alloy showed a substantial weight gain after 

�oxidation at 700 C whereas V–4Cr–4Ti–0.5Al and V–
4Cr–4Ti–0.5Y alloys did not show negligible weight 
change after oxidation at 700°C. After oxidation at 
750 °C, all the alloys containing dopant elements 
exhibited substantial weight increase; a similar test could 
not be conducted on the V–4Cr–4Ti alloy due to melting 
of the surface oxide (V2O5). Among the three alloys, the 
Y-containing alloy exhibited the maximum weight gain at 
750°C. 

Fig. 2 presents stress–strain curves of the V–4Cr–4Ti 
and V–4Cr–4Ti–0.5Y alloys, in as-annealed conditions 
and after oxidation testing at 500, 600, 700 and 750°C. 

The tensile elongation of each alloy was reduced with 
increasing oxidation temperature. The V–4Cr–4Ti alloy 
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specimen oxidized at 700°C broke with almost no 
plasticity whereas the V–4Cr–4Ti–0.5Y alloy specimen 
broke in a similar mode after oxidation at 750°C. The 
results of the fracture surface analysis obtained after the 
tensile test (see Fig. 3) showed three distinct zones 
namely, a surface oxidized layer, a cleavage fracture area 
and ductile rupture zone in both V–4Cr–4Ti and in V–
4Cr–4Ti–0.5Y alloys after oxidation at 700 and 750°C, 
respectively. The cleavage crack region and surface 
oxidized layer were related to the embrittlement of the 
alloy, and they corresponded to the depth of diffusion of 
oxygen into the alloys. 

 In V–4Cr–4Ti–0.5Y that was oxidized at 700°C, the 
surface oxide layer was thin and dense and the cleavage 
crack region was thinner than that of other alloys. 
Therefore, it was considered that the growth of the 
oxidized layer and the diffusion of oxygen into the alloy 
were suppressed by the Y addition. Fig. 4 shows the oxide 
thickness measured in all of the alloys after oxidation at 
several temperatures. In the V–4Cr–4Ti alloy, a 
significant growth of the oxide layer was observed at 
700 °C. In the V–4Cr–4Ti–0.5Y alloy, the oxide layer did 
not grow up to 700°C, while the layer grew at 700°C and 
substantially at 750°C in the V–4Cr–4Ti–0.5Si alloy. The 
V–4Cr–4Ti–0.5Al alloy showed an intermediate behavior 
between those of V–4Cr–4Ti–0.5Si and V–4Cr–4Ti–0.5Y 
alloys.  

XRD analysis of the oxide scales on the V–4Cr–4Ti 
alloy showed predominantly the VO2 phase after 
oxidation at 600°C and the V2O5 phase after oxidation at 
700°C. On the contrary, VO2 was stable in the Y-
containing alloy even after oxidation at 700°C; however, 
it changed to V2O5 after oxidation at 750°C. The superior 
oxidation resistance of the Y-containing alloy at 700°C 
can be attributed to the formation and slow growth rate of 
the VO2 phase, as evidenced by the thinness and 

denseness of the scale in this alloy. Yttrium plays two 
roles to impart a slower growth rate in this alloy. The 
presence of Y in the alloy seems to lower the oxygen 
partial pressure in the near-surface region of the scale 
thereby stabilizing the VO2 phase in the scale, and the Y 
segregation near the surface suppresses inward diffusion 
of oxygen into the alloy.  

Fig. 5 shows the relationship between tensile 
behavior and oxidation morphology of the V–4Cr–4Ti 
alloy. The morphological structure of the fracture surface 
obtained after oxidation can be related to the 
concentration of oxygen that diffused into the alloy during 
oxidation. The fracture surface was composed of an oxide 
scale, a cleavage fracture zone, and a ductile rupture zone, 
the thickness of each of which depended on the oxygen 
concentration. The tensile behavior of the oxidized-

 

 
 
Fig. 1. Weight gain for V–4Cr–4Ti type alloys after 
oxidation in air for 1 h. 

Table 1  Oxidation issues of vanadium alloys for fusion applications[12–16] 

Table 2 Chemical composition of the vanadium alloys used in the study (in wt%) 
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material seemed to show the material tensile behavior that 
stretched the three materials of which characteristics 
differ, because it has the strength in which this 
organization respectively differs. The thickness of the 
brittle zone (comprising of the scale and the cleavage 
fracture areas) relative to the ductile zone increased with 
temperature, primarily because of increased diffusion of 
oxygen and increased oxygen ingress into the alloy. A 
quantitative assessment of the beneficial effects of dopant 
elements on oxidation resistance of the alloys and on 
ductility loss needs further experimental work that 
involve a range of oxygen partial partial pressures in the 
exposure environment and may be longer exposure time. 

 
8. Conclusion 

 
The compatibility of V–4Cr–4Ti, V–4Cr–4Ti–0.5Si, 

V–4Cr–4Ti–0.5Al, and V–4Cr–4Ti–0.5Y alloys with 

oxygen was examined in dry air. The results showed 
improved oxidation resistance for the Y-containing alloy 
at temperatures up to 700°C. The implication of this 
improved resistance is that under accident conditions that 
involve air ingress at elevated temperatures, the Y-
containing alloy may offer adequate resistance when 
compared with that of the alloy without Y addition. For 
example, if the alloys were exposed to air at 700°C for 1 h 
during an accidental air ingress situation, the depth of the 
brittle layer in the alloys with and without Y would be 20 
and 100μm, respectively 
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Fig. 2. Stress–strain curve for V–4Cr–4Ti and V–4Cr–4Ti–0.5Y alloys tested at room temperature: (1) as annealed, (2) 
500°C oxidation, (3) 600°C oxidation, (4) 700°C oxidation, (5) 750°C oxidation. 

 
Fig. 3. Scanning electron micrographs of fracture surfaces after tensile test, V–4Cr–4Ti alloy and V–4Cr–4Ti–0.5Y alloy 
after oxidation at 700 and 750°C for 1 h, and as annealed. 
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Fig. 5. Tensile properties and oxidation morphology of 
the V–4Cr–4Ti alloy oxidized in air for 1 h. 

 
Fig. 4. Thickness of the oxide layer for each alloy 
oxidized in air for 1 h. 
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Abstract 

Microstructural examinations have been performed on irradiation-creep and thermal-creep pressurized tube specimens of 
V-3Fe-4Ti-0.1Si in order to understand failure and creep mechanisms. There are no typical microstructural differences 
between unstressed and pressurized creep tube specimens irradiated in ATR-A1 in the irradiation temperature regime from 
212 to 300°C. Failed thermal creep specimens show dislocation structures dependent on the tube specimen geometry. This 
can be interpreted in terms of a large number of slip dislocations oriented for optimum slip.  

 
 

1. Introduction 
Since vanadium alloys are candidate materials for fusion 

reactor structural materials, particularly because of their 
potentially high service temperatures, it is necessary to 
assess the performance of vanadium alloys at high 
temperature regime from 700 to 800°C [1]. However 
information on the creep properties of vanadium and 
vanadium alloys is limited since only a few studies have 
been performed.  

On the other hand, irradiation creep is one of important 
research and development issues for first wall and blanket 
structures of fusion reactor materials. The effect of 
irradiation on creep properties has been investigated and a 
pressurized creep tube technique has been mostly employed 
for in-pile creep tests [2]. A study of biaxial thermal creep 
properties of V-Cr-Ti alloys has been performed 
successfully using pressurized creep tube techniques [3]. In 
the ATR-A1 irradiation in the JUPITER program [4], a 
study of biaxial irradiation creep properties of V-Cr-Ti 
alloys has been performed and data of a significant 
irradiation creep rate were obtained [5,6]. However 
information on the microstructure of thermal and irradiation 
creep in vanadium alloys have not been reported so far. It is 
necessary to obtain reliable microstructures in creep 
deformation in order to clarify the mechanism of thermal 
creep and irradiation creep behavior. In this study, a 
vanadium alloy of V-3Fe-4Ti-0.1Si (Heat number 
VM9502) was used, subjected to both thermal and 
irradiation creep tests as in V-Cr-Ti alloy [2] and creep data 
were also obtained. It has been pointed out that Fe included 
in vanadium alloy combines with helium strongly during 
neutron irradiation and suggested that V-Fe-Ti alloy will 
show high resistance to void swelling and intergranular 
degradation by helium implantation at high temperatures [7]. 
The V-Fe-Ti alloy is considered to be superior creep 
strength at high temperature to the V-Cr-Ti alloy, because it 
has larger binding energy with He/vacancy complex cluster 
than the V-Cr-Ti alloy. It has been reported that the 

mechanical properties of the V-Fe-Ti alloys are not so much 
different from that of the V-Cr-Ti alloys in out-pile and 
in-pile irradiation conditions [6, 8, 9]. The purpose of this 
study is to clarify the relationship between microstructures 
and creep behavior through transmission electron 
microscope (TEM) observations on thermal and irradiation 
creep specimens. 

 
2. Experimental procedure 
2.1. Biaxial thermal creep tests 

The chemical composition of the V-3Fe-4Ti-0.1Si alloy 
has been already reported [6].  Detailed descriptions of the 
creep pressurized tube specimen preparation and the 
experimental environment are reported in refs [5,6,9,10]. 
The creep specimens in the ATR-A1 experiments and 
thermal creep test in Pacific Northwest National Laboratory 
(PNNL) were pressurized tubes with welded end plugs. The 
tubes were prepared from the V-3Fe-4Ti-0.1Si laboratory 
heat produced at Tohoku University in Japan. The tubes of 
V-3Fe-4Ti-0.1Si alloys were produced by machining in 
Argonne National Laboratory (ANL). All specimens had a 
nominal 4.57 mm outer diameter (OD), 0.25 mm wall 
thickness, and 25.4 mm length. The machining tubing was 
inspected with available ultrasonic or eddy current methods 
and radiography. Tube sections with questionable mass 
densities were excluded.  

In order to fabricate creep tubes, the circumferential 
plug-to-tube welds were made with an electron-beam 
welder in vacuum. After the end plugs were attached, the 
assemblies were annealed at 1000°C for 1.0 h in vacuum 
while wrapped in a Ti getter foil. They were then 
pressurized to the desired level, through a 0.25-mm 
diameter hole in the top end plug, with high-purity helium 
in a pressure chamber. Two of the unpressurized #832665 
specimens were designated as stress-free swelling controls. 
The final closure weld of the 0.25mm diameter of hole was 
made with a helium gas enclosure machine in ANL. The 
specified pressure loading was determined with a code that 
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accounted for thermal expansion of the vanadium alloy 
tubing, compressibility of the helium gas, and anticipated 
specimen temperature. Following the leak check and visual 
inspection, the dimensions of the assembled creep 
specimens were measured with a laser profilometer. The 
measurements were made at 5 axial locations (x/l of 0.1, 0.3, 
0.5, 0.7 and 0.9) at every 9° azimuthal interval, and the 19 
azimuthal readings were averaged to yield the mean 
diameter for each axial location of the specimens.  

Thermal creep experiments were performed in PNNL 
[3]. Prior to insertion into the vacuum furnace, each 
specimen was loosely wrapped with titanium foil to provide 
additional protection against oxygen pickup during the 
experiment. The specimen OD was again measured using a 
laser profilometer to determine the elastic diametral 
displacements for each tube. For creep tests of the 
V-3Fe-4Ti-0.1Si alloys, two test temperatures were selected, 
700 and 800°C. 

Conventional analyses of grain boundary microstructure 
of an unstressed tube and a sample after creep test were 
performed by using a scanning electron microscope 
equipped with electron back scattering diffraction and 
orientation imaging microscope system (SEM–EBSP/OIM). 

 
 

2.2. Biaxial irradiation creep tests 
Detailed irradiation conditions have been reported in 

refs [5,6]. The ATR-A1 experiment consisted of 15 stacked, 
lithium-bonded subcapsules. The 10 creep specimens were 
each contained in a subcapsule to preclude interactions 
should any one rupture unexpectedly. To reduce the 
atypical transmutation of V into Cr due to the reactor's 
thermal flux, a neutron filter made of Gadolinium was 
installed in each subcapsule. The duration of the irradiation 
was 132.9 effective-full-power days. The experiment had 
two target temperatures: 200 and 300°C. However, because 
of the space limitation and axial flux gradient, the achieved 
displacement damage and specimen temperatures were not 
uniform, particularly for the nominally 200°C specimens. In 
calculating the effective strains for V-3Fe-4Ti-0.1Si alloy 
specimens the averaged diameters were determined with the 
laser profilometer in the same manner as before irradiation. 
For the unstressed specimens for the 200 and 300°C groups, 
the diametral strains of V-4Cr-4Ti alloys (the #832665-heat 
specimens) were used as that of the unstressed specimens 
for V-3Fe-4Ti-0.1Si alloys [5].  

 
2.3. Preparation of TEM specimens and TEM 
observation 

Ring sections of creep tubes were sectioned and cut into 
2mm square plates by a multi wire-saw for thermal creep 
tubes and by an electrical discharge machining (EDM) 
apparatus installed in a radiation controlled area at Oarai 
branch in Institute for Materials Research /Tohoku 
University for irradiation creep tubes. The plate was thinned 
by grinding and then electro polished. No evidence of 

damage due to grinding could be seen in the cold-run test 
using an annealed and untested creep tube, therefore there 
were no artificial dislocations and no feature of anisotropic 
microstructures induced by sample preparation. TEM 
observations were carried out. In the TEM observation for 
thermal creep pressurized tube specimens, a g·b=0 
technique was performed in order to determine the Burgers 
vectors of dislocations. Based on the <001> orientation, at 
least four beam injection of <012> and <112> directions 
and ten types of reflection, {011}, {002} and {112}, were 
selected and used for each specimen. As a result, all types 
of <001>, <011> and <111> Burgers vector were 
completely distinguished. 

 
3. Results & discussions 
3.1. Microstructural examination for thermal creep 
pressurized tube specimens 

Table 1 gives the information of thermal creep test 
conditions. The chemical analyses before and after thermal 
creep tests were carried out. An untested pressurized tube 
creep specimen contains 890wppm oxygen and 80wppm of 
nitrogen. On the other hand, a specimen tested at 700°C 
with rupture time of 3887hrs showed contents of 680wppm 
oxygen and 30wppm nitrogen. The reduction of nitrogen 
from V alloys during creep test could not be understood 
well in this study. However, it is considered that the 
amounts of nitrogen contents before and after creep test do 
not change significantly and are within the experimental 
errors. From the chemical analysis, any impurity incursion 
during the creep tests could not be recognized. 
Conventional analyses of grain boundary microstructure of 
an unstressed tube and a sample after creep test at 700°C 
and 129MPa were performed by using the 
SEM–EBSP/OIM system. 

 
 

Table 1 : Test conditions for thermal creep pressurized tube 
specimens of V-Fe-Ti alloys 

Temp 
(°C) 

Effective 
stress 
(MPa) 

Time to 
rupture 
(hr) 

Effective 
mid-wall 
strain 
(%) 

Minimum 
creep rate 
(%/h) 

92 3418 15.8 6.4x10-4 at 
101hr

129 3887 17.3 5.7x10-4 at 
101hr700 

160 585 12.2 3.3x10-3 at 
101hr

55 No rupture 
(till 5242) 

0 at 
5242hrs 4.3x10-5

74 427 6.9 2.5x10-2800 

92 101 20.0 2.0x10-1 at 
101hr
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From the analyses of grain boundary microstructures, 
there were no typical differences of the grain size 
distribution, misorientation angle distribution and CSL 
(coincidence site lattice) boundaries distribution between an 
unstressed tube and a pressurized tube after creep test. This 
suggests that the grain growth, polygonization and 
anisotropic flow of mass transfer did not occur during the 
creep test at 700°C and 129MPa.      
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Fig. 1: Stress dependence of minimum creep rate of the US 
heat #832665 of V-4Cr-4Ti and the V-3Fe-4Ti-0.1Si 
 

Fig. 1 shows a comparison of stress dependence of the 
minimum creep rate between the US heat 832665 of 
V-4Cr-4Ti alloys [3] and the V-3Fe-4Ti-0.1Si alloys. The 
steady-state creep regimes of strain-time curves for the 
V-3Fe-4Ti-0.1Si alloys were very short or not observed. In 
the case of no steady-state creep regimes, the first creep 
rates on strain-time curves were adopted as minimum creep 
rates. The creep rates of the V-3Fe-4Ti-0.1Si alloys were 
faster than V-4Cr-4Ti, #832665 alloys [3] as shown in Fig. 
1. The stress exponent, n derived from a relationship 

between the creep rate and effective stress was 2.3 at 700°C, 
which suggests that the creep mechanism is typical of 
solid-solution alloy. However since the steady state creep 
was not observed in 700°C creep tests, the value of stress 
exponent is unreliable. In 800°C creep tests, a large stress 
exponent of n=11 was obtained, likely due to the presence 
of a threshold stress. Fig. 2 (A) shows an example of 
dislocation structures in a V-3Fe-4Ti-0.1Si tested at 800°C 
and 74MPa. A lot of dislocations were formed and many 
precipitates were seen in grains. The dislocation structure 
was distributed homogeneously in grains and some 
dislocations were pinned at precipitates here and there. The 
cell walls of dislocations were seldom identified in any 
specimens.  

On the other hand, the sub grain boundary structures, 
like cell walls, could be seen in a V-4Cr-4Ti alloy. A large 
ingot of highly purified V-4Cr-4Ti alloy, NIFS-Heat1 [11] 
has been examined in creep deformation test using uniaxial 
tensile specimens. Fig. 2 (B) shows the BF images of a 
NIFS-Heat1 in a steady state creep regime during a creep 
test at 800°C and 200MPa using uniaxial tensile specimens 
[12]. Sub grains with widths of about 1�m were distributed 
through grains in the NIFS-Heat1 alloy.  

The difference between these alloys may be caused by 
the creep deformation mechanism. The type for 
V-3Fe-4Ti-0.1Si alloys is of the dislocation creep of solid 
solution alloy, and for NIFS-Heat1 alloys is of the 
dislocation creep of pure metal. It indicates that the 
dislocation glide controls the creep rate in the NIFS-Heat1 
alloys, whereas solute atoms in the V-3Fe-4Ti-0.1Si alloys 
act as lattice resistance to dislocation motion and the glide 
velocity is less than the climb velocity of a dislocation.  

 

 
Fig. 2: Microstructures in V-3Fe-4Ti-0.1Si alloys tested at 800°C with a stress of 74MPa (A), and a NIFS-Heat1 tested at 

800°C with a stress of 200MPa (B). The image (A) was taken from a failed specimen and (B) taken from a specimen ceased a 
creep test at the beginning of steady state creep. 

(A) 

（ B) 
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Detailed investigation of dislocation characteristics and 
configuration was performed in all failed specimens. Fig. 3 
shows an example of the microstructure of the 
V-3Fe-4Ti-0.1Si alloys tested at 800°C and 92MPa. Most 
of the dislocations had parallel alignment with the 
longitudinal direction of the creep tube specimens. The 
Burgers vector for the dislocations was 1/2<111>. Since the 
direction of <111> vector was perpendicular direction to 
dislocation line, the dislocations should be edge 
dislocations. The short dislocations intersecting long <111> 
dislocations had the <100> Burgers vector, which are the 
reaction dislocations among the different slip of <111> 
dislocations. Since the determination of dislocation 
character for many grains is difficult, the configuration of 
dislocations was obtained by the measurement of a 
direction along a dislocation line. Fig. 4 shows the plot of 
dislocation length distribution as a function of the angle 
between a longitudinal direction of creep tube and a 
direction along a dislocation line. A lot of long dislocations 
may be aligned with a longitudinal direction of creep tube 
at 700°C as shown in the Fig. 4 (A). On the other hand, the 
dislocation alignment at 800°C is deviated from the 
longitudinal direction of the tubes, however most of 
alignment angle is concentrated within a 45º angle from the 
longitudinal direction of the tubes. The deviation of angle is 
caused by the crystallographic geometry of each grain 
because the distribution of concentrated regime of 
dislocations is unimodal or bimodal like grain A, B and D 
in Fig. 4(B).  

 
Fig. 3: Example of TEM images of a dislocation structure 
of the V-3Fe-4Ti-0.1Si alloy tested at 800°C with a stress 
of 92MPa. Arrows on upper part in images show the 
g-reflection vectors, (12 1 ) for left and (002) in right. A set 
of arrows in the bottom of left shows the direction in 
pressurized creep tube geometry; [L] indicates a 
longitudinal direction in the tube and [H] a hoop direction. 
A set of arrows in the bottom of middle part shows the 
crystallographic directions; the projection axes is [001] 
direction and close to the perpendicular direction for the 
creep tube surface within 5°. 

 
 

From the general stress analysis of pressurized creep 
tubes [5,13], a hoop stress and a longitudinal stress is 
described as σθ=(rm/t)ΔP and σz=(0.5rm/t)ΔP, respectively. 
The rm is the midwall radii of tubes, t is the wall thickness 
and ΔP is the difference in internal and external gas 
pressure at the temperature. The direction of the main stress 
is the hoop direction on the pressurized creep tubes. In 
order to determine which slip system is dominant in creep 
tube deformation, trace analyses were done for the Burgers 
vectors of dislocations, the foil normal and the direction of 
the critical resolved shear stress. It is assumed that the 
preferential slip planes in vanadium alloys [14] are {110} 
or {112} and the “easiest” slip plane was determined for 
each examination. Fig. 5 shows the fractional distribution 
for the Burgers vector of dislocations in the creep-tested 
V-3Fe-4Ti-0.1Si alloys.  
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Fig. 4: The plots of dislocation length distribution as a 
function of an angle between a longitudinal direction of 
creep tube and a direction along a dislocation line. (A) 
700°C and (B) 800°C. 
 

The dislocation densities of <111> Burgers vector were 
divided into two portion; the one that takes the easiest slip 
system and the others. Since the specimens were taken from 

g=[200] 

500nm

[100] 

[010] 

g=[121] 

[L] 
[H] 
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the ruptured area in failed specimens, the dislocation 
densities for all specimens were almost the same, 
independent of the stress levels. The fraction of the <111> 
Burgers vector for the main slip is about 60-70%. It can be 
interpreted to contain a large number of slip dislocations 
oriented for optimum slip during creep tests. Multiple slip 
should be facilitated by geometrical effects arising from 
experimental constraints, but the pressurized tube is so thin 
that the constraint effect may not be stronger than tensile 
and compression tests. 
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Fig. 5: Dislocation density distribution for the various types 
of dislocations in the creep-tested V-3Fe-4Ti-0.1Si alloy. 
The dislocation types were classified into four groups; (1) 
the <111> main slip; the slip dislocation oriented for 
optimum slip system during tests, (2) the <111> except for 
main slip; the slip dislocation oriented for different slip 
system from the optimum one, (3) <001> dislocation; the 
reaction dislocation produced by the intersection of 
dislocation movements, and (4) undefined dislocations. 
 

 
Fig. 6: Comparison of microstructures between unstressed 
and creep specimens of the V-3Fe-4Ti-0.1Si alloys 
irradiated at 300°C in ATR-A1. (A) a pressurized creep 
tube specimens and (B) an unstressed TEM specimen. The 
arrow [H] in top in (A) indicates a hoop direction of the 
creep tube specimen. 
 

In general, the mechanical properties of bcc metals and 
alloys are strongly dependent on temperature, strain rate, 
sign of stress and impurity contents. In particular, 

characteristic of bcc metals is the existence of two different 
deformation behaviors below and above a so-called 
transition temperature T0, which lies somewhere between 
0.1 Tm and 0.2 Tm. The marked low temperature rise of the 
critical shear stress is today generally ascribed to the 
specific mobility of the screw dislocations with Burgers 
vectors of the type a/2<111> below T0. Conversely 
non-screw dislocations possess a planar core and are 
therefore considerably more mobile than screw dislocations. 
Because of their complicated core structure the screw 
dislocations exhibit a high Peierls stress. After low 
temperature strain bcc metals and alloys principally contain 
long screw dislocations of different a/2<111> Burgers 
vectors in homogeneous distributions without any excess of 
dislocations of one sign. However, with increasing 
temperature the difference between the mobilities of the 
screw and non-screw dislocations becomes progressively 
smaller as a result of thermal activation, so that the 
conditions become increasingly similar to those in fcc 
metals. Above the transition temperature, T0, when the 
mobilities of screw and edge dislocations are comparable, 
there exist marked analogies in the deformation behavior of 
bcc and fcc metals [15]. The Peierls barrier in bcc metals 
for edge dislocation motion is comparable to that for screw 
dislocation motion above 700ºC (>0.4Tm). Hence a lot of 
dislocations can possess edge character after creep 
deformation. The plastic anisotropy during creep 
deformation is essential in vanadium alloys as well as other 
bcc metals and alloys at high temperatures around 0.5 Tm. 
The types of active slip system for edge dislocations in this 
alloy are considered to be <111>{110} and <111>{112} at 
high temperatures. Most of dislocation structures after 
thermal creep tests consist of <111> edge dislocation in this 
study. Therefore these results conform well with the general 
dislocation theory at high temperatures mentioned above.  

The preferential glide movement of dislocations in the 
V-3Fe-4Ti-0.1Si alloys causes the faster creep rate 
compared to V-4Cr-4Ti, and the recovery of dislocations is 
greater than in V-Cr-Ti alloys. The reason why the creep 
strength of the V-3Fe-4Ti-0.1Si alloy is lower than 
V-4Cr-4Ti is considered to be due to the difference of creep 
deformation mechanism, since the a V-4Cr-4Ti alloy forms 
the cell wall structure in spite of little difference in climb 
velocity and vacancy diffusion.  

 
 

3.2. Microstructural examination for irradiation creep 
pressurized tube specimens 

For the V-3Fe-4Ti-0.1Si alloys in this study, the 
effective strain and stress were 0.75%, 163MPa and 0.91%, 
165MPa for specimens irradiated at 300°C and 212°C, 
respectively. After the irradiation, the surface of the creep 
tubes appeared to be darkened.  

The microstructures of both an unstressed TEM 
specimen and a pressurized creep tube specimen irradiated 
at 300°C are shown in Fig. 6. An arrow [H] inside the 

200nmg=110 g=110 

(A) (B) [H] 
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figure shows the hoop direction of the creep tube specimen. 
There are high densities of dislocations and defect clusters 
in both specimens. No precipitates can be seen in 
pressurized creep tube specimens irradiated at 212°C and 
300°C. Fine contrasts are seen in unstressed TEM 
specimens but it was difficult to identify them as 
precipitates by diffraction and image techniques. In order to 
determine the Burgers vectors of the defect clusters, images 
with several reflections were taken in the same area. 
However the character of the defect clusters could not be 
determined because of the high densities of defect clusters.  

In order to investigate the anisotropic formation of 
defect clusters in pressurized creep tube specimens, 
microstructures on several grains were taken, but no 
features typical of anisotropic microstructures of dislocation 
and defect clusters were observed. Fig. 7 shows the 
densities of defect clusters as a function of irradiation 
temperature. No significant difference of microstructures 
between unstressed and creep tube specimens was obtained. 
The densities of defect clusters in both specimens were the 
almost same and about 2x1022 clusters/m3 at temperatures 
from 212°C to 300°C. There is no anisotropic feature of the 
defect cluster formation in pressurized creep tube 
specimens during irradiation.  
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Fig. 7: Density of defect clusters in pressurized creep tubes 
and unstressed specimens. 

 
Since the high density of fine defect clusters and low 

temperature irradiation make the long-range diffusion of 
defects difficult, the difference in microstructural evolution 
between the stressed and unstressed specimens under 
irradiation was not apparent. Even though the diametric 
strains of unstressed specimens were for V-4Cr-4Ti alloys, 
the swelling of the unstressed V-4Cr-4Ti alloy is not 
considered to be much different from that of unstressed 
V-3Fe-4Ti-0.1Si alloys in the same irradiation condition in 
this study. The amount of swelling for the unstressed 
V-4Cr-4Ti alloys was 0.05 and 0.11% for the specimens 
irradiated at 212°C and 300°C, respectively. However, the 
effective strains in the creep specimens at 212°C and 300°C 
were about 0.75% and 0.91%, respectively. The amount of 
creep strain was much larger than that of volume expansion 

in unstressed specimens and quite large compared with 
ferritic steel and other alloys [2]. The origin for the 
enormous creep deformation in the creep specimens is still 
not identified from the microstructural observation using 
TEM. The dense defect clusters with a nano-scale size, such 
as microvoids, invisible interstitial clusters or 
impurity-titanium complexes may cause the creep strain 
rate and volume expansion during irradiation. However it is 
not clear why the fine defect structures are induced in 
stressed environment at low temperature. This is the future 
problem that must be studied more in detail. 

 
4. Conclusions 

Microstructural examinations for thermal creep and 
irradiation creep specimens of the V-3Fe-4Ti-0.1Si alloys 
were performed.  

No anisotropic defect cluster formation was observed in 
pressurized creep tubes irradiated in ATR-A1 at 
temperatures from 212 to 300°C. The cause for the large 
creep strain rate in creep specimens was not clear, as there 
was little difference in microstructural evolution between 
unstressed TEM specimens and pressurized creep tube 
irradiated in ATR-A1.  

The type of creep deformation mechanism for 
V-3Fe-4Ti-0.1Si alloys was a dislocation glide creep 
controlled by solid solution strengthening. The formation of 
dislocation structures was caused by a large number of slip 
dislocations oriented for optimum slip.  
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Abstract 
A fabrication process for pressurized creep tubes (PCTs) for a highly purified V-4Cr-4Ti alloy, NIFS-heat2 was 
established. No increase in impurity contents in PCTs was detected during the tube manufacturing process. In a 
preliminary thermal creep test, homogeneous deformation was observed over entire tube length, which verifies reliability 
of creep measurement by using the present PCTs.   
 
 
1. Introduction 
Creep deformation is one of the important issues that 
affect the lifetime of materials in a fusion reactor. At 
fusion relevant high temperature, creep strain rate of the 
materials at high temperature can be larger when excess 
point defects were generated by irradiation. In order to 
measure irradiation creep in pile of a reactor, several 
irradiation creep tests have been done using pressurized 
creep tubes (PCTs) [1-3]. Recently, high-purity 
V-4Cr-4Ti ingots (NIFS-HEAT-1 and 2) were provided 
by National Institute for Fusion Science (NIFS), Japan 
[4-6]. The oxygen content of NIFS-HEAT-2 is almost 
half that of a large heat of V–4Cr-4Ti produced by a 
US-DOE (Department of Energy) program [7]. In order to 
examine irradiation creep test for the highly purified 
V-4Cr-4Ti alloy, a manufacturing process of pressurized 
creep tube should be established at first with avoiding 
contamination of interstitial impurities during the process. 
We briefly report the manufacturing process of PCTs of 
highly purified V-4Cr-4Ti, NIFS-Heat2 that is planned to 
be used for high fluence neutron irradiation experiments 
in the future.  
 
Table 1 : Interstitial impurity contents in the materials 
on the fabrication process. 

 C N O 
Ingot 80 108 124 

As-rolled tube 140 100 305 
Heat-treated tube 120 120 330 

Final status of creep tube 40 80 375 
 
2. Materials and manufacturing process of PCTs 
Fig. 1 shows a flow chart of manufacturing process for 
pressurized creep tubes of NIFS-heat2 alloys. Tube 
processing of NIFS-Heat2 alloys was successfully done 
by NIFS and Daido Co. The detailed tubing process has 
been reported in the ref [6]. The tubes were cut into 
pieces of pipes with one-inch (25.4mm) length. Table1 
shows the contents of interstitial impurities in 
NIFS-Heat2 alloys used in this study. The results, shown 
in Table l, indicate discernible uptake of oxygen during 
the tube fabrication. However the extent of oxygen 
content in the creep tubes is smaller than those in the 

previous creep tubes. The significant reduction of 
contamination of interstitial impurities during tube 
fabrication process was achieved by using the newly 
developed rolling process reported in Ref. [6] and the 
suitable intermediate annealing. Fig. 2 shows a blueprint 
of creep tube in this study. The design of the creep tube 
specimens was made in accordance with the previous 
work of creep tube specimens of vanadium alloys and 
ODS-ferritic steel [8]. A 8mm φ rod of the NIFS-heat2 
alloy was cold-rolled to the 6mm φ rod. The end plugs 
were fabricated from a rod by using a lathe, and a 
0.6mmφ / 0.25mmφ hole was bored in the top end plug 
with electro-discharge machining. The profile and 
dimension of the hole in the end plug was restricted by 
the request from helium gas enclosure technique. The 
circumferential plug-to-tube welds were made with an 
electron-beam (EB) welder in vacuum in a machine shop 
in Japan Atomic Energy Research Institute (JAERI), 
Tokai, Japan. A rotating revolver holder for six specimens 
was installed in the EB welder to reduce the frequency of 
opening the chamber of the EB welder. A condition of EB 
weld for PCTs of NIFS-Heat2 alloys was as follows; 
150kV for accelerating voltage of electron beams, 0.2mA 
for beam current, two turn of 20 rpm for rotation 
frequency of specimen holder and <1x10-2 Pa for the 
degree of vacuum. A quality inspection of defective 
welding and welding distortion was done for each PCTs 
after EB welding in JAERI by using radiography. The 
final heat treatment of PCTs was done at 1000°C for 2 hrs 
in vacuum of <1x10-4 Pa. A helium gas sealing was done 
in a helium gas enclosure at the Oarai branch of Japan 
Nuclear Cycle Development Institute (JNC), Oarai, Japan. 
In this helium gas enclosure case, a plug pin was not used 
for enclosing. A top part of end plug was melted at a laser 
shot and solidified around 0.6mm-hole-diam in the top 
end plug. The gas enclosure was done by the 
solidification of molten pool around an upper hole in the 
end plug. According to the request from gas enclosure 
system, the diameter of hole must be limited below 
0.6mm for upper part and below 0.3mm for bottom part 
in the top end plug. In order to confirm that the laser weld 
does not make any pores or defects in the top end plug of 
NIFS-Heat2 alloy, several designs of top end plugs have 
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been used for demonstration tests. Finally, we determined 
the design of top end plug as shown in Fig.2. The final 
closure welding of the 0.25-mm-diam holes were made 
with a laser of 50J power (420V) through the quartz 
window at RT. The degree of vacuum was <1Pa after 3 
times of helium gas exchanges. The high purity helium 
gas (6N grade, <1wppm moisture and <1wppm oxygen) 
was used. A maximum limit of inner pressure for inert gas 
enclosure is 29MPa in this device. As a result, a helium 
gas enclosure with 12MPa at RT was sufficiently 
achieved with the PCTs of NIFS-Heat alloy. For an 
example, a helium gas pressure of 11.2MPa at RT is 
required in a helium gas enclosure in order to obtain an 
effective applied stress of 200MPa in a PCT at 450°C. 
Following a leak check, the dimensions of the assembled 
creep specimens were measured with a precision laser 
profilometer at five axial and 18 azimuthal locations to an 
accuracy of 1μm. The details of creep strain measurement 
were referred to the previous works [1,2,9] 
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Fig. 1: Manufacturing process of a pressurized creep tube 
for NIFS-Heat2 alloy. 
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Fig. 2 : A blue print of a pressurized creep tube for 
NIFS-Heat2 alloy.  
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Fig. 3 : An optical micrograph and a hardness contour 
map of the cross section of plug-to-tube weld.  
 
3. Quality inspection of fabrication process for PCT 
specimens 
Total numbers of finished creep tube specimens prepared 
for experiments were 52 so far. Eleven creep tube 
specimens were for thermal creep tests in liquid lithium 
environment, fourteen specimens for thermal creep tests 
in vacuum, six specimens for thermal creep in liquid 
sodium environment, and twenty-one specimens for 
irradiation creep tests in the experimental fast reactor, 
JOYO. The final yield rate of successful creep tube 
fabrication, as defined by the ratio of the number of 
finished creep tubes to the total numbers of creep tubes, 
was about 80%, 52 successful cases out of 65 trials. 
However, most of failures were detected at the process of 
EB welding in early days. It is anticipated that the yield 
rate will be improved with experiencing manufacturing 
many times. 
A macroscopic examination of the welds indicated 
relatively smooth weld zones without any cracks, porosity, 
or other significant weld flaws. Weld cross-sections of the 
specimens with inner charged pressure of 12MPa at room 
temperature were examined by confocal laser microscope. 
In addition, Vickers microhardness measurements with 
loads of 25g and 200g were made at the weld zone in the 
plug-to-tube welds and the helium-gas closure welds of 
top-end plug. The load of 25g in Vickers microhardness 
was employed in order to investigate a hardness profile in 
a selected area and the load of 200g was employed in 
order to measure the accurate hardness value. Fig. 3(a) 
shows an optical photomicrograph of the cross section of 
plug-to-tube weld made by the EB welder. Specimens 
were chemically etched in a solution of 
10%HF-40%HNO3-50%water for metallographic 
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examination. The grains in the weld zone were of the 
order of 3 ~ 8 times larger than those of the base metal 
away from the weld. The center of weld zones did not 
contain any fine structures of precipitates in a grain, but 
the weld cross section shows the definite contours around 
the root region of welded zone, along which preferential 
segregation of impurities can occur. Fig. 3(b) shows a 
Vickers microhardness distribution of weld zones made 
with EB welder. The mean hardness of tube and plug 

were 160±2 and 160±3, respectively. The hardness 
profiles indicated a small drop in the weld centerline 
region from 160 to 150. The significant increase of 
hardness due to the preferential segregation of impurities 
could not be seen in the root of weld zone. From these 
results, it is deduced that the contamination by interstitial 
impurities during the EB weld did not occur in the 
circumferential plug-to-tube welds.  

 

Fig. 4 : An optical micrograph and a hardness contour map of the cross section of helium-gas closure weld. 
 
Fig. 4(a) shows an optical photomicrograph of the cross 
section of helium-gas closure weld made with the laser 
welder. The grains near the top of the weld zone in the 
end plug were columnar, which is dictated by heat flow 
and solidification. Even in the root of the weld, the grains 
were of the order of two to eight times larger than those 
of the base metal. In addition, the fine structures in the 
grain indicating the precipitates were observed in the 
fusion zone. Fig. 4(b) shows a hardness distribution of 
weld zones made with gas enclosure welder on the top 
end plug. The hardness on heat-affected zone near outside 
surface did not change significantly from the base metal. 
In Fig. 4(b), gray zones indicate the areas where fine 
structures in the welded zone and precipitate bands in the 
tube part can be seen. There were no fine structures in 
grains of heat-affected zone near the outside free surface. 
Around the center of welded zone near the top surface, 
the hardness increased up to 180 and fine structures in 
columnar grains were observed. The hardness increased 
along the line from the top surface to the root of welded 
zones in the end plug. Though not shown in Fig. 4(b), the 

hardness profile shows a peak value of 410 at the bottom 
of weld zone in the end plug. Nagasaka has reported that 
the change in the hardness due to gas tungsten arc (GTA) 
welds depended on the oxygen level of the base metals, 
and the precipitation hardening due to post weld heat 
treatment increased with increasing the oxygen level [10]. 
The fine structures in grains in the welded zones in this 
study appear to be Ti(O,N,C) precipitates, though the 
microstructural analysis of them has not been done. It is 
considered that increases of the densities of precipitates 
cause the significant increases of hardness in the welded 
zones. Especially, it is considered that contaminant 
oxygen and other interstitial impurities entered into 
welded pool at the root of the top end plug from helium 
gas during the gas enclosure welds, since the significant 
changes of hardness up to 400 were observed. However, 
the hardening is not expected to have deleterious effect on 
the performance on creep tests, because the solid solute 
hardening due to interstitial impurities will increase the 
creep strength.   
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4. Preliminary creep examinations 
Preliminary creep tests for checking the deformation 
behavior of PCTs were done. Fig. 5 shows examples of 
PCTs after creep test at 850°C and a sample with 4.57mm 
� of outer diameter for comparison. The specimens 
showed the uniform dilatation at the tube part and values 
of effective creep strain of specimens were estimated to 
be 20% for the specimens. It is suggested that there is no 
fabrication defect in the tube leading to unexpected 
rupture during the creep test, and it is possible to measure 
the effective creep strain up to 20%. Further thermal 
creep tests for NIFS-Heat2 from 600 to 800°C by using 
these PCTs are in progress. Consequently, the procedure 
for the PCT fabrication of highly purified V-4Cr-4Ti 
alloys has been established.  

Fig. 5 :  Examples of PCTs after creep test. A standard 
rod of 4.57mm in diameter was shown as well as creep 
samples. 
 
 
5. Conclusion 
Thin-wall tubing was produced from the NIFS-Heats of 
highly purified V-4Cr-4Ti to study the thermal and 
irradiation creep behavior. In order to fabricate PCTs for 
NIFS-Heat alloys, a fabrication process for PCTs was 
established with taking care of avoiding contamination of 
interstitial impurities during fabrication process. In the 
EB weld, there was no defective weld and significant 
hardening in the welded zone. In the helium gas enclosure, 

no defective weld like pore could be seen. No increase in 
impurity contents in PCTs was detected during the tube 
manufacturing process. In a preliminary thermal creep 
test at 850°C, homogeneous deformation was observed 
over entire tube length up to 20% of effective creep strain 
after creep test. It is suggested that there is no fabrication 
defect in the tube part to make unexpected rupture during 
the creep test and the procedure for the PCT fabrication 
of highly purified V-4Cr-4Ti alloys has been established 
here. 
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Abstract 

Pressurized thermal creep tubes of highly purified V-4Cr-4Ti, the NIFS-Heat2 alloy have been examined following 
testing in the range 700 to 850°C. It was found that the creep stress exponent of the NIFS-Heat2 alloy is about 5 and that 
the characteristic creep mechanism was the dislocation creep usually observed in pure metals. The apparent activation 
energy of creep deformation is about 210kJ/mol in the temperature range 700 to 850°C. Creep deformation was 
considered to be controlled by climb-controlled dislocation glide at 850°C, where sub-grain boundary structure 
predominates and consists of dislocation dipole structures and pile-ups of dislocations.  

 
Introduction 

Vanadium alloys are candidate materials for fusion 
reactor blanket structural applications because of their 
potentially high operation temperatures. However the 
knowledge about the creep properties of vanadium alloys 
at fusion-relevant temperatures is limited and there are 
uncertainties that may have influenced the results such as 
the interstitial impurity content of specimens. In order to 
measure irradiation creep, several tests have been done 
using pressurized creep tubes (PCTs) [1-3]. Recently, 
high-purity V-4Cr-4Ti ingots (NIFS-HEAT-1 and 2) were 
provided by the National Institute for Fusion Science 
(NIFS), Japan [4-6]. In order to perform creep tests on 
highly purified V-4Cr-4Ti alloys, a manufacturing 
process for pressurized creep tubes has been established 
with the aim of avoiding contamination by interstitial 
impurities during the process [6,7].  
The objective of this study is to investigate the thermal 
creep properties and microstructural changes of a highly 
purified V-4Cr-4Ti alloy, the NIFS-HEAT2, by using 
PCTs, as a preliminary study to enable future in-pile 
creep tests.  

 
Experimental Procedures 

The V-4Cr-4Ti alloy used in this study was produced 
by NIFS and Taiyo Koko Co. and is designated 
NIFS-HEAT2 [5]. The detailed fabrication processes for 
tubing and for PCTs have been reported [6,7]. Table 1 
shows the creep test conditions for PCTs. The PCTs 
wrapped with Ta and Zr foils were encapsulated in a 
quartz tube in a vacuum of <~5x10-3Pa. In order to 
remove gas impurities from the quartz tube, about 100cm2 
of Zr foil were included as a getter. Thermal creep tests 
were performed by placing the sealed quartz tubes in a 
muffle furnace. Dimensional changes of PCTs were 
measured with a precision laser profilometer 
manufactured by KEYENCE, LM-7030MT. Diameters 
were determined to an accuracy of ±1μm. When the creep 
strain exceeded 20%, the creep test was terminated. 
Transmission electron microscopy (TEM) observations 
were performed on pieces cut from selected PCTs. The 

detailed fabrication procedure for TEM specimens from 
PCTs has been reported [2]. TEM observations were 
performed using a JEOL-2000FX at the Univ. of Fukui. 
Chemical analyses for oxygen and nitrogen were 
performed on two of the 850°C PCT specimens using the 
rest of the specimens. 

 
Table 1. : Creep test conditions for NIFS-Heat2 PCTs. 
The label (*) indicates that TEM observations have been 
performed on that specimen. 

 

 
Fig.1. : Time dependence of the effective mid-wall creep 
strain of a highly purified V-4Cr-4Ti, the NIFS-Heat2 
alloy for the 700, 750, 800 and 850°C test temperatures. 
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Results 
Creep strain measurement 

Fig. 1 shows the time dependence of the effective 
mid-wall creep strain for 700°C, 750°C, 800°C and 
850°C test temperatures. In fig.1, primary creep can not 
be observed as the duration of primary creep is expected 
to be short [8, 9].  
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Fig.2. : Arrhenius plot of creep strain rate of a highly 
purified V-4Cr-4Ti, the NIFS-Heat2 alloy. Stress levels 
are 200, 150 and 90-110MPa. 
 

Fig.2 shows an Arrhenius plot of creep strain rate 
obtained from data in Fig.1. Creep strain rates were 
determined by using data for effective strains less than 
about 1% to exclude any ternary creep data, even though 
the remaining number of data are few. From Fig.2, the 
activation energy for creep of V-4Cr-4Ti was estimated 
for effective stress levels of approximately 100 and 
150MPa. Activation energies ranging from 197 to 
227kJ/mol were obtained, with an average value of 
210kJ/mol. The activation energies do not vary inversely 
with stress as has been observed for pure vanadium [8, 
10]. These values are similar to those obtained for the 
NIFS-Heat in uniaxial creep tests about 180 to 210kJ/mol 
in the 750 - 800°C temperature range [9]. However, these 
values are somewhat smaller than the activation energy 
for self diffusion in pure vanadium, which is about 
270kJ/mol in the 700-800°C temperature range [8, 11].  

The stress dependence of creep strain rate was also 
deduced from Fig.1. The data in Fig.1 were fitted with the 
equation dε/dt=Aσn, where A is a constant, n the creep 
stress exponent, ε the effective creep strain rate and σ is 
the effective stress. The stress exponent was found to be 
4.9 for 800°C creep data. It has been reported that the 
strain exponents, n, for pure V and V-Ti alloys [10,12,13] 
are greater than 5 for creep test conditions similar to those 
used in this work, indicating that the creep mechanism is 
climb-assisted glide of dislocations.  

 
Fig.3. : Examples of TEM images of a highly purified V-4Cr-4Ti, the NIFS-Heat2 alloy, tested at 850°C under creep 

stresses of 100MPa and 150MPa. Arrows indicate the directions related to the pressurized creep tube geometry; [L] 
indicates a longitudinal direction along the tube and [H] a hoop direction. 

 
The average oxygen and nitrogen levels have been 

measured to be 330 and 110wppm after 51h, and 520 and 
140wppm after 118h for the 850°C PCT specimens. On 
the other hand, the oxygen content and the nitrogen 
content were 270wppm and 110wppm after 660h for the 
750°C PCT specimens, respectively. These levels may be 
compared to the as-received values of 370wppmO and 
100wppmN. It is indicated that impurity pick up does not 

occur in creep tests with a quartz tube due to careful 
sealing treatment. However, there is a possibility that 
residual gas impurity unexpectedly remained in the quartz 
tube and was absorbed by some specimens during 
vacuum encapsulation  

 
Microstructural analysis 
The two specimens tested at 850°C were selected for 
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TEM observation and for chemical analyses in order to 
identify the operating creep mechanism. TEM 
micrographs of the NIFS-Heat2 alloy tested at 850°C are 
presented in Fig. 3. Moderately high dislocation densities 
can be seen in the 100MPa specimen, where the 
dislocations tend to be confined to sub-grain boundaries 
like cell structures and to lie in randomly arrays inside the 
sub-grains. On the other hand, dislocation cell structures 
are fully developed in a uniform array at regular intervals 
of about 0.8�m in the 150MPa specimen. Precipitates of 
Ti(OCN) are located in non-uniform distributions in 
grains and/or at grain boundaries. The precipitate 
particles were present prior to testing and did not change 
significantly as a result of creep testing; they are similar 
in size to those reported by Heo [14].   

In order to identify the dislocation Burgers vectors, the 
g·b=0 technique was applied. Such an analysis revealed 
that most of the free dislocations not associated with 
sub-grain boundaries in the 100MPa specimen are of the 
a/2<111> type. Fig.4 shows TEM images of a dislocation 
array in the specimen tested at 850°C at a stress of 
150MPa. The straight dislocations running from upper 
left to lower right consist of dislocations with two types 
of Burgers vector, [111] and [-111]. Orientation trace 
analysis show they are edge dislocations. Therefore, this 
dislocation array consists of edge dipoles made of 
different types of dislocations. Other examples were 
found showing that the sub-grain boundaries were 
comprised mainly of edge dislocations 

 
 

Fig.4. : Examples of TEM images of dislocation structures in the V-4Cr-4Ti alloy tested at 850°C with a stress of 
150MPa. (A) (1 1 0) diffraction vector, (B) ( 1 21) diffraction vector, (C) (121) diffraction vector, and (D) a 
characterization map for Burgers vector of dislocations. The arrow inserted in each photo shows the direction of the 
g-reflection. 
 
Discussion 

Both uniaxial [9, 15] and biaxial [8, 16] creep tests 
were performed in vacuum with different starting 
concentrations of interstitial O in recent studies. A review 
of thermal creep of V-Cr-Ti alloys by Kurtz [16], found 
the activation energy for creep between 700 and 800°C to 
be about 300kJ/mol, which is similar to the activation 
energy for self-diffusion in pure V. This suggests that in 
this regime of temperature and stress the predominant 
creep mechanism is climb-assisted dislocation motion. 

The apparent activation energy in the present study is 
210kJ/mol for stresses between 100 and 150MPa. These 
values are lower than the activation energy found for the 
US-Heat #832665 of V-4Cr-4Ti, 299kJ/mol [8], and 
higher than the values found for V-2.8Ti, 125kJ/mol 
[12,17]. It has been reported that the strong scavenging 
effect of titanium and low oxygen solubility in V-3Ti 
correspond to the lowest activation energy for creep in 
V-Ti alloys [11]. This result indicated that the oxygen 
content may be significantly lower in V-3Ti than in any 
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other V-Ti alloy and that the reduction of matrix impurity 
contents may lead to a lower amount of activation energy. 
The reduction in oxygen and interstitial impurity content, 
may explain why the activation energies for NIFS-Heat 
alloys are lower than the energy for other V-4Cr-4Ti 
alloys containing above 1000wppm of O, C, N. It 
suggests that the reduction of impurity content lowers the 
potential barrier for vacancy diffusion and impurities in 
V-Cr-Ti alloys act as trapping site for vacancies, leading 
to the formation of Ti solute – impurity – vacancy 
complexes. It is also possible these complexes are 
obstacles to climb-assisted vacancy diffusion to 
dislocation cores in these creep conditions.  

The power law dependence of the secondary creep 
rate on stress with n=4.9, in this study is in good 
agreement with the value of stress exponent of n=~4 
reported in a review of thermal creep for V-4Cr-4Ti by 
Kurtz [16]. This result also suggests that the operating 
creep mechanism is climb-assisted dislocation motion and 
this idea is supported by the microstructural analysis. The 
cell structure formation occurring during thermal creep 
also indicates that the creep mechanism is of pure metal 
type and that dislocation core diffusion plays an 
important role as the rate controlling process for creep 
deformation. The cell structure is made of arrays of edge 
dislocation dipoles formed during thermal creep and did 
not result from post-creep deformation. The other 
dislocation arrays made of dislocations with one type of 
Burgers vector also appears to be formed during thermal 
creep. Both types of dislocation arrays formed in the 
same grain without free dislocations between cell walls 
indicating no post-creep deformation. The dependence of 
the microstructure on stress also suggests that at high 
stresses glide-controlled creep behavior predominates 
over the climb-controlled creep such that free dislocations 
in a sub-grain are absorbed in the sub-grain walls. The 
increase in density of free dislocations between sub-grain 
boundaries at lower stress levels indicates that climb 
controlled creep dominates and dislocations then 
distribute randomly. With increasing density of free 
dislocations, the creep stress exponent gradually 
decreases to a value of about 3, indicating a solid-solute 
creep behavior [18]. Since the target of this study was to 
explore creep deformation under moderately high stress 
level, the data are not sufficient to establish the creep 
mechanism diagram for V-4Cr-4Ti. Further work at lower 
stresses and elevated temperatures are needed to 
determine the thermal creep mechanisms as a baseline for 
future irradiation creep measurements.   
 
Summary 

In order to investigate the thermal creep properties 
and microstructural changes of the highly purified 
NIFS-HEAT2 V-4Cr-4Ti, thermal creep tests were 
performed in the range 700 to 850°C using PCTs. The 
creep stress exponent for the NIFS-Heat2 alloy was about 
5 which is characteristic of dislocation-glide creep 
observed in pure metals. The apparent creep activation 
energy of creep deformation was about 210kJ/mol in the 
temperature range 750 to 800°C. Microstructural analysis 

showed dislocation cell structures developed at 850°C 
under with the highest applied stress. This also suggests 
that climb-assisted glide of dislocations is the 
rate-limiting creep process at 850°C.  
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Tungsten (W) coating on fusion candidate V-4Cr-4Ti 
(NIFS-HEAT-2) substrate was demonstrated with plasma 
spray process for the purpose of applying to protection of 
the plasma facing surface of a fusion blanket. Increase in 
plasma input power and temperature of the substrate was 
effective to reduce porosity of the coating, but resulted in 
hardening of the substrate and degradation of impact prop-
erty at 77 K. The hardening seemed to be due to contamina-

tion with gaseous impurities and deformation by thermal 
stress during the coating process. Since all the samples 
showed good ductility at room temperature, further heating 
seems to be acceptable for the vanadium substrate. The 
fracture stress of the W coating was estimated from bending 
tests as at least 313 MPa, which well exceeds the design 
stress for the vanadium structure in fusion blanket.

 
 

I. INTRODUCTION 
Tungsten (W) is the promising candidate for the plasma 

facing material of fusion reactors, because of the high melt-
ing point (3683 K)[1], and low sputtering rate in fusion 
plasma environment[2]. Low activation and low impurity 
vanadium alloys have been recognized as attractive candi-
date structural materials in fusion blanket system operated 
at 720-1000 K, and they have demonstrated high mechani-
cal performance and manufacturing feasibility[3, 4]. In the 
present study, W coatings on the low activation vanadium 
alloy were fabricated by plasma spray process, which is 
practical for large area coating because of its high coating 
rate. In the process, heating of the substrate is requisite for 
sound coating by keeping liquidity and flow of the melted 
metal particles on the surface. In the case of vanadium al-
loys, the heating can cause contamination with impurities, 
such as C, N and O, which are known to induce large hard-
ening and degradation of mechanical properties of the vana-
dium alloys. The coating layer, the interface and the vana-
dium alloy substrate after coating were characterized in this 
study for the W-coated vanadium alloys produced.  Engi-

neering issues, bonding property and behavior of the con-
stituent element of the coating and pick-up impurities were 
discussed. 
 
II. EXPERIMENTAL PROCEDURE 

The substrate used was a 1.9 mm-thick plate of 
NIFS-HEAT-2 (NH2), which is a reference high purity 
V-4Cr-4Ti alloy[5, 6]. The substrate of SUS 420J2 was also 
used for trial and comparison purposes. Tungsten powders 
of 99.9 % grade and in 325 mesh size were used as coating 
materials for plasma spray process. Before the spray, the 
substrate surface was blustered with alumina and cleaned by 
argon arc sputtering. The tungsten powders were carried by 
argon (>99.99 % grade) gas to the plasma jet of argon 
(>99.998 % grade) and hydrogen (99.9 % grade) mixture. 
The jet sprayed the substrate with the melted tungsten parti-
cles. Table 1 shows the process parameters examined in the 
plasma spray process. Underlines show the difference be-
tween W5 and W6, or W7. 

The coated samples were characterized by (1) micro-
structural observation with optical microscope (OM), elec-
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tron scanning microscope (SEM), electron probe X-ray mi-
cro analyzer (EPMA), (2) Vickers microhardness tests with 
the load of 500 g, (3) 3 point bending tests and (4) impact 
tests. The size of the specimen for the bending tests and 
impact tests was 2.4 mm in thickness including 1.9 mm of 
NH2 substrate and 0.5 mm of W coating, 3.3 mm in width 
and 25.4 mm in length. The loading point was on the sub-
strate surface, so that tension stress was loaded on the W 
coating. The span at the bending tests and the impact tests 
was 20.3 mm and 15 mm, respectively. The crosshead speed 
for the bending tests and the impact tests was 0.01 mm / s 
and 4.5 m / s, respectively. 

 
III. RESULTS 

Figure 1 (a)-(d) shows cross sections of the coated sam-
ples. Many pores were observed in the coating of W5-2 
(NH2 substrate + W coating) compared with W5-1 (SUS + 
W), W6 and W7. Fig. 2 shows the substrate temperature 
during the coating process. In W6, the temperature at the 
end of coating was 1080 K, which was above 100 K higher 
than that in W5 and W7. As shown in W6 and W7 in Table 
1, the number of re-sputtering was decreased to keep sub-
strate temperature high after heating during the cleaning 
process. In W6, pressure in the plasma chamber was de-
creased to keep substrate temperature by suppress of heat 
transfer to the atmosphere. In W7, plasma input power was 

increased to melt W particle further in the plasma jet. In W7, 
the distance between plasma gun and the substrate was, 
however, increased to avoid excess substrate heating. By 
these improvements, the melted W particles were consid-
ered to keep liquidity and flow on the surface. As a result, 
porosities in the W coating were much reduced in W6-4 
(NH2 + W) and W7-4 (NH2 + W). The thickness of the 
coating was proportional to the number of coatings. 8 pass 
coatings in W5 made about 0.4 mm in coating thickness, 
while 10 pass in W6 and W7 resulted in about 0.5 mm in 
thickness. On the other hand, in high magnification images 
after electropolishing, crack type defects were observed in 
the W coating at all the conditions as shown in Fig. 1 (e). 
The defects lay vertical to the plasma spray direction and 
parallel to the coating surface. The spacing between the 
defect lines was about 20 μm as indicated in the arrows. 

Figure 3 shows hardness distribution through the W 
coating and NH2 substrate. Hardness around the center of 
the substrate in W6-4 and W7-4 was 174 Hv and 157 Hv, 
respectively, which showed hardening compared with 139 
Hv before the coating. Further hardening was observed 
within 300 μm in W6-4 and 100 μm in W7-4 from the in-
terface between the W coating and the NH2 substrate.  
Maximum hardness in W6-4 and W7-4 was 216 Hv and 179 

Table 1 Process parameters examined in the plasma spray 
process. 

  W5 W6 W7
Number of sputtering 5 5 5 
Number of heating 2 2 2 Cleaning 
Number of re-sputtering 5 2 2 
Plasma input power, kW 45 45 46 
Plasma gun / substrate 
distance, mm 

200 200 240

Traveling speed, mm/sec 75 75 75 
Pressure in plasma cham-
ber, X 105 Pa 

0.12 0.095 0.12
Coating 

Number of coating layers 8 10 10 
 

Fig. 1 (a) – (d) Cross section of W coatings as mechanically ground. (e) Crack type defects parallel to the coating surface 
appeared after electropolishing in W7-4. 

Fig. 2 Temperature of NH2 substrate during the plasma 
spray process. 
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Hv, respectively. 
Figure 4 shows the distribution of the constituent ele-

ments, such as W, V, Cr and Ti, and impurities, such as Al 
and O, around the interface of W7-4. In the line analysis on 
both the W6-4 and W7-4, diffusion of W, V, Cr and Ti to 
each other was limited within 10 μm from the interface. 
From the mapping, images of Al and O overlapped and dis-
tributed in the NH2 substrate within 20 μm from the inter-
face. 

Load-deflection curves in bending tests at room tem-
perature (297 K) are shown in Fig. 5. In W6-4 and W7-4 
large load drop after elastic deformation was observed. W 
coating fracture observed after the bending test is shown in 
Fig. 6. The fracture mode of the W coating at the primary 

crack vertical to the W coating surface was intergranullar. 
The secondary crack parallel to the interface occurred in the 
W coating, and propagated along 50 μm from the interface. 
Some cracks propagated across the interface from the W 
coating into the NH2 substrate. After the fracture of the 
coating, the load in W6-4 and W7-4 in Fig. 5 was still 
higher than that in NH2 before coating. 

Figure 7 shows Load- deflection curves in impact tests 
at 77 K and room temperature (295 K). Load level was in-
creased in the same order as the bending test, such as NH2 
before coating, W7-4 to W6-4. In the impact tests, large 
load drop at the end of elastic deformation could not be 
recognized because of large noise in load signal. In W6-4 at 
77 K, rapid load decrease during plastic deformation was 
observed. Only in this case, the sample was fractured, and 
absorbed energy was much smaller than that of the other 
samples. Fig. 8 shows the fracture surface of W6-4. Ratio of 
the ductile fracture area with dimple pattern and the brittle 
area with river pattern was 23 % and 77 %, respectively. 
 
IV. DISCUSSION 

As shown in Fig. 1, direct deposition of W on vana-
dium alloy by plasma spray process was successfully dem-
onstrated. The more porosities in Fig. 1 (b) compared with 

Fig. 4 Distribution of (a) the constituents, W, V, Cr and Ti, 
and (b) (c) (d) impurities, Al and O, around the interface in 
W7-4. (a) shows intensity at line analysis. (c) and (d) are 
mapping images at the area indicated by (b). 

Fig. 3 Hardness distribution through W coating and NH2 
substrate. The dashed line indicates the hardness 
level before coating. 

Fig. 5 Load-deflection curve for the bending tests at room 
temperature (297 K). NH2 is the un-coated sub-
strate. 

Fig. 6 Fractured W coating of W7-4 after bending test. 
Stress during the test in the W coating was tension.
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Fig. 1 (a) indicate less liquidity and flow of W particles on 
the NH2 substrate by rapid cooling, which is consistent with 
higher thermal conductivity of NH2, such as 43 W / m K at 
1073 K, than that of SUS, typically 25 W / m K at 1073 K. 
In order to obtain less porosity coating, the change in 
plasma process parameter shown in Table 1 was effective. 
However increase in plasma chamber pressure and higher 
temperature of the NH2 substrate enhance contamination 
with gaseous impurities, such as C, N and O from CxHy, N2, 
O2 and H2O in the atmosphere. 

From Fig. 6, some cracks propagated across the inter-
face, and they are thought to induce brittle fracture shown in 
Fig. 8. The NH2 substrate in W6-4 was significantly hard-
ened at 77 K as Fig. 7, where deformation stress was con-
sidered higher than cleavage fracture stress. As shown in 
Fig. 3, hardening was observed through the NH2 substrate, 
and was significant within 100-300 μm from the interface. 
Fig. 4 shows diffusion of W and segregation of Al and O 
in the NH2 substrate. The Al and O are thought as remain-
ing alumina particles used in blustering before coating. 
However, the diffusion and segregation was limited within 
10-20 μm from the interface, and cannot explain the farther 

hardening. Uz et al. has reported hardening by oxygen dif-
fusion in V-4Cr-4Ti alloy, and determined diffusion coeffi-
cient, D, and activation energy, Q, at 773 K, such as 4.0 X 
10-6 m2 s-1 and 130 kJ mol-1, respectively[7]. Extrapolating 
them to higher temperature by followings, 

D = D0 exp (-
Q

R T )   (1) 

L = D t     (2) 
where D0: constant, R: gas constant = 8.3144 J mol-1 
K-1, T: temperature, L: diffusion range, t: diffusion time 

 
diffusion range can be estimated as 80 μm at 1073 K, 260 
μm at 1273 K and 600 μm at 1473 K for 3.6 ks. The ranges 
seem to be consistent with the extra-hardening area depth 
from the interface, 100-300 μm, assuming that the substrate 
surface was locally heated up to higher temperature, such as 
above 1273 K, than that measured in Fig. 2. On the other 
hand, hardening at the center of the NH2 substrate has not 
been understood yet. Possible hardening criteria are con-
tamination with hydrogen from the plasma jet, and defor-
mation hardening by thermal stress during the coating proc-
ess. Diffusion parameters for hydrogen have been reported 
as 3.5 X 10-8 m2 s-1 in D0 and 6.1 kJ mol-1 in Q[8], which are 
equivalent to 1000 μm in diffusion range even at 773 K for 
80 s. The thermal stress is due to the difference in thermal 
expansion coefficient between W; 4.6 X 10-6 K-1 (RT-773 
K), and NH2; 1.0 X 10-5 K-1 (RT-673 K). High temperature 
during coating for W-6-4 in Fig. 3 can be responsible for the 
heavier contamination with the gaseous impurities and lar-
ger deformation by thermal stress, resulting in larger hard-
ening than that of W7-4 observed in Fig. 3, and also in Fig. 
5 and Fig. 7. Degassing with hydrogen and reduction in 
hardness has been reported to be possible at 673 K[9]. It has 
been also reported that deformation hardening started to 
recover at 873 K[10]. From the above discussion, effective 
process management to avoid hardening of the NH2 sub-
strate is likely to be appropriate annealing after coating as 
well as temperature control suppressing diffusion of gaseous 
impurities. 

Bending strain, ε, and stress, σ, for homogeneous mate-
rials, such as NH2 before coating, are generally defined as 
the followings in elastic region[11], 

ε = 
6 T x

S2      (3) 

σ = 
3 P S
2 B T2     (4) 

where T: specimen thickness, x: deflection, S: span, P: 
load, B: specimen width. 

 
For the cladding materials, such as W6-4 and W7-4, Eq. (4) 
is not applicable, so that elastic modulus for W coating, EW, 
and bending stress for the W coating, σW, are estimated by 
the following equation[12]. 

Fig. 7 Load-deflection curve for the impact tests at 77 K 
and room temperature (295 K). Absorbed energy is 
also plotted. 

Fig. 8 Fracture surface of W6-4 after the impact test. High 
magnification images for ductile area and brittle 
area are also shown. 
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1
ENH2+W

  = 
αW
EW

 + 
αNH2
ENH2

    (5) 

σW = EW εW    (6) 
where ENH2+W: apparent elastic modulus for the clad-
ding materials, αW = 0.24, αNH2 = 0.76: volume ratio of 
each materials to the specimen volume, ENH2: Elastic 
modulus for the NH2 substrate, εW: bending strain for 
the W coating = ε from Eq. (4) with specimen thickness 
of the cladding materials. 

 
Propagation of the primary crack of the W coating was con-
sidered to induce the load drop in Fig. 5. From the load and 
the deflection data for the elastic limit at the load drop, elas-
tic modulus and fracture stress for the W coating were esti-
mated as shown in Table 2. Elastic modulus and fracture 
stress estimated in the present study, such as 469 MPa and 
313 MPa, are much smaller than 1000 MPa of the previous 
data for bulk W[1]. W coating itself is probably weaker than 
W bulk, because the coating contained many defects shown 
in Fig. 1 and indicated intergranullar fracture shown in Fig. 
6. For structural materials, design stress is defined typically 
as 1/3 level of the yield stress, such as 100 MPa for vana-
dium alloys. This stress produces 0.1 % of strain in NH2 
from Eq. (6) and the elastic modulus obtained in Table 2. 
From again Eq. (6), the 0.1 % strain induces stress of 129 
MPa and 77 MPa in W6-4 and W7-4, respectively. The 
fracture stress of 469 MPa and 313 MPa well exceeds the 
induced stress. This means that the W coating require no 
change in design stress. 

Figure 6 shows the secondary crack propagated along 
50 μm far from the interface, and this indicates that the in-
terface is stronger than W coating. The crack path is thought 
to be along the crack type defects shown in Fig. 1. The de-
fects seem to degrade heat transfer toward vertical direction 
to coating surface. The defects are considered to be the in-
terface between sprayed particles, because the defect spac-
ing, 20 μm, is comparable to the W particle size, several 10 
μm. From Fig. 7, W6-4 exhibited the comparable absorbed 
energy to NH2 before coating at room temperature, thus 

more extent of heat is acceptable for the NH2 substrate. 
Increasing in plasma input power and substrate temperature 
are expected to reduce the crack type defects and to improve 
thermal conductivity. 
 
V. CONCLUSION 

W coating on vanadium alloy by direct deposition with 
plasma spray process has been successfully demonstrated. It 
was suggested that the fracture stress of the W coating was 
at least 313 MPa, and that no change in design stress was 
required by the coating. The vanadium substrate was hard-
ened during the process seemingly by gaseous impurity 
contamination and by thermal stress deformation. Cracks 
initiated in the W coating could propagate across the inter-
face between the coating and the vanadium alloy substrate. 
They also could induce brittle fracture at 77 K, if the sub-
strate is significantly hardened. Since the hardest substrate 
still showed good ductility at room temperature, more heat 
is acceptable during the coating to obtain defect-less coating 
and good thermal conductivity. 
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Table 2 Mechanical property parameters estimated from 
the bending tests. 

 Present 
study 

Previous
data 

NH2 before coating  Ref. [13]
Elastic modulus, ENH2 / GPa 101 129 
0.2 % proof stress, σ0.2 % / MPa 469 318 

W coating W6-4 Ref. [1] 
Elastic modulus, EW / GPa 129 410 
Fracture strain, εf / % 0.36 < 0.4 
Fracture stress, σf / MPa 469 1000 

 W7-4  
Elastic modulus, EW / GPa 77.0  
Fracture strain, εf / % 0.41  
Fracture stress, σf / MPa 313  
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Effects of neutron irradiation on YAG laser welded 
V-4Cr-4Ti alloy were studied in JMTR (Japanese 
Materials Testing Reactor). The samples with and without 
post-weld heat treatment (PWHT) at 1073K were 
irradiated in the temperature range of 673 – 873K up to 
the dose of 0.45 dpa.  After the irradiation, the 
microstructure and Vickers hardness of the welded 
samples were compared of the base metal, which were 
simultaneously irradiated at the same irradiation cycle. 

 
 

I. INTRODUCTION 
 

It is recognized that welding procedure is one of the 
key technologies for use of V-4Cr-4Ti alloys in a large 
component [1]. However the susceptibility of these alloys 
to the embrittlement caused by interstitial impurities 
during welding is highly pronounced. To avoid the pick-
up of impurities (e.g. oxygen and nitrogen) from the 
welding environment, electron beam (EB) and gas 
tungsten arc (GTA) welding [2,3] were conducted using a 
vacuum chamber or a glove box. Recently, laser welding 
technology for the alloys was developed by NIFS 
(National Institute for Fusion Science) by controlling the 
flow rate of high purity argon gas [4]. Because of the 
flexible, in-field, automated and remote operation, and 
small weldment and heat affected zone (HAZ), laser 
welding is an attractive welding technology.  

Our recent ion irradiation on these materials [5] 
revealed that the defect cluster density (mainly interstitial 
type dislocation loops) of weld metal is almost 
comparable to that of base metal after ion irradiation at 
573K. On the other hand, after irradiation at 873K, fine 
titanium oxides with {100} habit planes were detected 
even at the dose of 0.75 dpa. This means that the behavior 
of oxygen atoms, which dissolve from the large 
precipitates during laser welding, strongly affects 
microstructural evolution of welded V-4Cr-4Ti alloys 
during irradiation at 873K. 

However, little is known regarding the effects of 
neutron irradiation on the weldment.  Nagasaka et al. [6] 
revealed that weld metal showed larger irradiation 
hardening than that of the base metal after neutron 
irradiation at 563K. The hardening of the weld metal was 

effectively reduced by post-weld heat treatments (PWHT) 
at 873K and 1223K. The irradiation hardening at 563K 
was mainly controlled by a very high density of 
dislocation loops, but higher in irradiation temperature 
regimes, formation of radiation-induced Ti(CON) 
precipitates becomes dominant. The present paper 
summarizes the recent progress on the microstructural 
evolution of laser welded V-4Cr-4Ti alloy during neutron 
irradiation at higher irradiation temperature regimes.  

 
II. EXPERMENTAL 
 

Welded joints used in this study were prepared from a 
high purity V-4Cr-4Ti alloy, which was designated as 
NIFS-HEAT-2 [1,7]. Before the YAG laser welding 
(bead-on-plate welding) in a high purity argon 
atmosphere, the samples were annealed in vacuum at 
1273K for 2hr. The detailed welding procedure was 
described elsewhere[3]. Oxygen concentrations of the 
sample before and after welding were 139 and 158 wt 
ppm, respectively. The PWHT was carried out in a 
vacuum of about 1 x 10 –5 Pa at 1023K for 1 or 100hr. 
Before the annealing, the samples were sandwiched 
between tantalum sheets and they were wrapped in 
zirconium foil. The samples were encapsulated in quartz 
glass to prevent the contamination of impurities. Fission 
neutron irradiation was carried out in JMTR under 
improved temperature control condition at 673, 723 and 
873K in the same irradiation cycle (namely, JMTR 03M-
69U). The total neutron dose of irradiation was 5.18 x 10 
24/m2 (>1.0 MeV), which corresponds to 0.45 dpa.  
 
III. RESULTS 
 
III.A. Temperature dependence of microstructure  
    
     The microstructure of laser welded NIFS-HEAT-2 was 
strongly dependent on irradiation temperature. The upper 
part of fig. 1 shows the TEM images of base metal (a), 
and weld metal (b), after irradiation at 673K.  The 
corresponding images of base metal and weld metal 
which were post-weld heat treated at 1073K for 100 hour 
are also shown. The figure shows the radiation enhanced 
formation of Ti(CON) precipitates with {100} habit 
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planes and dislocations. Ti(CON) precipitates were 
homogenously formed in the weld metal. The measured 
number density of precipitates in the base metal and weld 
metal were 1.4 x 1021 and 4.3 x 1021(m-3), respectively.  
The average precipitate size in the base metal and weld 
metal was 44 and 18 (nm), respectively. From our 
previous results [8], a highly segregated distribution of  
Ti(CON) precipitates were formed during the PWHT at 
1073K. Namely, after the annealing, the microstructure of 
the weld metal was divided into two regions, precipitate-
segregation (PS) and precipitate-free (PF) areas. As 
shown in fig.1 (d), after the irradiation at 673K, relatively 
larger Ti(CON) precipitates were observed in PS areas 
and small precipitates of about 40 (nm) (shown by arrows 
in the figure) were observed in PF areas of the weld metal.  
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 1  Microstructure of the samples irradiated at 673K. 
(a) base metal, (b) weld metal, (c) base metal with PWHT 
(1073K,100hr), (d) weld metal with PWHT 
(1073K,100hr) 
 

Fig. 2 shows the microstructure of weld metal 
irradiated at 873K. At this temperature, PS and PF areas 
were also observed in weld metal without the PWHT at 
1073K. Fig 3 shows the microstructure of base metal (a), 
weld metal (b); base metal and weld metal which were 
given the PWHT of 1073K(100hr) are shown in (c) and 
(d).  Relatively large Ti(CON) precipitates of about 200 
(nm) and tiny Ti(CON) precipitates of about 10 (nm) 
were observed together in all samples.  

 
 
 
 
 
 
 
 
 
 
 
 

Fig.2  Dark field images of weld metal irradiated at 873K. 
At this temperature, PS and PF areas were also observed 
in weld metal without the PWHT. 

Size distributions of precipitates for the sample of base 
metal and weld metal are shown in fig. 4 (a) and (b), 
respectively. In the figure, measured values of the 
samples irradiated at 673K are also shown.  

 
 
 
 
 
 
 
 
 
 
 
 

Fig.3  Microstructure of the samples irradiated at 873K. 
(a) base metal, (b) weld metal, (c) base metal with 
PWHT(1073K,100hr), (d) weld metal with 
PWHT(1073K,100hr) 

 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

Fig. 4  Measured precipitate size distributions of the 
samples irradiated at 673K and 873K. (a) base metal, (b) 
weld metal 

 
 
III.B. Hardness changes and microstructure after the 
irradiation at 723K 
 

Fig. 5 shows the microstructure after irradiation at 
723K. In the left corner of each photo, void contrast 
images (s >> 0) taken by higher magnification are inserted. 
After the irradiation at 723K, PS and PF areas were also 
formed in weld metal without PWHT. But higher 
magnification of void contrast images revealed that 
precipitates were also existed in PF area in weld metal 
with and without PWHT (shown by arrows in fig. 5(b) 
and (c)).  

Fig. 6 shows the hardness distribution around the bead 
centre before and after the irradiation at 723K. From the 
microstructural observations, the width of the weld metal 
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was 1mm as indicated in the figure. At 723K, Vickers 
hardness of base metal was almost comparable to that of 
weld metal. In the figure, hardness changes due to the 
irradiation at 563K, are also shown for comparison [8].  
At 563K, irradiation hardening of the weld metal was 
relatively larger than that of the base metal, but at high 
irradiation temperatures, irradiation hardening of the base 
metal became prominent. The PWHT at 1073K was very 
effective before and even after the irradiation at 563K [8]. 
These results mean that the PWHT improved the CVN 
properties for both the unirradiated material and for the 
materials irradiated at 563K. 

 
 
 
 
 
 
 
 
 
 
 

Fig.5  Dislocation contrast images of the samples 
irradiated at 723K. (a) base metal, (b) weld metal, (c) 
weld metal with PWHT(1073K,1hr).   

 
 
 
 
 
 
 
 
 
 
 
 
 

Fig.6  Hardness distribution around the bead. The vertical 
dashed lines indicate regions of weld metal (WM) , heat 
affected zone (HAS) and base metal (BM). 

 
 

IV. DISCUSSION 
 

In NIFS-HEAT-2, it is known that blocky (larger) Ti-
rich and small Ti-C-O precipitates existed in the base 
metal before laser welding. Theses precipitates were 
dissolved in the weld metal during the welding procedure, 
resulting in an increase in the concentration of interstitial 
impurity (mainly oxygen) and/or titanium. The increase in 
hardness in the as-welded condition could be explained by 
the interstitial impurity in solid solution in the matrix. The 
PWHT at 1073K results in an increase in the absorbed 
energy during impact testing of welded samples by 

forming PS and PF areas in the weld metal [8]. From our 
previous studies using the identical samples [5,6], at 
lower irradiation temperatures, radiation induced-
hardening of welded samples can be quantitatively 
explained by the number density and size of radiation 
induced defects (dislocation loops and/or precipitate) 
using Orowan’s equations. For the case of ion irradiation 
at 573K, for example, the number density of defects in 
weld metal and base metal were almost the same from 
0.75 to 7.5 dpa, but the measured hardness in the weld 
metal was about 10% higher than that of base metal. 
Besides dislocation loops, very small Ti(CON) 
precipitates of about 1-2 nm were detected in the weld 
metal by high resolution electron microscopy (HRTEM) 
[5].  This suggests that the additional radiation hardening 
in the weld metal is presumably due to the enhanced 
formation of small Ti(CON) precipitates.  

With increasing irradiation temperature, growth of 
Ti(CON) precipitates became prominent and the 
precipitate was easily identified by their habit planes. As 
shown in fig.1, for the 673K irradiation, Ti(CON) 
precipitates were homogenously formed in the weld metal 
and the number density of Ti(CON) precipitates was 
about three times higher than that of the base metal. At 
temperature above 723K, Ti(CON) precipitates were not 
formed uniformly. Namely, precipitate – segregation (PS) 
and precipitate-free (PF) areas, which were commonly 
observed after the PWHT at 1073K, also appeared in the 
weld metal. At 873K, large Ti(CON) precipitates were 
commonly observed in the PF areas in the weld metal. It 
is important to note that the absorbed energy of the 
welded sample increases significantly, when the 
microstructure is divided into PS and PF areas. But once 
the the plate-like precipitates with typical {100} 
orientation are formed, the absorbed energy of welded 
sample drops drastically. Therefore, the effects of PHWT 
on weld metal, which are useful for unirradiated and 
lower temperature irradiations, are not effective or very 
limited at higher irradiation temperatures where plate like 
Ti(CON) precipitates are formed.  

 
V．CONCLUSIONS 
 
     The microstructral developments and changes in 
Vickers hardness due to the neutron irradiation at 673-
873K were investigated with and without a PHWT at 
1073K. The main results are summarized as follows.  
(1) At 673K, tiny Ti(CON) precipitates were 

homogeously formed in the weld metal and the 
formation was prominent in comparison with base 
metal. Above 723K, the microstructure of the weld 
metal was divided into two regions precipitate – 
segregation (PS) and precipitate-free (PF) area.  

(2)  After the irradiation at 723K, in the base metal, 
radiation hardening due to the formation of 
dislocations and Ti(CON) precipitates became 
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prominent.  The hardness of the base metal was 
almost the same level as the weld metal.  

(3)  The effects of PHWT on weld metal, effectively 
improve the CVN impact properties for unirradiated 
material and for material irradiated at lower 
temperatures are not effective or have a very 
limited effect at higher irradiation 
temperatures where plate like Ti(CON) 
precipitates were formed.  
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Abstract 
Multiscale processes control the true [σ(ε)] and engineering [s(e)] stress-strain behavior of alloys. Strain 
hardening in unirradiated bcc alloys is modeled as a competition between production and annihilation of 
stored dislocations.  Large increases in yield stress, σy following irradiation are accompanied by loss of 
uniform engineering strain (eu).  All major features of the tensile test, including the effect of irradiation, 
can be modeled using finite element (FE) methods and a self-consistent σ(ε) that differs markedly from s(e) 
at higher strains.  The irradiated σ(ε) reflect large increases in σy and reductions in strain hardening.  The 
very low tensile eu following irradiation is due to enhanced continuum necking instabilities as a 
consequence of the intrinsic property changes.  However, large elevations of σ(ε) persist up to very high 
strains. Homogeneous deformation constitutive and plasticity theory can be used in continuum FE 
modeling of irradiated alloys. On a mesoscopic scale, FE simulations indicate that the irradiated σ(ε) may 
be linked to an array of severely strain softening shear bands embedded in an irradiation and strain 
hardening matrix.  
 
I. Introduction 
 

The ultimate objective of this work is to 
develop unified, physically-based models of 
deformation of bcc alloys for use in fusion 
reactor first wall and blanket structures. We 
focus here on the true stress-strain σ(ε) 
constitutive behavior, typically characterized in 
tensile tests, outside both the creep and dynamic 
strain aging regimes. First we apply a simple 
phenomenological model of strain hardening in 
unirradiated alloys based on dislocation theory 
concepts. The mechanism based form proposed 
for the σ(ε) law facilitates modeling its relation 
to the underlying material microstructure, as well 
as its use in finite element (FE) studies. 
Modeling the effects of irradiation initially 
focuses on the relation of the σ(ε) to the 
engineering stress-strain s(e) curve obtained 
from tensile tests.  In particular, we seek to 
develop a framework for developing a multi-
scale understanding of post-yield strain 
hardening and the associated measures of tensile 
ductility.  To this end, we also carry out FE 
simulations heterogeneous deformation in 
materials with locally strain softening shear band 
regions embedded in a strain-hardening matrix.  

 
The phenomenological true stress-true strain 

model for unirradiated bcc alloys extends 
previous work on the strain rate (ε’) and 
temperature (T) dependence of the yield stress, 
σy(ε, ε’, T) and more empirical descriptions of 
the substantial post-yield strain hardening in both 

ferritic-martensitic steels and vanadium alloys. 
Details of the work are summarized elsewhere 
and only the most salient results are summarized 
below [1-3]. 

 
Intermediate temperature irradiation to a 

few dpa results in significant radiation hardening 
and severe loss of uniform engineering strain (eu) 
capacity [e.g., see references 5-7]. Note, we use 
eu to emphasize that it is a measure specific to 
the tensile test; however, eu can be readily related 
to the true uniform stain through the standard 
relation, εu = ln(1+ eu).  As discussed in Section 
III, beyond the point of necking, the relationship 
between ε and e is much more complex. Figure 1 
shows a typical set of s(e) curves in the 
unirradiated condition and following irradiation 
for the program heat of the V-4Cr-4Ti alloy 
irradiated to ≈ 0.4 dpa over a range of 
temperature [5]. The unirradiated s(e) curve 
shows a typical Luder’s-type behavior followed 
by significant strain hardening.  The irradiated 
curves at 420 and 325 C show the progressive 
effects increasing in σy and decreasing eu which 
approaches 1% or less as temperature diminishes 
and is negligible at 270 and 110 C.  At low 
irradiation temperatures the s(e) curves also 
show an apparent yield drop, followed by a more 
gradual decrease in load.  Note these apparent 
yield drops are neither sudden nor followed by a 
lower yield stress plateau as is observed typically 
in alloys with so-called source hardening by 
dislocation atmospheres of interstitial solutes.  
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Figure 1. Experimental load-displacement 
engineering stress-strain curves for a V-4Cr-4Ti 
alloy in the unirradiated and irradiated conditions 
(the curves are off-set for clarity and include the 
effects of load train compliance). 

 
Ductility loss is accompanied by 

increasingly heterogeneous internal deformation 
patterns ranging from some coarsening of slip to 
formation of very localized and highly strained 
flow channels which have been predominantly 
studied in fcc metals and alloys [6-8].  It is 
assumed that these phenomena are due to one or 
more of the following processes: a) source 
hardening and unlocking of dislocations from 
atmospheres of cluster defects [6,7]; b) 
destruction of pinning defects in strain softening 
in flow channels [7-11]; twinning [12]; and 
retardation of cross slip [13]. 

 
However, the role of flow localization in 

macroscopic ductility loss has not been 
established.  Indeed, some degree of 
heterogeneous deformation is common even in 
materials with substantial eu; and even the 
occurrence of channeling does not always result 
in low uniform strains. Indeed, we recently 
showed that the loss of uniform strain in a tensile 
test is dominated by the macroscopic onset of 
necking and can be rationalized without recourse 
to the occurrence of heterogeneous flow [14].  
Thus to understand low eu, it is necessary to 
make a clear and quantitative distinction between 
engineering s(e) curves and the underlying 
effective true stress (σ)-effective plastic strain (ε) 
constitutive law, σ(ε). In a tensile test, the 
relation between s(e) and σ(ε) can be established 
simply only up to the point of necking. Since the 
corresponding strain range is small to negligible 
in the irradiated materials of interest, great 
caution must be used in interpreting the 

macroscopic observables from a tensile test in 
terms of the basic microscopic material behavior.   

 
We have previously derived a simple 

analytical model demonstrating that eu is 
controlled by both the yield stress (σy) and strain 
hardening, using a power law model as σ(ε) = σy 
+ κsh(ε/εy)n [14].  The model shows that large 
increases in σy, coupled with reduced, but finite, 
κsh(ε/εy)n result in very low εu and eu. Further, we 
have shown that all the key features of s(e) 
curves, including the high ε region in the neck, 
can be reproduced by FE simulations of the 
tensile test based on standard continuum, 
homogeneous plasticity models. As summarized 
below, even in the most severe cases with eu ≈ 0 
and an apparent yield drop, the engineering s(e) 
are consistent with a σ(ε) constitutive law 
characterized by a region of modest softening 
over a increment of a few percent of ε,  followed 
by a strain hardening regime up to high ε. 
Notably, a large fraction of the of irradiation 
hardening at yield (Δσy) also persists in the 
irradiated σ(ε) up to high strains.   

 
The key physical link between the macro 

and micro phenomena is the compatibility and 
equilibrium requirements of the laws of solid 
mechanics. Specifically, redistribution of stress 
and stress-state occur in any heterogeneously 
deforming material.  These re-distributions are 
also influenced by the overall deformation 
pattern. For example, in a very thin specimen or 
single crystal test, particularly when 
displacements normal to the tensile axis are 
relatively unconstrained, deformation may occur 
in only a single, or a few, dominant shear bands.  
In contrast, deformation in the interior grains of 
a polycrystalline alloy in a specimen with axial 
displacement constraint, requires multiple slip 
orientations. In this case, the compatibility 
requirement tends to homogenize deformation 
even in constitutively heterogeneous materials. 
Specifically, the effective deviatoric stresses in 
soft regions are reduced by local redistribution of 
loads to the adjoining harder regions as well as 
increases of the multi-axial mean stress. We 
address this issue in Section IV using a 
composite cell model composed of strain 
softening shear bands embedded in a strain 
hardening matrix.  

 
A key practical question is as follows: can 

continuum level descriptions of the macroscopic 
behavior that are relatively independent of the 
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microscopic detail adequately describe 
macroscopic stress-strain (load-displacement) 
behavior in test specimens and structures (and if 
so when)? From a more fundamental perspective, 
deformation is an inherently multiscale 
phenomena. Thus proper modeling the effects of 
the meso-scale and macro-scale processes is 
necessary for achieving real understanding of 
both the causes and consequences of the 
microscale phenomena, such as localization and 
channeling.  
 
 
II. A Dislocation  Theory Based Unified 
Constitutive Model for BCC Alloys 
 

We begin with some background by 
describing the constitutive law as:  
 

σ(ε, ε’, T) = σyt(ε’,T) + σya + σsh(ε, T) (1) 
 
Here, the thermally activated component of the 
yield stress, σyt(ε’,T), depends on both 
temperature and strain rate. This term is 
primarily controlled by the lattice Peierls stress 
and, to a lesser extent, by other processes such as 
short-ranged dislocation pinning sites including 
interstitial carbon and nitrogen. The second σya 
term represents the athermal component of the 
yield stress that depends weakly on temperature, 
scaling with the elastic modulus. Dispersed 
obstacles to dislocation slip, as well as the grain 
and dislocation network-cell substructures 
control the magnitude of this term.  Interstitial 
solute and possibly irradiation defect 
atmospheres segregated to the dislocation strain 
fields may also add to σya. Both the σyt(ε’,T) and 
σya terms where characterized in previous studies 
of both unirradiated martensitic steels and V-
4Cr-4Ti alloys [1-3] and are more generally the 
subject of a very large historical literature; hence, 
they will not be discussed further in this paper. 
The third term σsh(ε) represents the alloy strain-
hardening behavior. In contrast to the typical 
power law representation of strain hardening (σ 
α εn), the Zerelli-Armstrong representation [15] 
provides a proper basis to decompose the physics 
that control initial yielding from the processes 
mediating subsequent strain hardening.  For 
example, strain hardening is typically much less 
sensitive to temperature than σy, and primarily 
depends on the combination of coarse phase, 
grain and subgrain structures that control 
dislocation evolution as a function of plastic 
strain. Note the present study does not attempt to 

deal with strain rate or temperature dependent 
dynamic strain aging, leading to additional 
hardening and serrated flow curves at finite 
plastic strains [5].  
 

The strain-hardening model is based on 
competing dislocation storage and annihilation 
processes [16, 17].  Plastic strain (ε) creates 
new dislocations with a total density, ρ, in the 
form of network and sub-cell structures, at a rate 
dρ+/dε as primarily controlled by a characteristic 
slip length. The slip length is on the order of a 
characteristic ‘grain’ dimension, Dc, believed to 
be approximately the lath size in martensitic 
steels. Dislocations are annihilated at a rate dρ-

/dε proportional to the net stored dislocation 
density, ρ.  Strain hardening increases with √ρ 
up to saturation where dρ+/dε = dρ-/dε.   

 
The simple model was used to fit the strain 

hardening data in three martensitic steels. The 
characteristic Dc ≈ 3-10 µm is on the order of the 
lath size, but may be slightly temperature 
dependent.  The values of Dc are roughly 
similar in the three steels, but is largest in a 
F82H and smallest in a JFL-1. The annihilation 
rate parameter is also similar in all three cases, 
but again is slightly larger in F82H and slightly 
smaller in JFL-1. The dρ-/dε increases 
approximately linearly with temperature, 
reflecting reduced dislocation mobility, from ≈ 0 
at 100 K to a very high of level ≈ 90ρ at 700 K.  

 
Figure 2a shows the σsh(ε) for Eurofer 97 

over a wide range of temperature. Figure 2b 
shows the corresponding curves at 298 K for the 
three FM steels that exhibit generally similar 
behavior. Note the nominal maximum saturation 
level for σsh increases with decreasing 
temperature, but is reached only at higher strains. 
However, over the strain range which is 
experimentally limited by the onset of necking, 
the curves in Figure 2a tend to overlap. As 
shown in Figure 2b, strain hardening in the V-
4Cr-4Ti alloy (this example is at 25 C) is 
qualitatively similar to that observed in the 
martensitic steels. However, in this case the 
hardening rate lower by a factor of ≈ 10 to 15, 
very consistent with the large grain size in the 
recrystallized vanadium alloy.  

 
These results indicate the critical 

microstructural feature controlling strain 
hardening in the unirradiated alloys examined in 
this study is the grain or subgrain dimension. 
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Finer scale precipitate features play a role in σy 
but not σsh(ε). Verification of the σsh(ε) at higher 
strains is underway.  

 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 2 a) σsh(ε,T) for Eurofer 97 over a wide 
range of temperatures. b) σsh(ε,T)  at 298 K for 
the three FM steels. 
 
 
III. Effects of Irradiation on eu and the 
Relation Between s(e) and σ(ε) 
 

If strain hardening is represented by a 
simple power law term as σ(ε) = σy + κsh(ε/εy)n, 
the necking instability at εu = ln(1+eu) occurs at 
the point where the load (P) for continued 
deformation peaks is given by the implicit 
expression [14]: 

 
     εu

n-1 = [εy
nσy/κsh + εu

n]/n  (2) 
 

Thus εu
 is controlled not only by κsh and n, but 

also by σy. Thus increases in σy lead to a 
decrease in εu, even when κsh and N are constant.  

Equation 2 is a completely general result, that 
differs from the normal simple power law 
stability criteria eu ≈ n.  Thus the low values of 
eu observed in irradiated alloys are consistent 
with a combination of a reduced, but finite, strain 
hardening and large increases in σy, without flow 
localization as a necessary controlling 
mechanism. This is illustrated in Figure 3, which 
shows values of εu

 for κsh  =17.6 MPa, εy = 
0.002, and varying n and σy.  The filled circles 
illustrate a possible trajectory of irradiation 
induced decreases in n and increases in σy that 
produce a very large reduction in εu.  

 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

Figure 3. Variation of εu with σy and n for a 
constitutive equation with κsh =17.6 MPa and εy 
= 0.002. 

 
The simple necking instability analysis 

cannot model the post-necking s(e) needed 
provide information on σ(ε) at high ε.  Thus the 
ABAQUS finite element (FE) code [18] was 
used to simulate tensile tests of flat dogbone-
shaped tensile specimens with an initial length 
(L0), width (W0), and thickness (t0) with ratios of 
4:1:0.2 to relate the extrinsic observable s(e) to a 
corresponding specified intrinsic material σ(ε) 
that cannot be directly observed in a tensile test.  
Note it is important to emphasize that the σ(ε) is 
an effective stress-strain relation, defined within 
the framework of J2 incremental flow theory. 
Details of a large set of parametric simulations 
was used to gain a general insight on the effect 
of systematic variations σ(ε) on the 
corresponding s(e) are given elsewhere [14].  

 
One example is shown Figure 4 for linear 

strain softening with σy = 800 and σ(ε) = σy - 
Cε for C from 0 to 4000 MPa (Figure 4a).  As a 
consequence of immediate necking, eu is ≈ 0 in 
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all cases. True-strain softening effects are greatly 
amplified in the corresponding rate of drop-off in 
the s(e) curve. Even a modest reduction in the 
magnitude of strain softening of 40 MPa at ε = 
0.01 (only 5% of σy) leads to a large reduction of 
the engineering strain at sy/2 to e = 0.01 
compared to e = 0.08 for the perfectly plastic, C 
= 0 case (Figure 4b). When compared with 
experimental s(e) curves, these results place 
distinct limits on the rate and persistence of 
strain softening.  

 
A σ(ε) that provides a good approximation 

of a particular experimental s(e) curve can be 
found based on the FE simulations by iteration.  
Figure 4 shows σ(ε) (Figure 4c) fits to 
experimental s(e) (dashed lines in Figure 4d) for 
V-4Cr-4Ti alloy shown in Figure 1 for both the 
100°C unirradiated (u) and 270°C irradiated (i) 
conditions.  The unirradiated su(e) curve 
requires a σu(ε) with a small low hardening 
Luders-type strain region, followed by 

significant strain hardening. In contrast, the σi(ε) 
that is required to be to be consistent with the 
experimental irradiated si(e), is characterized by 
a small initial increment of strain softening, 
followed by a modest strain hardening regime. A 
very notable result is that the irradiated σi(ε) 
remains substantially higher than the 
corresponding σu(ε) at all strains. That is, 
irradiation hardening is persistent and is only 
modestly decreased by high plastic strain. The 
dashed-dotted line in Figure 4c shows a lower 
bound estimate of irradiation hardening Δσ(ε) ≈ 
σi(ε) - σu(ε), ignoring the difference in test 
temperature and assuming that the ‘normal’ 
strain hardening is not effected by irradiation. 
Even for these bounding assumptions, 
approximately 70% of the initial irradiation 
hardening persists up to ε  = 0.4.  
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Figure 4 - a) The σ(ε) with systematic variation in the strain softening coefficient C; b) the variation of 
calculated engineering stress strain curves with increasing C. c) The σ(ε) that provide reasonable fits to the 
unirradiated (100 C) and irradiated (270 C) s(e) curves, and the difference representing a lower bound 
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estimate of the hardening due to irradiation as a function of ε; d) the unirradiated and irradiated s(e) curves 
corresponding to the σ(ε) in Figure 4c. 
 IV. Modeling of Strain Softening Due to 
Shear Bands 

 
As noted in the introduction, materials that 

undergo heterogeneous deformation, such as 
channeling, still must obey the basic continuum 
laws of solid mechanics. Thus we also 
investigated the interplay between the effects of 
spatially varying constitutive behavior.  
Specifically effective mesoscale continuum 
mechanics σ(ε) were derived from FE 
simulations of strain softening shear bands σsb(ε) 
that are embedded in a strain hardening matrix 
σm(ε). The basic objective is to determine the 
overall composite material σ(ε) as a function of 
the combined characteristics of the shear bands 
and matrix. Note this σ(ε) differs from a true 
stress-strain constitutive law for a 
homogeneously deforming material, but provides 
a physically weighted average of the effects of 
the parameters describing the individual regions.  
While the computations themselves do not 
contain an absolute length, these results apply on 
a mesoscopic scale of the actual shear band 
dimensions. The overall composite σ(ε) is 
controlled by the combination of parameters 
describing σsb(ε) and σm(ε), the geometry of the 
shear bands, the boundary conditions imposed on 
the computational cell and the general 
deformation stress-state. Baseline unit cell 
ABAQUS simulations were carried out for as 
follows:  

 
1.  The shear band zones were modeled as an 
elliptic zone in plane-strain in the larger 
transverse, width direction with free mirror 
boundary in the smaller transverse, thickness 
direction. The mirror condition ensures planar 
boundaries are maintained as the cell deforms. In 
contrast, use of periodic boundary conditions 
leads to shape changes in the cell. However, a 
direct comparisons showed that the σ(ε) are 
generally similar for mirror and periodic 
boundaries. The plane-strain condition is one 
computable limit on the degree of constraint on 
the deformation. Another is plane-stress. While 
reality probably falls in between, the plane-strain 
condition is believed to be somewhat more 
applicable to shear bands in polycrystalline 
grains in the necking region of the specimen. 
Direct comparisons showed that at low ε the σ(ε) 
for plane -tress is qualitatively similar to that for 
plane strain. However compared to plane-strain 

where initial softening is followed by re-
hardening (see the plane strain results below), 
plain-stress conditions result in continual gradual 
strain softening beyond the initial drop.  More 
detailed evaluations of cell boundary stress-state 
effects are underway and the results will be 
reported in future publications.   

 
2.  The shear band geometry is characterized by 
orientation with respect to the tensile axis (θ = 0 
to 45°) and volume fraction (fsb).  The θ and fsb 
also represent the mirror symmetry planes 
occupied by the shear bands and the extent 
which they approach a fully interconnected 
network.  

 
3.  Separate local constitutive models are 
applied to the shear bands matrix: matrix --
σm(ε)= σy

 + Cm[(ε/0.0025)n – 1] and shear band -
- σsb(ε) =  σy

 – Csb1ε down to a minimum flow 
stress, σsbm; alternately we used σsb(ε) =  σy

  - 
Csb2 + Csb2[exp(-ε/λ)]1/2, where the σy, Cm, Csb1

 

and Csb2
 characterize a specified combination of 

stress-strain laws for the two regions. Figure 5 
illustrates the cell model and structure of the 
ABAQUS FE mesh. A typical mesh has 384 
eight-node biquadratic elements and 1243 nodes. 
 

QuickTime™ and a
TIFF decompressor

are needed to see this picture.

QuickTime™ and a
TIFF decompressor

are needed to see this picture.

Matrix

Plane Strain 
 

Figure 5. Finite element mesh for the cell model 
of heterogeneous deformation.  

 
Figure 6a and b show σ(ε) for two fsb of 

0.025 and 0.05 along with θ = 45°, σy = Cm = 
500 MPa, Csb1= 1000 MPa and σsbm = 100 MPa.  
There is a decrease in σ(ε) after a small 
increment of hardening in both cases. The drop-
off is larger and occurs at lower strains for fsb = 
0.05. The effect of a perfectly plastic shear band 
(n = 0) and shear band with σ = 0, or a hole, are 
also shown. Perfectly plastic shear bands have 
only a small effect of σ(ε), while the hole 
reduces σ(ε) by factors of ≈ 0.5 (fsb = 0.05) to 
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0.75 (fsb = 0.025).  The minimum strength of a 
strain-softening shear band, σsbm = 100 MPa, 
keeps the σ(ε) slightly above that for a hole.  
Figure 6c shows the effect of increasing the 
shear band softening rate from 500 to 2000 MPa 
for fsb of 0.025 with all other parameters fixed at 
the values in Figure 6a and b.  Increasing Csb1 
decreases the regime of hardening and increases 

the rate of drop-off in σ(ε); however it does not 
influence the hardening region at high strain.  
Figure 6d shows the effect of variations in θ of 0, 
22.5 and 45° for Csb1 = 1000 and all other 
parameters fixed as in Figures 6c.  Compared to 
the 45° case, the effects of the shear bands are 
very small for θ = 0 and much less for θ = 22.5°.  
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Figure 6 - a) and b) Stress-strain curves σ(ε) obtained by the cell model for two fsb of 0.025 and 0.05 for θ 
= 45°, σy = Cm = 500 MPa, Csb1= 1000 MPa and σsbm = 100 MPa; c) the effect of increasing the shear band 
softening rate from 500 to 2000 MPa for fsb of 0.025 with all other parameters fixed as in Figure 6a; d) the 
effect of variations in θ of 0, 22.5 and 45° for Csb1 = 1000 MPa and all other parameters fixed as in Figure 
6a. 
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Figure 7. Stress-strain curves σ(ε) obtained for 
the cell model for fsb= 0.025, σy = 700 MPa, n = 
0.1, θ = 45°, Csb2 = 600 MPa and λ = 0.12. 

Figure 7 shows the result for a fsb = 0.025, 
σy = 700 MPa, n = 0.1,  θ = 45°, Csb2 = 600 
MPa and λ = 0.12. This σsb(ε) model 
approximates the local strain dependent 
destruction of dislocation pinning features in a 
shear band. The resulting curve qualitatively 
resembles the σ(ε) shown in Figure 4c that is 
consistent with irradiated engineering s(e) curve 
with eu ≈ 0 and an apparent yield drop shown in 
Figure 4d.  
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It is emphasized that these simulations 

primarily provide qualitative insight rather than a 
unique quantitative description of the underlying 
parameters that result in σ(ε) characteristic of 
irradiated materials.  Implications of this insight 
are discussed briefly below.  
 
V. Discussion 
 

The analysis presented in sections III and IV 
provide the first linkages between the micro and 
meso scale phenomena of flow localization in 
irradiated alloys and the key macroscopic 
observable in a tensile test.  Perhaps the most 
important result is given in Section III, linking 
the intrinsic material σ(ε) curve to extrinsic 
engineering s(e) data.  These FE simulations 
lead to several important conclusions: 1) the 
actual regime of strain softening is limited and 
gradual and is followed by strain hardening; and 
2) standard plasticity models based on J2 flow 
theory can be used, at least in some cases like for 
the tensile test, in FE simulations of deformation 
for finite geometry conditions; 3) radiation 
hardening persists up to high strains. Further, it 
is noted that that the apparent yield drops of the 
type seen in Figure 1 previously have been 
qualitatively interpreted to demonstrate a 
dislocation source hardening mechanism 
associated with unlocking dislocations from 
defect atmospheres.  Further, the low uniform 
engineering strains have been qualitatively 
causally linked to localization of flow in narrow 
channels associated with strain induced 
destruction of hardening defects.  However, 
both of these conceptual interpretations lack 
physical rigor and the more quantitative results 
presented in this work clearly demonstrate that 
neither hypothesis is necessary nor sufficient to 
explain the observables in a tensile test.  

 
The analysis of the consequences of 

heterogeneous deformation in materials with 
strain softening shear bands presented in section 
IV represents an attempt to add some rigor to the 
analysis of deformation in irradiated metals and 
alloys. Note more detailed analysis of the FE 
results, including assessment of stress, strain and 
stress-state distributions as a function of the 
composite strain has been carried out, but cannot 
be described due to length limitations in this 
paper. Space also does not permit a full 
discussion of the implications of the models to 
ongoing and future experiments. Indeed, while 
these results do not represent a final and 

comprehensive model, they provide considerable 
insight, particularly for guiding basic 
experimental observations. In summary, the 
empirical σ(ε) for irradiated alloys are consistent 
with heterogeneous deformation in cases where 
the shear bands that become very soft with 
respect to the surrounding matrix, but only under 
limited and experimentally verifiable conditions.  
For example, in addition to clearing the bands of 
irradiation hardening defects it appears that 
processes like retardation of cross slip are 
important.  Further, the shear bands are 
effective only if they form an array of roughly 
45_ segments that occupy roughly 50% of the set 
of interconnected shear band planes.  Other 
tests against observation include mesoscopic 
strain distribution mapping, the types and 
variations in dislocation structures in the shear 
bands and matrix and the residual hardness in 
shear band and matrix regions at high strains. It 
is necessary to obtain such information at high 
strains that are not accessible in simple tensile 
tests. However, we have compared the FE 
simulations to measured three-dimensional 
geometry changes in the evolving neck region of 
a tensile specimen. The good excellent between 
the simulated and experimentally observed neck 
evolution demonstrate the reliability and 
uniqueness of the σ(ε) results derived by fitting 
the s(e) data. Such comparisons are being 
extended to a variety of other test configurations, 
like indentations, compression and beam bending, 
that can more readily access high strains. Again, 
the key to the interpretation of such tests will be 
a direct comparison with FE simulations 
(analogous to that done for the tensile test in this 
paper) and well focussed links to observation.  

 
Finally, we can only briefly note that the 

results in this study have very important practical 
implications with regard to the deformation 
limits in actual irradiated structures.  
Specifically deformation is controlled by a 
interacting combination of intrinsic and extrinsic 
factors. For example, deformation in 
compression would be expected to be more 
stable than in tension or shear dominated 
conditions.  
 
Summary and Conclusions 
 

As noted in the introduction, a hierarchy of 
multiscale processes controls the unusual 
engineering tensile stress strain behavior, s(e), of 
metals and alloys.  Both the yield stress and 
strain hardening behavior can be modeled in 
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terms of the underlying microstructure and 
microstructural evolution process associated with 
processing, irradiation service and deformation.  
Specifically, it is shown that strain hardening in 
unirradiated alloys can be treated on the basis of 
a competition between dislocation production 
and annihilation processes. Further, the key 
features of tensile test engineering s(e) curves 
can be understood and modeled in terms of the 
corresponding continuum true stress-strain 
constitutive laws. The low eu in tensile tests of 
irradiated alloys, reflects large increases in σy 
and reductions in strain hardening due to 
macroscopic necking that greatly amplifyies the 
effects of more subtle changes in the high strain 
constitutive law.  
 

We have specifically examined an extreme 
case of irradiated s(e) curves, with negligible 
uniform strains, a pseudo yield drop, and 
continuous softening to failure at reduced total 
strains. The low uniform strains are due to 
continuum necking instabilities caused by both 
higher σy and reductions in the post-yield strain 
hardening.  In this case the post yield σ(ε) shows 
an initial regime of modest strain softening over 
the first few percent of plastic strain, followed by 
a slight, but positive strain hardening.  Lower 
bound estimates show substantial irradiation 
hardening persists up to high strains. 
Significantly, homogeneous constitutive models 
and J2 incremental flow plasticity theory, used in 
large- scale deformation FE simulations, provide 
a useful engineering description of irradiated 
alloys. Further, macroscopic manifestations of 
irradiation effects on deformation can be 
represented by a continuum σ(ε) in a way that is, 
at least in some cases, insensitive to details of the 
processes taking place on a finer scale, like flow 
localization.  

 
A qualitative link between σ(ε) and 

heterogeneous deformation is provided by a 
severely strain softening array of shear bands 
embedded in an irradiation and strain hardened 
matrix.  Additional FE studies and analysis of 
the results will be combined with a wide array of 
experiments and observations to develop robust 
and fully quantitative deformation models.   
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SiC/SiC composites were fabricated by the forced-
flow, thermal gradient chemical vapor infiltration (FCVI) 
method at the Oak Ridge National Laboratory (ORNL) 
and by the iso-thermal chemical vapor infiltration (ICVI) 
method at the Japanese National Institute for Materials 
Science (NIMS). The FCVI approach can fabricate 
relatively large composites in relatively short time, while 
the ICVI has significant controllability of fiber/matrix 
interphase formation. Fiber types included the near 
stoichiometric Tyranno SA and Hi-Nicalon Type-S. 
SiC/SiC composites 12.5 mm in thickness with either75 or 
300 mm in diameter were fabricated at ORNL. SiC/SiC 
composites with 40 mm in diameter and 1.5~3.0 mm in 
thickness were fabricated at NIMS. The microstructure of 
these materials was studied using SEM with EDS and 
TEM while their mechanical properties were evaluated by 
tensile, flexural and single fiber push-out testing. 

Density, the uniformity of fiber/matrix interphase and 
mechanical properties improved by increasing fiber 
volume fraction, optimizing processing conditions for 
both the FCVI and the ICVI processes. Porosity was 
decreased to approximately 15%. The effect of the 
interphase on mechanical properties and fracture 
behavior were studied. Tensile strength of 2D composites 
reinforced with Tyranno SA fibers and with optimized 
multilayer SiC/C interphase was approximately 300 MPa. 

 
I. INTRODUCTION 

 
CVI produces a stoichiometric, crystalline β-SiC. The 

major advantage of CVI over other processing routes is 
the low thermal and mechanical stress of the densification 
process owing in large part to the lower deposition 
temperature. In addition, the process imparts little 
mechanical stress to the preform. The excellent 
controllability of formation of fiber/matrix interphase, 
which affects mechanical properties significantly, is also 
advantage of the method. However it takes long time for 
CVI processing and the size was limited to relatively 
small fabric. 

The forced-flow thermal-gradient chemical vapor 
infiltration (FCVI) developed at ORNL overcomes the 
problems of slow diffusion and restricted permeability 
[1,2] even in the large component with 300 mm in 
diameter and 15 mm in thickness. Composites have been 

fabricated using Nicalon™ fibers. However the optimum 
conditions using recent near stoichiometric high purity 
fibers such as Tyranno™ SA and Hi-Nicalon™ Type-S 
has not been established. The isothermal chemical vapor 
infiltration (ICVI) method at NIMS [3] can form precise 
uniform fiber/matrix interphase within a composite. The 
interphase is one of keys to improve mechanical 
properties of composites [4,5]. The optimization of the 
interphase for composites reinforced with high-purity 
fibers is required. 

SiC-sintered fibers, which are near stoichiometric, 
highly crystalline and high elastic modulus, such as 
Sylramic™ [6] of Dow Corning, Hi-Nicalon™ Type-S [7] 
of Nippon Carbon and Tyranno™ SA [8,9] of UBE 
industries are now available. These SiC fibers have been 
reported to show superior thermal stability compared to 
low-oxygen fibers, since the oxidation of excess C in air 
into CO at high temperatures resulted in the formation of 
pores in the latter [9]. These fibers are also expected to be 
stable under neutron irradiation. Therefore development 
and evaluation of the SiC/SiC composites reinforced with 
the highly crystalline fibers is desired. 

One of the objectives of this study is to optimize 
processing conditions of both ICVI and FCVI using high 
purity SiC fibers focusing to increase density and to 
obtain a uniform fiber/matrix interphase through the plate 
thickness. Another objective is to characterize the 
fiber/matrix interphase and improve mechanical 
properties of the composites. The effect of the interphase 
on mechanical properties was evaluated. Commonly 
advantages of ceramic matrix composite compared with 
monolithic ceramic are larger fracture toughness and a 
narrow distribution in failure strength. The trend of 
development of SiC/SiC composites using high elastic 
modulus fibers in this work is toward high modulus, high 
proportional limit stress and high strength with a narrow 
distribution rather than low strength with large fracture 
toughness. 

 
II.  EXPERIMENTAL 
 

SiC/SiC composite disks with 40 mm in diameter and 
1.5~3.0 mm thick were fabricated using plain woven Hi-
Nicalon and Tyranno SA fibers by ICVI at NIMS. The 
fibers were stacked in [0°/90°] direction. 7 sheets of Hi-
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Nicalon fibers or 9 sheets of Tyranno SA fibers were used 
to fabricate composites with 1.7 mm thick. C and 
multilayers of C and SiC were applied as the interphase 
between fiber and matrix. The precursors were methane 
(CH4) for C deposition and methyltrichlorosilane (MTS, 
CH3SiCl3) or ethyltrichlorosilane (ETS, C2H5SiCl3) for 
SiC deposition. Hydrogen was used as carrier gas for 
MTS and ETS. The temperature (900~1100 °C) of the 
furnace and flow rate of gas were controlled. Each gas 
flows into the bottom of the furnace. Thickness control of 
interphase in this system is difficult due to changing 
conditions through the thickness of the preform. 
Temperature should preferably be constant within the 
fabric. Slower deposition rate is better to control the 
thickness of interphase. In order to obtain uniform 
thickness of interphase within a composite, effects of 
temperature, gas flow rate and position of a preform on 
microstructure were evaluated and those experimental 
conditions were optimized. 

At ORNL, SiC/SiC composites were fabricated by 
FCVI using plain-woven high-purity SiC fibers, Tyranno 
SA and Hi-Nicalon Type-S. The fibers were stacked in [-

30°/0°/30°] or [0°/90°] directions in a graphite holder. 
45~55 sheets of Hi-Nicalon Type-S fibers or 55~60 sheets 
of Tyranno SA fibers were used. The fabric size for small 
furnace is 75 mm diameter and 12.5 mm thick and that for 
large furnace is 300 mm diameter and 12.5 mm thick. C, 
SiC/C or multilayer (SiC/C)6 was applied to fiber/matrix 
interphase followed by matrix SiC deposition. C was 
deposited by decomposition of propylene (C3H6) at 
1100 °C. SiC was deposited by decomposition of MTS at 
1000~1200 °C. A graphite coating chamber radiatively 
heats the fibrous preform exterior and its interior is cooled 
with a water-cooled line following deposition of the 
fiber/matrix interphase. The MTS carried in hydrogen is 
injected inside the preform. The gas infiltrates through the 
preform thickness and exhausts at atmospheric pressure. 
The properties of the composites fabricated in this study 
are summarized in table I. The ID number is the 
chronological order in which composites were fabricated. 
The fiber volume fraction (Vf) was estimated from the 
size and mass of the preform while the porosity values 
listed in the table I were estimated from cross-sectional 
scanning electron microscopy (SEM) images. The values 

Table I. Properties of SiC/SiC composites with 75 mm in diameter  
fabricated by FCVI 

ID Fiber Orientation
F/M

Interphase
Nominal thickness of

Interphase [nm]
Vf [%]

Density
[Mg/m3]

 Porosity
[%]

1256 Tyranno SA [-30/0/30] PyC 150 37 2.76 15.1

1257 Hi-Nicalon Type-S [-30/0/30] PyC 150 33 2.39 23.5

1258 Hi-Nicalon Type-S [-30/0/30] PyC 75 36.1 2.7 -

1259 Hi-Nicalon Type-S [-30/0/30] PyC 300 35 2.58 13.9

1260 Tyranno SA [-30/0/30] PyC 300 30.2 2.28 24.2

1261 Tyranno SA [-30/0/30] PyC 75 33.3 2.54 20.4

1264 Tyranno SA [0/90] PyC 150 35.4 2.61 23.3

1265 Tyranno SA [0/90] PyC 300 35.3 2.72 18

1266 Tyranno SA [0/90] PyC 75 35.2 2.62 18.1

1267 Tyranno SA [0/90] SiC/C 100/150 38.8 2.74 15.7

1268 Tyranno SA [0/90] SiC/C 100/150 38.8 2.69 18

1269 Tyranno SA [0/90] SiC/C 100/300 38.8 2.71 17.2

1270 Tyranno SA [0/90] (SiC/C)6 50/50/(200/50)3/(500/50)3 39.8 2.52 26.88

1271 Hi-Nicalon Type-S [0/90] PyC 150

1272 Tyranno SA [0/90] (SiC/C)6 50/20/(200/20)3/(500/20)3
Not evaluated
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of the thickness of interphase listed in Table I correspond 
to nominal values. 

Mechanical properties of composites were evaluated 
by three-point flexural tests and tensile tests. Specimens 
with dimensions 30 mm (long) × 4 mm (wide) × 1.5 mm 
(thick) were used for flexural testing. More than three 
specimens were tested for each composite. The test span 
of the flexural tests was 18 mm. The flexural tests were 
conducted at a cross-head speed of 1.8 mm/min at 
ambient temperature. Tensile tests were conducted on the 
basis of ASTM C1275. The test specimens were edge-
loaded with dimensions 41.3 mm (long) × 6.0 mm (wide) 
× 2.3 mm (thick). The dimensions of the gauge section 
were 15.0 mm (long) × 3.0 mm (wide) × 2.3 mm (thick). 
Details of the specimen and the tensile test are described 
elsewhere [10]. More than four valid test results were 
obtained for each composite. All tests were conducted at a 
cross-head speed of 0.5 mm/min at ambient temperature. 
The step-loading tests were performed for the precise 
evaluation of damage accumulation near proportional 
limit [11]. The mechanical properties of fiber/matrix 
interphase were evaluated by single-fiber push-out tests 
[12]. Specimens were sliced from composites normal to 
the fiber direction, which were mechanically polished to a 
final thickness of approximately 50 µm. For the tests the 
specimens were mounted on top of a holder containing a 
groove 50 µm wide.  Isolated fibers with the fiber 
direction perpendicular to the holder surface on the 
groove were selected with a video microscope and were 
pushed out using a Berkovich-type pyramidal diamond 
indenter tip with maximum load capability of 1 N. 
Microstructure was observed by optical microscopy and 
field emission SEM (FE-SEM). The thickness of 
interphase was measured by FE-SEM at several regions in 
a specimen. Fracture surface after tensile tests was 
examined by SEM with EDS. 
 
III.  RESULTS 
III.A. Optimization of ICVI 

 
In previously fabricated composites, the deposition 

rate of C was so high that most of the C precursor was 
deposited at the upstream side. The thickness of C 
interphase was quite different between upstream side and 
downstream side. For example, the thickness of C 
interphase at upstream was more than 1 µm, whereas no C 
interphase was identified on the downstream side. 
However the uniformity of interphase thickness was 
significantly improved by optimizing the experimental 
conditions, temperature, gas flow rate and position of the 
sample in the furnace. The optimized deposition rates of 
C and SiC are approximately 2 µm/min and 20 µm/min 
respectively. The scatter of temperature within 
composites improved to less than 1 % of controlled 
temperature. Apparent difference of interfacial thickness 

between upstream side and downstream side was not 
identified in the optimized composites. 

Density of SiC/SiC composites was also increased 
with optimization of CVI conditions, while CVI 
processing time was significantly shortened from 40~50 
hour to 15~20 hour. In the case of previous composites, 
upstream side was deposited easily and sealed prior to 
infiltration within the sample. Then the composites were 
removed and reversed to infiltrate the opposite side. In 
contrast to previous composites, the deposition began 
inside of composites without sealing of SiC at upstream 
side in the optimized deposition conditions. Another key 
to increase the density was increasing fiber volume 
fraction. Fiber fabrics were well-aligned stacked and 
thickness of the preform was reduced from 2.0 mm to 1.7 
mm in the case of Hi-Nicalon preform with 7 sheets. The 
density of the optimized composites reinforced with Hi-
Nicalon was approximately 2.5~2.6 Mg/m3, which 
corresponds to approximately 85% of the theoretical 
density. The density was 2.0~2.2 Mg/m3 in the previous 
composites, which corresponds to approximately 70 % of 
the theoretical density. 

 
III.B. Characterization of fiber/matrix interphase 

 
To understand interfacial mechanical properties, 

single fiber push-out tests were carried out. The 
interfacial shear strength (ISS) (τis) was obtained from the 
‘push-out’ load (P) in single fiber push-out testing and 
calculated from Eq. 1. 

 
(1) 

 
where D is fiber diameter and t is specimen thickness. 

The resultant effect of thickness of C interphase on the 
interfacial shear strength of composites reinforced with 
Hi-Nicalon and composites reinforced with Tyranno SA 
is shown in Fig. 1. The interfacial shear strength 
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drastically decreased with increasing C interphase 
thickness. Similar results using Nicalon CVI composites 
have been reported [13]. It was found that the interfacial 
shear strength of composites reinforced with Tyranno SA 
fibers was slightly larger than that of composites 
reinforced with Hi-Nicalon if the thickness of C 
interphase is same.  

The effect of thickness of C interphase on the 
proportional limit stress (PLS) of flexural test and flexural 
strength of composites reinforced with Hi-Nicalon (a) and 
composites reinforced with Tyranno SA (b) is shown in 
Fig. 2. The composites reinforced with Hi-Nicalon fibers 
showed the peak PLS and the flexural strength at about 
150 nm thick of C interphase, while the composites 
reinforced with Tyranno SA showed the peak at about 
100 nm. It was found that the mechanical properties of 
composites reinforced with Tyranno SA fibers are more 
insensitive to C interphase thickness than those of 
composites reinforced with Hi-Nicalon fibers. 

SEM and TEM observation showed that the 
interfacial crack almost always propagated along the 
interface between fiber and interphase [12]. This behavior 
was not limited only to C interphase. Multilayer C/SiC 
and “porous” SiC interphase showed the same behavior. 
Fracture surface of fibers was smooth. This led to low 
frictional stress of the debonded interface allowing easy 
crack propagation. This fracture behavior is attributed to a 
smooth fiber surface and weaker bond between the 
interphase and fiber than between the interphase and 
matrix SiC. In particular, the bond between fiber and C 
layer is weaker than the bond between C layer and SiC 
matrix. In order to improve interfacial fracture behavior 
and mechanical properties, PLS and maximum strength in 
particular, a SiC layer was formed on the fibers. Fiber and 
fiber bundle pull-out of composites with the SiC/C 
interphase reinforced with Hi-Nicalon fibers were shorter 
than those of composites without the first SiC layer. Both 
C and Si were detected from pull-out fiber surfaces of the 
composites without the SiC layer by EDS, and the atomic 
ratio of C to Si corresponded to that of Hi-Nicalon fiber 

[6]. In the case of composites with the first SiC layer, 
almost all species detected on pull-out fiber surface were 
C. The first SiC layer on Hi-Nicalon fiber induced strong 
bond between fiber and interphase and turned the crack 
path from between the fiber and the interphase to the 
inside of C interphase. Rough fracture fiber surface was 
seen, interfacial frictional stress was increased and 
mechanical properties of tensile tests were improved [14]. 

 
III.C. Optimization of FCVI 

 
To understand the distribution of thickness of 

interphase and porosity within a composite, thickness of 
interphase and porosity were measured at nine regions in 
a composite. The porosity of composites fabricated earlier 
was high and mostly more than 20% as shown in Table I. 
The bottom region, which is the upstream side of 
precursor gas, and the outer region tended to have higher 
porosity in the composites. It was found that porosity was 
significantly affected by fiber volume fraction. As the 
fiber volume fraction increased, the porosity decreased as 
shown in Table I. Fig. 3 compares the distribution of 
porosity of improved composites (1267) with that of 
previous composite (1260). In the improved composites 
porosity is independent of position, and the porosity 
trends seen in the previous composites was not observed. 

The thickness of interphase varied thorough the plate 
thickness. The interphase of bottom region was thicker 
than that of top region as shown in Fig. 4 (1256). One of 
the solutions to decrease the scatter of the thickness was 
to change the upstream side and the downstream side of 
the preform in the middle of interphase deposition process. 
Fig. 4 shows the distribution of the thickness of interphase. 
The scatter of the thickness was significantly improved by 
changing the upstream side and the downstream side.  

The thickness range of C interphase applied was 
about 20~300 nm. The average thickness of SiC layer of 
the SiC/C interphase was approximately 60 nm. Apparent 
effects of C interphase thickness and the first SiC layer on 
tensile properties were not seen. The multilayer interphase 
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with new concept was developed in this study. Fig. 5 
shows SiC/C multilayer interphase. The first thin SiC 
layer (50 nm) is to strengthen bond between fiber and 
interphase. The next three SiC layers (200 nm) are for 
multiple interfacial fractures of fibers. The next two thick 
SiC layers (500 nm) are for multiple fractures of bundles. 
Thin C layers (50 nm) are used just to separate SiC layers. 
The composites with the multilayer SiC/C interphase 
showed the multiple fracture of interphase. The tensile 
strength of the composites with the multilayer was nearly 
30 % larger than the composites with C interphase and 

with SiC/C interphase as shown in Fig. 6. Elastic modulus 
and PLS was normalized by porosity as shown in Eq. 2. 

 
  

Porosity1
Value OriginalValueNormalized

−
=                 (2) 

 
The elastic modulus of composites fabricated in this 

work is almost twice as large as the reported elastic 
modulus of the composites reinforced with Nicalon fibers 
fabricated by CVI [15]. The fracture strain of composites 
fabricated in this work is less than half of that of the 
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composites reinforced with Nicalon fibers. These 
properties are attributed to the intrinsic fiber properties. 
Both tensile strength and proportional limit stress of 
composites fabricated in this work are superior to those of 
composites reinforced with Nicalon fibers. 

 The large composite plates (300 mm diameter) are 
supposed to be fabricated using Tyranno SA fibers for 
irradiation experiments and round robin tests. Prior to 
using Tyranno SA fibers, the large composites were 
fabricated using Nicalon fibers to understand distribution 
of porosity and uniformity of interphase. Dense 
composites were fabricated in the first trial. Although the 
porosity of outermost regions was higher than that of the 
other, the average porosity was 14.4 %. The interphase 
was not formed uniformly. There was a gradient of the 
thickness, i.e. the interphase at the top side and the center 
was thicker. 

 
IV. DISCUSSION 

 
Pores existing within fiber bundle are limited and 

they don’t affect porosity significantly in case of CVI 
composites. It is difficult to fill large space at inter-bundle 
of fibers by CVI processing. The large pores existing at 

inter-bundle of fibers significantly affect the porosity. In 
this study, increasing fiber volume fraction decreased 
porosity. Increasing the fiber volume fraction decreased 
the porosity at inter-bundle of fibers and the total amount 
of large pores existing inter-bundle of fibers decreased. 

The composites reinforced with Hi-Nicalon fibers 
showed the peak PLS and the flexural strength at about 
150 nm in thickness of C interphase. The ISS of 
composites reinforced with Hi-Nicalon fibers was about 
200 MPa for a 150 nm thick C interphase. The composites 
reinforced with Tyranno SA showed the peak at C 
interphase thickness of about 100 nm. The ISS of 
composites reinforced with Tyranno SA fibers was about 
350 MPa for the 100 nm C interphase case. The optimum 
ISS to obtain the largest flexural strength for the 
composites reinforced with Hi-Nicalon fibers is less than 
that for composites reinforced with Tyranno SA. The 
elastic modulus of Hi-Nicalon (270 GPa) is much smaller 
than elastic modulus of CVD SiC (461 GPa), while the 
elastic modulus of Tyranno SA (381 GPa) is similar to 
CVD SiC. It means that the tensile stresses in the matrix 
are larger than those in the Hi-Nicalon fiber before crack 
initiation, whereas it is similar in composites reinforced 
with Tyranno SA fibers. Matrix cracking stress (σm) 
depends on fiber modulus (Ef) as shown in Eq. 3 [16]. 
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where σr is the residual stress, τ is the interfacial 

frictional stress, Gm is the critical mode I energy release 
rate, Vf is the volume fraction of fibers, E is the elastic 
modulus of the matrix (m) or composite (cl) and r is fiber 
radius. One of the roles of the interphase is to deflect 
matrix cracks by interfacial debonding. It is assumed that 
the optimum ISS of the composites reinforced with 
Tyranno SA fibers is larger than that of composites 
reinforced with Hi-Nicalon fibers since the matrix 
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cracking stress of the composites reinforced with Tyranno 
SA fibers is larger than that of the composites reinforced 
with Hi-Nicalon fibers. The gap between matrix cracking 
stress and maximum strength is relatively small in 
composites reinforced with Tyranno SA fibers. The effect 
of interphase on mechanical properties of composites 
reinforced with Tyranno SA fibers is smaller than that of 
composites reinforced with Hi-Nicalon. 

The first SiC layer in the fiber/matrix interphase was 
very effective for composites reinforced with Hi-Nicalon 
fibers. The crack path in the interphase was turned from 
fiber/interphase interface to within the interphase. The 
interfacial frictional strength increased. The interfacial 
fracture behavior and mechanical properties were 
improved. However the apparent effect of the first SiC 
layer was not evident in the composites reinforced with 
Tyranno SA fibers. One of the reasons is due to fiber 
modulus as discussed in the previous paragraph. The 
matrix cracking stress of composites reinforced with 
Tyranno SA fibers should be larger than that of 
composites reinforced with Hi-Nicalon fibers. The effect 
of interfacial shear strength on mechanical properties of 
composites reinforced with Tyranno SA fibers is smaller 
than that of composites reinforced with Hi-Nicalon fibers. 
Another reason is the rougher surface of Tyranno SA 
fiber compared with that of Hi-Nicalon fiber. It is 
considered the interfacial frictional stress is sufficiently 
large without the first SiC layer. The first SiC layer is 
expected to be effective under severe environment in 
which the interfacial shear strength is reduced by 
oxidation or neutron irradiation. Further experiments 
under such severe environments are required to 
understand the necessity of the SiC layer. 

The multilayer interphase with this new concept was 
developed in this study. It is considered that not only fiber 
pull-out but also fiber bundle pull-out plays an important 
role, so the concept of the bundle interphase was applied 
to the multilayer. Most composites with C/SiC multilayer 
interphase without the first SiC layer on fibers did not 
have multiple fracture of the interphase and the interfacial 
fracture behavior depended on the first C layer thickness. 
However both the multiple fracture of fibers and fiber 
bundles were attained in the composites with the 
multilayer SiC/C interphase. It is considered that the first 
SiC layer is the key for multiple fracture. 

 
 

V. CONCLUSIONS 
 
1. The SiC/SiC composites fabricated by the ICVI 

system at NIMS were significantly improved by 
optimization of gas flow rate, temperature, the 
position of the preform inside the furnace, increasing 
fiber volume fraction and the precursor gas. The 
uniformity of the fiber/matrix interphase, the density 
and mechanical properties were significantly 

improved while the time for fabrication became less 
than half of that for previous runs. 

2. The interfacial shear strength drastically decreased 
with increasing C interphase thickness. It was found 
that the interfacial shear strength of composites 
reinforced with Tyranno SA fibers was slightly larger 
than that of composites reinforced with Hi-Nicalon if 
the thickness of C interphase is same. 

3. The composites reinforced with Hi-Nicalon fibers 
showed the peak PLS and the flexural strength at 
about 150 nm C interphase thickness, while the 
composites reinforced with Tyranno SA fibers 
showed the peak at about 100 nm thickness. It was 
found that the mechanical properties of composites 
reinforced with Tyranno SA fibers are more 
insensitive to C interphase thickness than those of 
composites reinforced with Hi-Nicalon fibers. 

4. The first SiC layer in the fiber/matrix interphase 
improved interfacial fracture behavior and 
mechanical properties significantly in composites 
reinforced with Hi-Nicalon fibers, while the apparent 
effect of the first SiC layer was not seen in 
composites reinforced with Tyranno SA fibers due to 
large modulus and rough feature of fiber surface. 

5. The density and the scattering on interphase of 
composites fabricated by FCVI was significantly 
improved by optimization of temperature and gas 
flow, increasing fiber volume fraction and reversing 
the up-stream side and down-stream side of the gas in 
the middle of deposition. 

6. Although thickness of C interphase and the first SiC 
layer didn’t affect tensile properties of composites 
reinforced with Tyranno SA significantly, the tensile 
strength of the composites with the multilayer SiC/C 
interphase was improved.  

7. Large composites with 300 mm in diameter were 
successfully fabricated by FCVI with the porosity of 
14.4 %, although the interphase was not formed 
uniformly. 
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SiC/SiC composites composed of high-crystalline, 

near-stoichiometric SiC fiber, like Hi-Nicalon™ Type-S 
and Tyranno™-SA, are promising structural materials for 
fusion and other high-temperature applications, because 
of their excellent chemical, physical and mechanical 
stabilities at high-temperature. In order to explore show 
the excellent performance of recently developed advanced 
SiC/SiC composites under severe environment and to 
identify the key issues for the further material 
development, room- and high-temperature tensile tests 
were conducted under the mild oxidizing environment at 
1300°C for Tyranno™-SA fiber reinforced SiC matrix 
composites with two kinds of the fiber and matrix (F/M) 
interphase: pyrolytic carbon (PyC) and SiC/PyC, 
fabricated by the forced-flow/thermal-gradient chemical 
vapor infiltration (F-CVI) method. Tensile strength of 
both composites was significantly stable to high-
temperature exposure up to 1300°C in mild oxidizing 
environment, with no clear difference for two interfacial 
structures. Also, there was no dependence of PyC 
thickness on tensile strength for both interphase systems. 
In other words, the rough surface of Tyranno™-SA fiber 
had the same role with the SiC pre-coating. 

 
I. INTRODUCTION 

 
 SiC/SiC composites are considered one of the 

promising materials for fusion and other applications in 
advanced energy industries, because silicon carbide (SiC) 
has inherent mechanical property stability at high-
temperature, low-induced activation, after heat, and 
excellent corrosion resistance1. High-crystalline and near-
stoichiometric SiC fibers like Hi-Nicalon™ Type-S and 
Tyranno™-SA are, in particular, stable to oxidation at 
high-temperature and to severe neutron exposure, because 
of less impurities such as oxygen and good structural 
order2. Similarly, β-SiC matrix derived by forced-
flow/thermal-gradient chemical vapor infiltration (F-CVI) 
process, which has a highly-crystalline structure, would 
show good stability of strength against neutron exposure3-

5. From these reasons, SiC/SiC composites with high-
crystalline and near-stoichiometric SiC fiber and matrix 
are considered to have excellent physical and mechanical 

properties under these severe conditions. Therefore, many 
investigations on F-CVI process have been 
enthusiastically carried out at Oak Ridge National 
Laboratory (ORNL), as a part of Japan-US collaborations. 
This study focused on tensile properties of SiC/SiC 
composites with recently developed new SiC fibers, for 
the optimization of F-CVI process. 

In case of the design of ceramic matrix composites, 
interfacial materials such as pyrolytic carbon (PyC) are, in 
general, formed between fiber and matrix in order for the 
improvement of toughness. The role of the interphase is to 
deflect the main cracks at the weak fiber and matrix (F/M) 
interface and to cause many fiber pullouts. Interfacial 
shear strength and friction cause the ductile fracture 
behavior and produces high fracture toughness. However, 
there has been a concern that cracks propagated along the 
smooth surface of the fibers such as Hi-Nicalon™ would 
have insufficient interfacial friction for load transfer. A 
rough SiC layer was designed to deposit on the fiber 
surface to promote the crack deflection within the 
interphase6. In addition, multi-layered SiC interphase has 
been developed in order to make the crack path more 
complex and to prevent the outer reaction gases from 
flowing into the crack paths.  

The objective of this study is to investigate 
mechanical performance of recently developed 
stoichiometric SiC fiber reinforced F-CVI SiC matrix 
composites and also to identify the key implementation 
for the improvement of F-CVI technique. In particular, 
high-temperature tensile properties and the effect of 
several interfacial structures were discussed.  
 
II.  EXPERIMENTAL 
II.A. Materials 
 

All the composite disks with a 3-inch diameter and a 
half-inch thickness were fabricated by F-CVI method at 
ORNL (Table 1). Plane-woven (P/W) sheets of Si-Al-C 
fiber: Tyranno™-SA (Ube Industries), which were 
stacked in the [0°/90°] direction, were used as 
reinforcements. Then, β-SiC matrix was deposited by 
using methyltrichlorosilane (MTS) carried with hydrogen. 
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Pyrolytic carbon (PyC) interphase and SiC/PyC 
interphase were deposited on the surface of each fiber 
before the F-CVI densification. Three kinds of thickness 
of PyC interphase; 75, 150 and 300 nm, were chosen for 
the evaluation of influences of their thickness on tensile 
properties. In order to fabricate a uniform interphase in 
the F/M interface, deposition of PyC was carried out in 
two steps: initial infiltration followed by turning the 
specimens upside down and infiltrating again. All the 
composites had a small gradient of the interfacial 
thickness with a maximum at the center of the upstream 
side. More details were discussed elsewhere7.  
 
II.B. Tensile Test 

 
Tensile tests were conducted by an electromechanical 

testing machine (Instron Japan Co. Ltd.) on the basis of 
ASTM C1275 and C1359. Miniature edge-loaded tensile 
specimen was used (Fig. 1). All the tests were conducted 
at the crosshead speed of 0.5 mm/min. The step-loading 
tests were performed for the room-temperature tension in 
air for the precise evaluation of the damage accumulation 
around proportional limit. Simple monotonic tests were 
performed for high-temperature tension at 1300°C in a 
flow of commercial argon with about 0.1 Pa of oxygen in 
partial pressure. High-temperature tests were carried out 
following a 20 min ramp to the test temperature and a 
subsequent equilibration time of about 10 min. More 
details were described elsewhere8. 

After the tensile tests, fracture surfaces of all the 
specimens were examined by using scanning electron 
microscopy (SEM). Besides, porosity, fiber volume 
fraction and thickness of the PyC interphase were also 
measured. 

 
II.C. Analysis 
 

Tensile properties were analyzed by using the 
normalized value as shown in equation (1), which takes 
into consideration the large scatter of porosity among as-
received materials. It was revealed that elastic modulus 
and proportional limit stress were in roughly inverse 
proportion to the porosity9. In this equation, stress was 
calculated as applied force divided by the true cross-
sectional area excluding the area occupied by pores.  
 

 
Porosity1

Value OriginalValueNormalized
−

=                      (1) 

  
It is noted that, in this analysis, it was assumed that 

porosity was distributed equally in any cross-section. 
 
III.  RESULTS AND DISCUSSION 
III.A. High-Temperature Tensile Fracture Behaviors 
of Advanced SiC/SiC Composites 
 

Tyranno™-SA/ FCVI-SiC had good stability in 
tensile properties under the high-temperature exposure 
regardless of the interfacial structures (Fig. 2). There was 
only a minor degradation of tensile strength at 1300°C in 
mild oxidizing environment.  

SiC easily formed into SiO2 in air by the oxidation 
and, even if in inert environment, SiC is oxidized due to 
the reaction with oxygen included as the impurity10, 11. 

Table 1 Test Materials 
 

ID Composite Structure Aimed Interlayer
Thickness [nm]

Fiber Volume
Fraction [%]

Density
[Mg/m3]

Porosity [%]

1264 Tyranno-SA/PyC/FCVI-SiC 150 35.4 2.61 23.3
1265 Tyranno-SA/PyC/FCVI-SiC 300 35.3 2.72 18.0
1266 Tyranno-SA/PyC/FCVI-SiC 75 35.2 2.62 18.1
1267 Tyranno-SA/(SiC/PyC)/FCVI-SiC 100/150 38.8 2.74 15.7
1268 Tyranno-SA/(SiC/PyC)/FCVI-SiC 100/150 38.8 2.69 18.0
1269 Tyranno-SA/(SiC/PyC)/FCVI-SiC 100/300 38.8 2.71 17.2  

 

 
Fig. 1 Schematic illustration of the miniature 

edge-loaded tensile specimen 
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Fig. 2 High-temperature tensile strength of 

advanced SiC/SiC composites 
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The former is well known as passive oxidation and the 
latter is referred to as active oxidation. SiC fiber and 
matrix used in this study were high-crystalline and near-
stoichiometric composition, and hence there were few 
impurities. Also, it is reported that there was no 
significant degradation of tensile strength in Tyranno™-
SA fiber itself after the heat treatment below 1300°C in 
inert environment12. These good stabilities of each 
component made tensile strength of composites stable to 
the oxidizing attack. However, slight degradation of 
tensile strength should not be ignored. In air, PyC might 
be easily burned out by oxidation. However, under the 
mild-oxidizing environment, PyC oxidation seemed quite 
small. It might be due to the severe degradation of the in-
situ fiber strength or interfacial shear properties at 1300°C. 

 
III.B. Effect of the PyC Thickness on RT/HT Tensile 
Properties – Single PyC Interphase 

 
It is reported that Tyranno™-SA/SiC composite had 

maximum flexural strength for a 200 nm PyC thickness. 
For thinner PyC thickness, there existed significant large 
stress drops13. However, in tension, there was no clear 
dependence on the PyC thickness. Tensile strength and 

proportional limit stress (PLS) were nearly constant over 
the wide range of the PyC thickness (Fig. 3). On the 
contrary, tensile modulus tended to decrease with the PyC 
thickness.  

Similar to the results at room temperature, there was 
no effect of the PyC thickness on the tensile strength at 
1300ºC in Ar, although the magnitude of tensile strength 
decreased about 20 %. Tensile strength at high-
temperature in inert environment was nearly constant in 
the broad range of the PyC thickness. According to the 
microscopic observation of the fracture surface (Fig. 4), 
PyC was burned out only near the surface of the 
composite, and, macroscopically, PyC degradation was 
never critical to the reduction of tensile strength. The 
reason for the degradation of the tensile strength at 
1300ºC in Ar might be the in-situ degradation of tensile 
strength of fiber itself.  

 On considering the application to neutron irradiation, 
thin PyC interphase also becomes an advantage because 
of less degradation by neutron damage. Also excellent 
mechanical performance in the thinner PyC is very 
important fact for the design of the multi-layered 
interphase, which is structured of the sequence of thin SiC 
and PyC layers. 

 
III.C. High-Temperature Tensile Fracture Behaviors 
of Advanced SiC/SiC Composites 

 
Fig. 5 shows the PyC thickness dependency on the 

room-temperature tensile properties of SiC/SiC with 
SiC/PyC interphase. It was the same behavior as that in 
the case of using the single PyC interphase. In addition, 
the fracture behavior at high-temperature in inert 
environment was also very similar. There was about 20 % 
degradation of tensile strength and PyC burned out 
partially (Fig. 6). This is because the rough surface of 
Tyranno™-SA fiber played the same function of the 
rough SiC pre-coating, which was formed for the 
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Fig. 3 PyC thickness dependencies on (a) tensile strength, normalized PLS and (b) normalized 
elastic modulus (single PyC interphase) 
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Fig. 4 Typical fracture surface appearances of advanced 
SiC/SiC with single PyC interphase after tension at 
1300ºC in mild oxidizing environment 
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promotion of the crack path within the first PyC interlayer. 
Possibly, rough surface of Tyranno™-SA fiber promoted 
the crack deflection within the first PyC interlayer. 

 
IV. CONCLUSIONS 
 

In order to investigate the performance of recently 
developed high-crystalline, near-stoichiometric F-CVI 
SiC/SiC composites, room- and elevated-temperature 
tensile tests were conducted by using small specimen test 
technique. In particular, roles of the various PyC based 
interphase; single PyC and SiC/PyC were identified. Key 
conclusions are summarized as follows. 
1. High-crystalline, near-stoichiometric F-CVI SiC/SiC 

composites showed the excellent mechanical 
performance and they were characteristic in high 
strength, high modulus in tension. 

2. Tensile strength and PLS were independent of the 
PyC thickness in the broad range. However, elastic 
modulus depended on it. It tended to decrease as the 
PyC thickness increasing.  

3. There was no clear difference in tensile behavior 
between single PyC and (SiC/PyC) inter-layered 
composites. The PyC thickness effect on Tyranno™-
SA/(SiC/PyC)/SiC composites was quite similar to 
that on Tyranno™-SA/PyC/SiC composites. Rough 
surface of Tyranno™-SA fiber had the same function 
with the SiC pre-coating.  

4. Advanced F-CVI SiC/SiC composites with single 
PyC and SiC/PyC interphase showed the excellent 
high-temperature performance, respectively. Both 
types of SiC/SiC composites could maintain over 
80% of their tensile strength at 1300ºC in Ar. In-situ 
fiber strength and interfacial shear properties might 

25ºC in air

1300ºC in Ar

1.0mm 100μm 3μm

1.0mm 100μm 3μm

 
 
Fig. 6 Typical fracture surface appearances of SiC/PyC inter-layered SiC/SiC composites. There 
existed special gaps at the F/M interface after HT-tension 
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Fig. 5 PyC thickness dependencies on (a) tensile strength, normalized PLS and (b) normalized 
elastic modulus (at room temperature in air) 
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be degraded, because of no significant difference 
between the two different interphase types at elevated 
temperature. 
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Chemically vapor-infiltrated (CVI) silicon carbide 
(SiC) matrix composites are candidate structural 
materials for proposed nuclear fusion and advanced 
fission applications due to their high temperature stability 
under neutron irradiation. To optimize the thermal stress 
properties for nuclear applications, CVI-SiC matrix 
composites were produced with three-dimensional (3D) 
fiber architectures with varied Z-fiber content, using the 
highly-crystalline and near-stoichiometric SiC fiber 
Tyranno™-SA. In addition, hybrid SiC/SiC composites 
incorporating carbon fibers were fabricated to improve 
thermal conductivity. The purpose of this work is to 
obtain thermal and mechanical properties data on these 
developmental composites. Results show that the addition 
of small amount (>10 %) of Tyranno™-SA fiber 
remarkably increases the composite thermal conductivity 
parallel to the fiber longitudinal direction, in particular 
the through-thickness thermal conductivity in the 
orthogonal three-dimensional composite system due to the 
excellent thermal conductivity of Tyranno™-SA fiber 
itself. On the other hand, tensile properties were 
significantly dependent on the axial fiber volume fraction; 
3D SiC/SiC composites with in-plane fiber content <15 % 
exhibited lower tensile strength and proportional limit 
failure stress. Results show that the composites with axial 
fiber volume >20 % exhibit improved axial strength. The 
carbon fiber was, in general, beneficial to obtain high 
thermal conductivity. However matrix cracks induced due 
to the mismatch of coefficients of thermal expansion 
(CTE) restricted heat transfer via matrix, limiting the 
improvement of thermal conductivity and reducing tensile 
proportional limit stress. 

 
I. INTRODUCTION 

 
Silicon carbide fiber reinforced silicon carbide 

(SiC/SiC) composites are candidate materials for nuclear 
fusion and advanced fission reactors because of elevated-
temperature mechanical capability, low induced-
radioactivity, and after-heat1. The latest composites 
fabricated from high modulus SiC fibers, i.e., highly-
crystalline and near-stoichiometric SiC fibers such as 
Tyranno™-SA and Hi-Nicalon™ Type-S, and β-SiC 
matrix provide good geometrical stability and strength 

retention after neutron irradiation2-4. Also, enhanced 
thermal and thermo-mechanical properties of the highly 
crystalline SiC composites have the added advantage to 
providing higher system efficiency. In addition, 
composites with higher thermal conductivity and strength 
exhibit much better resistance to thermal shock. 

Constituent materials are one important factor to 
maximize the thermal properties of composites. Among 
various processing techniques, chemical vapor infiltration 
is regarded as the technique that produces the highest 
crystallinity of SiC with inherently high thermal 
conductivity5. Tyranno™-SA and Hi-Nicalon™ Type-S 
are also beneficial to use due to their crystalline structure. 
Tyranno™-SA fiber exhibits the thermal conductivity of 
65 W/m-K, while 18 W/m-K for Hi-Nicalon™ Type-S. 
Further thermal conductivity improvements have been 
proposed whereby hybrid composite concepts using 
carbon fibers as reinforcements mixed with SiC fibers 
(SiC-C/SiC composites) are utilized6. Specifically, pitch-
based carbon fibers possess much higher thermal 
conductivity (22~1000 W/m-K), as compared to SiC or 
other graphite fibers. For many nuclear applications, heat 
transport in the direction orthogonal to the plane of the 
primary stress is required. For this reason, a Z-stitch of 
high conductivity graphite fiber into an X-Y weave of SiC 
fibers has been considered. Matrix densification is also 
important to keep good heat transfer via matrix. The 
through-thickness thermal conductivity of ~70 W/m-K, 
which is higher than that of conventional composites (~20 
W/m-K), has been reported for two dimensional (2D) 
SiC/SiC composite with the density of ~3.1 g/cm3, 
fabricated by nano-infiltration transient eutectic phase 
sintering (NITE) process7. 

The objective in this study is to evaluate the thermal 
and mechanical properties of various architecture types of 
SiC/SiC and hybrid SiC-C/SiC composites reinforced by 
the high-modulus SiC and carbon fibers, designed to 
provide high thermal conductivity.  
 
II.  EXPERIMENTAL 
 

The materials were CVI-SiC matrix composites with 
the highly crystalline and near-stoichiometric SiC fibers: 
Tyranno™-SA Grade-3 and Hi-Nicalon™ Type-S. Also 
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hybrid CVI-SiC matrix composites with Tyranno™-SA 
Grade-3 and pitch-based carbon (P120S: ~640 W/m-K in 
longitudinal, ~2.4 W/m-K in radial) fibers were prepared. 
All materials were produced by isothermal/isobaric CVI 
process. Two types of 2D SiC/SiC composites with plain-
weave (P/W) Tyranno™-SA and 5-harness satin-weave 
(S/W) Hi-Nicalon™ Type-S, two types of orthogonal 3D 
SiC/SiC composites with differed through-thickness (Z-
direction) fiber content: X: Y: Z = 1: 1: 1 and 1: 1: 4, and 
two types of hybrid composites with a P/W and an 
orthogonal 3D architecture composed of Tyranno™-SA 
and P120S fibers were fabricated, respectively (Table 1). 
It is noted that the Z-direction fibers of both 3D SiC/SiC 
composites were made into SA grade (Si-Al-C) from AM 
grade (Si-Al-C-O) Tyranno™ fiber at the temperature of 
~2073 K in inert environment after weaving. All 
composites had 150 nm thick pyrolytic carbon (PyC) as 
fiber/matrix (F/M) interphase.  

Tensile specimens were machined from the 
composite plates so that the longitudinal direction was 
parallel to either of X or Y fiber directions. Miniature 
tensile geometry that had been developed for neutron 
irradiation studies on ceramic composites8 was employed. 
The rectangular geometries (length × width × thickness) 
of 15.0 mm × 4.0 mm × 2.3 mm for the 2D SiC/SiC 
and/or the 2D and 3D hybrid SiC-C/SiC composites, and 
20.0 mm × 6.0 mm × 2.5 mm for the 3D SiC/SiC 
composites are used. Tensile tests were conducted 
following the general guidelines of ASTM standard 
C1275. The tensile test incorporated several 
unloading/reloading sequences in order to allow 
hysteresis analysis. For the testing at room temperature, 
specimens were clamped by wedge grips with aluminum 
end tabs on both faces of the gripping sections. The strain 
was determined by averaging the readings of strain 
gauges bonded to both faces of the center gauge section. 
The crosshead displacement rate was 0.5 mm/min for all 
tests.  

Room temperature thermal diffusivity was measured 
using a xenon flash technique and thermal conductivity 
was calculated using the measured composite density and 

specific heat. Specific heat of composites was calculated 
assuming the rule of mixtures. Microstructures and tensile 
fracture surfaces to selected samples were examined with 
an optical microscopy and a field emission scanning 
electron microscopy (FE-SEM).  
 
III.  RESULTS AND DISCUSSION 
III.A. Microstructure 
 

Fig. 1 shows the typical cross-sectional images of as-
received composites. Two dimensional SiC/SiC 
composites had large pores in most cases in weaving 
cross-sectional pockets, resulting in a density of ~2.5 
g/cm3. By contrast, both 3D SiC/SiC composites were 
well-densified even in the pocket regions, yielding a 
density of ~2.7 g/cm3. Both 2D and 3D hybrid 
composites had large pores in pocket regions. Therefore 
less densification of the matrix yielded a lower density 
(~2.2 g/cm3) than that of ideally densified composites 
(~2.8 g/cm3). In addition, the hybrid composites contained 
transverse matrix cracks around every carbon fiber bundle. 
Specifically major cracks propagated within laminated 
plies for some 2D hybrid composites. This is attributed to 
the large CTE mismatch between the SiC matrix and the 
carbon fiber. 

 
III.B. Thermal Conductivity 

 
Table 2 lists a relationship between the axial fiber 

content and the thermal conductivity. The 3D SiC/SiC 
composites with the Tyranno™-SA fiber exhibited the 
highest improvement of the thermal conductivity in Z-
direction. The in-plane thermal conductivity was also high 
(~50 W/m-K) similar to the through-thickness thermal 
conductivity due to the presence of continuous X- or Y-
direction fibers. In contrast, the SiC/SiC composite of Hi-
Nicalon™ Type-S with relatively lower thermal 
conductivity exhibited less improvement of the in-plane 
thermal conductivity, though high axial (in-plane) fiber 
volume fraction. Similarly, the carbon fiber with higher 
thermal conductivity of 640 W/m-K is, in general, 

Table 1. SiC/SiC and hybrid SiC-C/SiC composites under investigation. 
 

2.19
2.25
2.78
2.76
2.52
2.51

Density
[Mg/m3]

25
19
11
10
19
20

Porosity
[%]

C*3:21SA*1:123D(X,Y:SA*1, Z:C*3)SA*1, C*3Hybrid 3D

-225-harness S/WHNLS*2S/W HNLS

-SA*1:8, C*3:18P/WSA*1+C*3Hybrid 2D

-20P/WSA*1P/W SA

40103D(X:Y:Z=1:1:4)SA*13D(1:1:4) SA
SA*1

Fiber

15153D(X:Y:Z=1:1:1)3D(1:1:1) SA

Z-fiber 
volume

fraction [%]

X- (and Y-)
fiber volume 
fraction [%]

ArchitectureComposite 
ID

2.19
2.25
2.78
2.76
2.52
2.51

Density
[Mg/m3]

25
19
11
10
19
20

Porosity
[%]

C*3:21SA*1:123D(X,Y:SA*1, Z:C*3)SA*1, C*3Hybrid 3D

-225-harness S/WHNLS*2S/W HNLS

-SA*1:8, C*3:18P/WSA*1+C*3Hybrid 2D

-20P/WSA*1P/W SA

40103D(X:Y:Z=1:1:4)SA*13D(1:1:4) SA
SA*1

Fiber

15153D(X:Y:Z=1:1:1)3D(1:1:1) SA

Z-fiber 
volume

fraction [%]

X- (and Y-)
fiber volume 
fraction [%]

ArchitectureComposite 
ID

*1SA: TyrannoTM-SA Grade 3 fiber, *2HNLS: Hi-NicalonTM Type-S fiber, *3C: P120S fiber  
 

221



considered effective to provide the high through-thickness 
thermal conductivity. Less improvement of the thermal 
conductivity of the 3D hybrid composite was primarily 
due to large porosity. However, many CTE mismatch 
induced cracks might prevent thermal diffusion via matrix 
of carbon fiber containing composites. In addition, 
inherently lower radial thermal conductivity of the carbon 
fiber is also disadvantage to obtain the good in-plane 
thermal conductivity. 

 
III.C. Tensile Properties 

 
Fig. 2 exhibits the typical tensile stress-strain curves 

and tensile data are shown in Table III. Each of the curves 
for 2D SiC/SiC composites comprises an initial 
proportional segment that corresponds to the elastic 

deformation, followed by a non-linear portion due to 
domination of the matrix cracks and the fiber failures. The 
highest tensile strength of about 200 MPa for 2D SiC/SiC 
composites is similar to that obtained from conventional 
2D CVI-SiC/SiC composites5. The higher tensile Young’s 
modulus of ~270 GPa of the 2D SiC/SiC composites is 
attributed to the use of highly-crystalline SiC fibers and 
matrix. The large scatters were due to varied pore content. 
In contrast, the dense 3D SiC/SiC composites exhibited 
high Young’s modulus, though significantly lower tensile 
strength than the 2D CVI SiC/SiC composites. They are 
roughly distinguished into two types of fracture patterns: 
brittle and quasi-ductile with non-linear portion, although 
both fracture behaviors exhibited limited short fiber 
pullout (Fig. 3). Most of the brittle specimens failed just 
after the proportional limit stress (PLS). The brittle 

 
 

Fig. 1. Cross-sectional images of as-received SiC/SiC and hybrid SiC-C/SiC composites. Both hybrid SiC-C/SiC 
composites underwent matrix cracking due to CTE-mismatch. 
 

Table II. In-plane and through-thickness thermal conductivity. 
 

Through-thicknessIn-plane

53.0 (13.5)2132.6 (0.5)12Hybrid 3D

18.1 (0.3)034.7 (1.3)22S/W HNLS
18.9 (0.3)047.8 (1.3)20P/W SA

58.2 (1.8)4046.2 (1.4)103D(1:1:4) SA
15

Fiber volume 
fraction [%]

46.1 (0.9)1547.4 (1.0)3D(1:1:1) SA

Thermal 
conductivity 

[W/m-K]

Fiber volume 
fraction [%]

Thermal 
conductivity 

[W/m-K]

Composite 
ID

Through-thicknessIn-plane

53.0 (13.5)2132.6 (0.5)12Hybrid 3D

18.1 (0.3)034.7 (1.3)22S/W HNLS
18.9 (0.3)047.8 (1.3)20P/W SA

58.2 (1.8)4046.2 (1.4)103D(1:1:4) SA
15

Fiber volume 
fraction [%]

46.1 (0.9)1547.4 (1.0)3D(1:1:1) SA

Thermal 
conductivity 

[W/m-K]

Fiber volume 
fraction [%]

Thermal 
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specimens of 3D(1:1:1) therefore exhibited very lower 
tensile strength (~65 MPa). However, there is no 
significant difference between the brittle and the non-
brittle composites for 3D(1:1:4). Young’s moduli for both 
the brittle and the non-brittle composites were still in 
same range. 

A feature of the hybrid composites is significantly 
lower Young’s moduli, ~140 GPa for 2D and ~100 GPa 
for 3D, respectively. In contrast, the estimated Young’s 
moduli by parallel-serial approach based on the rule of 
mixtures9 yielded ~270 GPa for 2D and ~100 GPa for 3D. 
It is noted that the Young’s modulus of the P/W hybrid 
composites was roughly estimated by replacing with the 
orthogonal 2D architecture. Therefore, the estimated 
Young’s modulus should be significantly influenced by 
pore distribution and waviness. Processing-induced 

matrix cracks perpendicular to the loading axis of the 2D 
hybrid composites could reduce the initial Young’s 
modulus. Damaged matrices also caused less proportional 
segment, followed by progressive damage accumulations 
in lower stress level. However, severe degradation of the 
Young’s modulus might also be explained by additional 
factors such as fiber damage induced by preparing a 
hybrid weaves, although it is still unclear. Contrarily, the 
3D hybrid composites with transverse matrix cracks 
around Z-stitch carbon fibers, which existed parallel to 
the axial fibers, exhibited less degradation of the Young’s 
modulus. 

The significant difference of tensile strength in the 
composite types is attributed primarily to the effective 
fiber volume content in the loading axis. According to 
Curtin10, the intact fibers transfer the applied load beyond 

 
 

Fig. 2. Typical tensile stress-strain curves of SiC/SiC and hybrid SiC-C/SiC composites. 
 

Table 3. Tensile data of various SiC/SiC and hybrid SiC-C/SiC composites. 
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the fiber failure. In particular, it is simply assumed that 
intact fibers equally convey the applied load, well known 
as the global load sharing (GLS) theory. This indicates 
that the ultimate tensile strength is proportional to the 
axial fiber volume fraction. Composites tested in this 
study were designed with varied fiber volume content. As 
plotted in Fig. 4(a), the large differences in axial fiber 
content provided the differed tensile strength in each 
composite. Both 3D SiC/SiC composites with large 
structural unit, ~3.0 mm, are subjected to change in fiber 
volume fraction in cutting position. The bare fibers 
located at the edges of the specimen are mostly damaged, 
i.e. discontinuous along the gauge length, and those are 
ineffective in load transfer. In this case, less ability to 
transfer the applied load resulted in the quasi-brittle 
failure at the PLS. Even in the non-brittle case, very low 
axial fiber content leaded to low composite tensile 

strength. Additionally, the possible slight processing 
damage on reinforcing fibers of 3D SiC/SiC composites 
during heating up to 2073 K may have degraded the 
composite tensile strength.  

As with the tensile strength, the difference of the PLS 
in composite types may be attributed primarily to the 
axial fiber volume content (Fig. 4(b)). In particular, the 
2D hybrid composites with severe processing-induced 
matrix damages had much lower PLS.  

The residual thermal stress is inevitable when the 
coefficients of thermal expansion are different between 
the fibers and the matrix. In the Tyranno™-SA or Hi-
Nicalon™ Type-S/PyC/CVI-SiC system, the residual 
stress should be minimal, because the fibers consist 
primarily of cubic (beta-phase) SiC, i.e. equivalent to the 
matrix constituent. The thermal residual stress estimated 
by the method proposed by Vagaggini, et al.11 exhibits 

 
 

Fig. 3. Typical tensile fracture surfaces of SiC/SiC and hybrid SiC-C/SiC composites. 
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Fig. 4. Relationships among tensile properties and the axial fiber volume fraction.  
(a) Tensile strength and (b) proportional limit stress 
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nearly zero for 3D SiC/SiC composites and residual 
tension of ~10 MPa for 2D SiC/SiC composites (Table 3), 
while ~100 MPa in a ceramic grade Nicalon™/ PyC/CVI-
SiC composite12. The slightly larger residual stress of 2D 
SiC/SiC composites might be due to restriction by 
weaving structure. The hybrid SiC-C/SiC composites 
exhibited relatively higher tensile residual stress due to 
large CTE mismatch of the SiC and the carbon. 

 
IV. CONCLUSIONS 
 

This work aims to obtain thermal and mechanical 
property data for advanced CVI silicon carbide matrix 
composites using high-modulus SiC and carbon fibers. 
The major conclusions drawn from this study are 
summarized as follows. 
1. The 3D SiC/SiC composites with Tyranno™-SA 

fibers exhibited the highest thermal conductivity, due 
to excellent thermal conductivity of Tyranno™-SA 
fiber itself   

2. Tensile properties of SiC/SiC composites were 
significantly dependent on the axial fiber volume 
fraction; 3D SiC/SiC composites with less in-plane 
fiber content exhibited lower tensile strength and 
proportional limit stress. The high volume fraction of 
the axial fibers, >20%, is required to obtain good 
tensile properties.  

3. The carbon fiber was, in general, beneficial to obtain 
high thermal conductivity. However matrix cracks 
due to the mismatch of coefficients of thermal 
expansion restricted heat transport via matrix, 
limiting the improvement of thermal conductivity, 
and significantly reducing tensile properties. 
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This paper presents results from a recent effort 
initiated under the JUPITER-II collaborative program for 
high temperature gas-cooled blanket systems using 
SiCf/SiC as a structural material. Current emphasis is to 
address issues associated with the function of the helium 
gas considered in the DREAM and ARIES-I concepts by 
performing thermomechanical and thermofluid analysis. 
The objective of the analysis is to guide future research 
focus for a task in the project. It is found that the DREAM 
concept has the advantage of achieving uniform 
temperature without threatening blanket pebble bed 
integrity by differential thermal stress. However, its 
superiority needs to be further justified by investigating 
the feasibility and economic issues involved in the tritium 
extraction technology. 
 
1.  Introduction 
 

As a candidate for fusion blanket structural materials, 
SiCf/SiC shows significant advantages for use in high 
temperature operations. Its use has been suggested with 
LiPb blanket systems as well as with helium-cooled 
ceramic breeder blanket systems. Thus, both the design 
and issue relevant R&D emphasis for SiCf/SiC can be 
different depending on the breeder/SiC/coolant 
combination. This paper focuses on the issues derived 
from a recent effort initiated under the JUPITER II 
collaborative program and centers around the SiCf/SiC 
based helium gas-cooled ceramic breeder blanket systems 
of DREAM Nishio et al. [1,2] and ARIES-I Najmabadi et 
al. [3] design concepts. One of the major differences 
between the DREAM and ARIES-I concepts is the 
function and the associated operating conditions of the 
helium gas. This generates an immediate impact on the 
SiC/breeder/helium material system R&D, and thus 
warrants a careful evaluation of the merits and feasibility 
of each concept. 

Both design concepts utilize millimeter-size pebble 
materials for neutron multiplying and tritium breeding 
regions, with helium gas flowing through it. The helium 
gas in the DREAM concept serves as the coolant for heat 
removal as well as the purge gas for tritium removal and 

flows directly through the pebble bed regions. In contrast, 
there are two helium streams adopted in the ARIES-I 
concept: a high pressure, high velocity one which serves 
as the coolant, and a low pressure stream with a much 
lower velocity for tritium purge. In this system, only the 
low-pressure purge gas flows through the packed bed 
regions. A single gas stream system, as in the DREAM 
concept, has the advantage of a simpler blanket design 
with a more uniform temperature distribution to maximize 
SiC’s potential for high thermal efficiency. However, its 
thermofluid characteristics, such as flow distribution and 
stability, are questionable and become the focus of the 
present study. On the other hand, the consequence of the 
thermomechanical interaction between the pebble 
materials and SiCf/SiC structural clad poses a threat to the 
thermomechanical integrity of breeder and beryllium 
pebble beds. Recent results in this area of JUPITER-II 
efforts are presented and discussed in Section 3. 
 
2. Thermofluid analysis of helium gas in the DREAM 
concept 
 
    In the DREAM concept, helium gas first flows through 
the cooling paths in the side wall to the first wall. It then 
flows into the module through the porous partition wall, 
cools the internal pebble bed breeding materials and is 
collected at the outlet pipe. The 10 MPa helium gas enters 
the module at an inlet temperature of 873 K (in the 
calculation,the inlet temperature to the blanket zone is set 
at 938 K). The estimated module flow rate is about 0.48 
kg/s for a coolant temperature rise of 250 K in the blanket 
zone. A typical size of the module is about 0.5 m in the 
toroidal direction with internal zone sizes of 0.18 and 
0.115 m for breeding and multiplier zones, respectively. 
In addition, a single size pebble bed in the proposed 
geometrical dimension has a typical packing density of 
62% in the bulk region. The analysis of helium gas flow 
through a packed bed is based on Darcy-Brinkman-
Forchheimer ’ s equation for an incompressible steady 
flow [4]. It states that: 
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where uα and uβ are the velocities in the toroidal and 
radial directions, ρ is gas density, x the coordinate, p the 
pressure, φ  the porosity, μ andμeff are the dynamic and 
effective dynamic viscosity. The subscript α and β are 
for coordinates. The superscript i implies that the quantity 
is defined as the fluid-based average value. Definitions of 
the permeability (K) and the inertia coefficient (F) can be 
found in Ref. [4]. 

A two-fluid, non-thermal equilibrium model is 
considered to solve the heat transfer characteristics and 
temperature distribution inside the blanket zone. The 
energy equations based on Amiri and Vafai [5] are 
applied to solve the temperature distribution. Additional 
details in the model include adopting a detailed porosity 
distribution for the pebble bed Muller [6] and Wakao and 
Kaguei’s [7] model to account for lateral heat dispersion. 
The numerical model for thermofluid analysis of such a 
blanket module includes 114×57×40 grid points for a 
half-blanket region considering symmetry at the center 
plane. Moreover, the model includes a 3-mm thick 
membrane partition plate with a 10% porosity to separate 
the beryllium pebble bed region from the breeder bed 
region. The SIMPLE method is adopted to solve the 
aforementioned differential transport equations. 

A distinct feature associated with the velocity 
distribution is a wall channeling effect, as shown in Fig. 1, 
where the velocity overshoot can be seen near the 

 
 
sidewalls. This is attributed to the fact that the porosity 
near the wall is higher and thus the permeability is also 
higher. The helium flow becomes slightly stagnant behind 
the partition membrane plate as shown in the same figure. 
However, this reduction in velocity does not cause a 
significant increase in the temperature. As shown in Fig. 2, 
the calculated maximum temperature of 1191 K at the 
outlet is similar to the estimated temperature according to 
the simple energy balance analysis of 1188 K. The 
temperature near the wall is slightly higher than that of 
the core region because the low conductivity gas is 
concentrated near the region, as well as the fact that an 
insulated boundary is assumed. Interestingly, the helium 
velocity increases as it moves toward the manifold 
because its temperature magnitude increases. The 
overall helium pressure drop (～0.2 MPa) is small due to 
a relatively short flow path. 
 
3. Thermomechanic interaction of breeding pebble 
beds and SiC/SiCf 
 

In the ARIES-I design, pebble beds of lithium 
ceramics and of beryllium are clad between two SiC 
composite coolant panels, which are cooled by high 
pressure helium gas. A disadvantage of such a design 
arrangement is the narrow operating temperature window 
for the solid breeder, which undermines the benefit of the 
high temperature capacity of SiC/SiCf. A typical 
operating temperature window for solid breeders such as 
Li2TiO3 falls between 673 and 1193 K. To take full 
advantage of the SiC operation for high thermal efficiency 
(such as temperature above 1073 K), this can leave an 
extremely small temperature window (of ～100 K) for 
solid breeder operation. The thermal efficiency for 
ARIES-I is about 46% as compared to the thermal 
efficiency of 50% as indicated in the DREAM concept. A 
design goal is to improve the thermal conductance of a 
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 relevant SiC/breeder bed unit-cell such that a uniform 
temperature distribution can be achieved with an 
engineering practical spacing between SiC/SiCf coolant 
panels. 

However, a more important issue for such an 
arrangement is the consequence of the thermomechanic 
interaction between different blanket elements. During 
reactor operation, the stresses generated from differential 
thermal expansion between breeder pebble bed and 
SiC/SiCf containment structure, and/or the irradiation 
swelling of particles may break the particles and endanger 
safe blanket operation, particularly if heat and tritium 
removal significantly deteriorate due to ceramic particle 
breakage. Thus, the determination of the resultant stress 
magnitude and its evolution is important in the design of a 
solid breeder blanket. In viewing this, a cylindrical pebble 
bed thermomechanical test assembly (as shown in Fig. 3) 
was constructed to evaluate this effect. Specifically, the 
ceramic lithium orthosilicate pebbles were enclosed 
between two CVD SiC plates that were fixed at their 
circumference. In the experiment, the deformations of the  

 

 
 
top SiC plate, with respect to temperature rise, were 
measured and shown in Fig. 4. The deformation reflected 
the amount of bending of the SiC plate under the effect of 
the differential thermal stress and the applied constrained 
mechanical boundary. The maximum thermal stress 
magnitude was estimated to be 2.0 MPa using a bed 
modulus calculated from a discrete element micro-
thermomechanic code Lu [8], which was then inputted to 
a finite element code MARC [9] for the pebble bed 
thermomechanical analysis. This small stress magnitude 
has been significantly magnified at the particle/wall and 
particle/particle contacts as a result of small contact areas, 
as shown in Fig. 5. This also caused a thermal creep to 
occur as revealed in Fig. 4,as the deformation decreased 
as the bed temperature was kept at a constant value. The 
effect of temperature on bed thermal creep behavior was 
studied and presented in Fig. 6. As shown, as creep was 
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initiated, both the stress magnitude and the creep rate 
were reduced. However, at a bed temperature of 1000 K, 
the creep evolution followed a parabolic behavior for a 
longer time, as opposed to the linear function of time 
observed at lower bed temperatures. The creep as a 
function of time was studied numerically and compared 
with the experimental data using a modified effective 
macro-creep model Buehler [10]: 
 

 
 
where A(T) has been obtained experimentally Reimann 
and Woermer [11], and the macro scale stress σ was 
estimated through the stress at the contactσc using the 
contact (rc) and the particle (rp) radii: 
 

 
 

The comparison shown in Fig. 7 indicated that the 
numerical simulation by DEM Ying et al. [12] using the 
Buhler effective macro-model was able to capture the 
trend of the experimental data concerning thermal creep 
characteristics; however, the absolute values would still 
need to be resolved by finding the correct material 
properties. 
 
4.  Summary 
 

In this paper, two SiC composite structure based 
helium-cooled ceramic breeder blanket design concepts 
were assessed and focused on the issues associated with 
the scheme and function of the helium considered in the 
designs. The results indicate that flowing helium coolant 
directly through the pebble beds as in the DREAM 
concept appears to give a simpler configuration and 
shows a much more uniform temperature profile in the 

blanket zone. The wall channeling effect produces a slight 
disturbance to the helium velocity profile, but does not 
spoil the temperature distribution. On the other hand, 
thermomechanical interaction as a result of the operating 
temperature difference between the breeder pebble bed 
and SiC/SiCf coolant plate remains as a key issue for 
ARIES-I type concept. Design solutions such as spring 
loading and/or a floating boundary could be implemented 
to minimize the interaction as well as to accommodate 
any consequences that result from differential thermal 
stress and irradiation swelling.  
However, the superiority of directly flowing helium 
coolant through the pebble bed depends on the feasibility 
and economic considerations involved in tritium 
extraction. A typical solid breeder blanket design utilizes 
a low-pressure helium gas for tritium removal. Extracting 
tritium from the high pressure, high temperature helium 
coolant could be costly due to a much lower tritium 
concentration existing in the coolant. This possibility 
should be assessed. 
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     This paper presents the first results obtained in a facility 
constructed at the University of California, Los Angeles to 
study the interaction of ceramic breeder pebble beds with 
structural materials in conditions relevant to fusion energy 
power plant blanket operations. The experiments study the 
thermo-mechanical performance of lithium meta-titanate 
oxide (Li2TiO3) pebbles and silicon carbide clad 
constrained by a low thermal expansion alloy in vacuum 
and He atmosphere. The results show that large 
deformations due to induced thermal stresses are present 
during the first heat cycle but afterward are accommodated 
by a combination of pebble re-arrangement within the bed 
and thermally induced creep deformation. Initial results of 
a numerical simulation of the experiments using a finite 
element code that includes creep deformation is also 
presented. Planned operation of the UCLA thermo-
mechanics test facility is summarized to conclude the paper. 
 
 
I. Introduction 
 
     The thermo-mechanical performance of lithiumbased 
ceramic materials is a critical issue for assessing the 
reliability of solid breeder blanket concepts over the 
lifetime of the component. The investigation of the effect of 
the thermal cycling typical of a fusion energy power plant 
on the blanket components is complicated by the coupling 
of the thermal and structural behavior intrinsically related to 
the use of pebble beds as breeding material. The pebble bed 
as a whole can be described as an intermediate phase 
between solid and liquid, with properties depending on the 
fraction of voids present in the bed volume. The void 
fraction initially depends on the porosity and the initial 
packing of the pebbles, but can vary locally through the 
component lifetime due to the cycling variation of the 
applied stresses and to irradiation. For example, the 
formation of a void between the pebble bed and the 
structure due to creep relaxation would lead to a local 
deterioration of the interface heat transfer and the creation 
of a hot spot. The effect of thermal cycling is further 
aggravated by the degradation of materials mechanical 
properties due to neutron irradiation, and final assessment 
of blanket component reliability will only come from an 
integrated experiment such as ITER. 
     The focus of the experimental work initiated at the 
University of California, Los Angeles is the investigation of 
the combined thermal and structural response of blanket 
candidate materials exposed to thermal cycles that are 
representative of fusion energy power plant conditions. In 
particular, the study is aimed at the characterization of the 
cumulative effect of the plastic behavior of the pebbles 

resulting from thermal cycling on various assemblies that 
integrate all the components of different blanket concepts: 
breeding material, structure and coolant. The integrated 
tests will generate comparative data on various candidate 
materials and guide the design of more complex 
experimental facilities such as the ITER Test Blanket 
Module. This paper specifically reports on the results 
obtained with a test article that integrates lithium 
metatitanate oxide (Li2TiO3) as breeder, silicon carbide as 
cladding and a low thermal expansion alloy (Kovar) as the 
structure. The choice is motivated in part by the ongoing 
research effort under the JUPITER II collaborative program 
that is aimed at the development of high temperature gas-
cooled blanket systems with coolant output temperature as 
high as 900 oC [1,2]. The experimental data available on the 
thermo-mechanical properties of Li2TiO3 are not as 
extensive as for other ceramic breeder candidate materials 
and even fewer data are available on compatibility with 
silicon carbide. 
 
 
 
 
 
 
 
 

 
Fig. 1. Test article inside high temperature furnace. 
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Fig. 2. Test article schematic and finite element meshing. 
 
 
II. Thermo-mechanic response of Li2TiO3 pebble beds 
and silicon carbide 
 
     The thermo-mechanic tests described in this paper have 
been performed in a cylindrical vacuum vessel 0.4m in 
diameter and 0.46m high. The vessel houses a second 
stainless steel enclosure that is designed as a radiative 
shield as well as a support for the heating filaments. The 
enclosure is formed by two hemispherical halves plus a top 
and bottom plate. Fig. 1 shows one of the hemispherical 
halves mounted on the vessel base while the other is 
removed to access the test article. Eight pairs of tungsten 
filaments mounted around the test article are used as 
radiative heating elements with a peak power of 3.6kW. 
The filaments are mounted over a molybdenum shield 
insulated by ceramic posts that serves as primary radiative 
and thermal shield. The test article is shown in Fig. 2 as a 
map of the finite element mesh used in the simulation that is 
described in more details at the end of this paper. It is 
formed by two 0.15m Kovar flanges and a sandwiched 
assembly of two commercial graded CVD silicon carbide 
discs and Li2TiO3 pebbles supplied by C.E.A. Saclay and 
fabricated with the extrusion–spheronisation–sintering 
process [3]. The discs are 0.10m in diameter and 3.2×10−3 
m thick, while the average diameter of the pebbles is 7×10−4 
m. The initial bed height is 15.3×10−3 m. The temperature is 
measured at the center of the bottom SiC disc and on two 
diametrically opposite locations of the upper disc side. The 
properties of the materials are summarized in Table 1. 
     The listed properties of Li2TiO3 are the “effective” 
properties of the pebble bed used for the finite element 
analysis [4]. The temperature dependence of the thermal 
expansion coefficient of the materials is separately plotted 
in Fig. 3. Measured densities of the bed obtained on a 
vibration table range from 1997 to 2023 kg/m3, which 
corresponds to packing fractions ranging between 58 and 
59% of the theoretical density of Li2TiO3 (3440 kg/m3) or 
67.5 and 68.4% of the effective density of the pebbles (86% 
of TD due to material porosity). The pebbles color changes 
slightly after each cycle, turning from white to a light color 
between blue and gray. The change has been previously 
observed and explained as a phase transformation during 

annealing in an oxygen-free atmosphere that leads to the 
formation of different Ti oxides on the pebbles surface [5,6]. 
The function of the flanges is to establish an initial known 
compression on the silicon carbide and pebble bed 
assembly and to ensure an adequate mechanical constrain 
through the thermal cycle. Eight equally spaced bolts 
initially compress the flanges with a measured force of 
about 1300N each. They are machined from the same low 
thermal expansion material of the flanges to ensure the 
same response to the thermal cycle. The force is transferred 
from the upper flange to a small section at the edge of the 
silicon carbide disc, constraining the edge of the disc but 
allowing the center to expand during the heat cycle. If the 
compressive load is assumed to be uniform on the whole 
pebble bed contact area the resulting precompression is 
1.32×106 Pa. The large dimension of the flanges ensures 
that the load is distributed relatively uniformly across the 
pebbles, allowing high compressive stresses but local 
contact forces below the failing threshold of the ceramic 
material. The drawback is that the current test article has a 
large thermal inertia with typical thermal cycles are of a 
few hours. As the temperature increases the pebbles act on 
the SiC disc because of the higher thermal expansion. As a 
result the disc bends, and the capacitive sensor embedded in 
the upper flange reads the maximum displacement at the 
plate center. The analysis of the experimental results is 
complicated by the fact that the sensor is not an absolute 
reference, since it is mounted on a structure also subject to 
deformation. The effect of the expansion of the sensor 
(which has a stainless steel enclosure) and the alloy 
structure in which is embedded was evaluated by testing the 
assembly without a compressive force, and the resulting 
deformation was measured to be less then 40μm and 
constant after 600 oC. This effect is responsible for the 
initial increase of the measured gap observed in the data. 
Fig. 4 shows a representative set of data from the first (# 0) 
and second (# 1) thermal cycle of a thermo-mechanics 
experiment with the described test article. At low 
temperatures the expansion of the pebbles is countered by 
that of the flange on which the measuring sensor is 
embedded. During the first cycle at temperatures above 700 
oC, the gap is gradually reduced by about 580μm due to a 
combined effect of thermal expansion and pebble re-
arrangement in the bed. After about 3 h from the start of the 
heating cycle and 30 min at a constant temperature of 800 
oC the effect of the stress relaxation due to the thermally 
induced creep in the ceramic material becomes visible and 
the gap increases logarithmically at constant temperature to 
an asymptotic value 120μm smaller than the initial value, 
which is completely recovered after cooling indicating that 
the disc is again straight. It is to be noted here that the 
uniform plastic deformation of the pebbles induced by the 
creep as well as the compacting of the bed due to re-
arrangement during the thermal cycle cannot be recorded by 
the sensor, which measure only the displacement of the SiC 
disc center. However, the bed height after the second cycle
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Table 1 
Properties of test article materials 

 
 

 
Fig. 3. Temperature dependence of test article materials 
coefficient of thermal expansion. 
 
was measured to be about 200μm smaller than its initial 
value, accounting for an effective residual volumetric 
deformation of about 1.3%. Future experiments will include 
absolutely referenced LVDT sensors to accurately measure 
the accumulated plastic strain. During the second cycle 
showed the pebbles have already been compacted and the 
gap reaches the same asymptotic value without the initial 
swelling. Further consecutive thermal cycles of the same 
materials have been performed after re-arranging the pebble 
bed to recover the initial compressive load. The results are 
similar to the second cycle showed in Fig. 4, with the 
exception that the asymptotic value is lower due to the 
higher initial stress, ranging between 250 and 150μm lower 
than the initial value. 
 

 
Fig. 4. Displacement and temperature data from two heat 
cycles of test # 4. 

III. Finite element method numerical simulation 
 
     There has been a wide research effort recently aimed at 
quantifying the properties of lithium-based ceramic pebble 
beds [7,8]. The simplest models rely on the continuum 
material assumption and are derived by fitting a generalized 
expression with data collected from simplified experiments 
with a limited number of variables, such as the uni-axial 
compressive tests at FZK [9,10]. As mentioned in Section 1, 
the thermo-mechanic tests described in this paper offer an 
opportunity to compare different models against 
experimental data obtained in an integrated experiment. The 
modeling effort here presented was carried on using the 
finite element code ANSYS [11]. The code was chosen 
because UCLA already has the capability of running it on 
parallel processors, which could allow for future modeling 
of large three-dimensional blanket structures. ANSYS 
contains a graphical user interface which allows the 
generation of complex, adaptable meshes once a 
geometrical model and a set of loads are defined (Fig. 2). 
The model assumes axi-symmetrical geometry and loads, as 
well as simplified interface conditions between the various 
materials (all the degrees of freedom are coupled for 
adjacent elements) and uniform material properties in all 
directions (Table 1). The ANSYS thermal analysis tool is 
first used to derive the nodal temperatures as a function of 
time. The experimental heat cycle was simulated by 
imposing a uniform, time-dependent temperature at all 
nodes corresponding to the locations in the experiment that 
are exposed to the radiative heat flux. The ANSYS 
mechanical analysis tool was then used to calculate the 
stresses and deformations due to the thermal cycle with the 
additional boundary condition of zero displacement in the 
vertical directions at the nodes corresponding to the 
locations in the experiments covered by the bolts washers. 
The thermally activated creep model derived by Buhler and 
Reimann [7] was introduced by using the time hardening 
option of ANSYS where the equivalent creep strain rate is: 
έcr = 0.12C e−7576/T σ0.65t−0.82 
where T is the absolute temperature, σ the equivalent stress, 
t is time and C a correction factor that accounts for the fact 
that the measured data from which the constants are derived 
refer to the volumetric strain rate [4]. The model predicts a 
swelling of the center of the upper disc of 640μm after 3 h, 
which is consistent with the experimental results. However, 
the few elements in contact with the edge of the disc 
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howunrealistic values of stress and deformation. 
Furthermore, because of the large local deformation 
convergence of the non-linear, time-dependent structural 
solution is obtained only for small time steps, which is 
incompatible with the simulation of the cumulative effect of 
multiple heating cycles over extended period of time. 
Further refinement of the model is needed in the contact 
regions where the element sizes becomes comparable or 
smaller than the single pebbles diameter, possibly by using 
tailored contact elements to better simulate effective 
interface and experimental load conditions. 
 
 
IV. Conclusions and future plans 
 
     The first of a series of integrated experiments aimed at 
characterizing the thermo-mechanic performance of various 
structural, cladding and breeding materials for fusion 
energy blankets has been presented. Lithium meta-titanate 
oxide and silicon carbide were chosen among the material 
candidates to investigate the feasibility of high temperature 
gas-cooled blanket concept. The experimental results 
indicate that high thermal stresses and deformations are 
present during the initial thermal cycle of the assembled test 
article, but are successively accommodated due to a 
combination of pebble re-arrangement within the bed and 
creep induced deformation. This suggests that a few thermal 
cycles under controlled atmosphere and a compressive load 
before final assembling of blanket sections would allow a 
beneficial reduction of the swelling and related thermal 
stresses during start-up. Future plans include further 
experiments with low mass test articles with local active 
cooling that will allow to reproduce thermal cycles that are 
more representative of fusion energy power plant operation, 
as well as controlled thermal gradients across the pebble 
bed. Different combinations of structural, cladding and 
breeding materials as well as test article geometries will be 
tested. The cumulative effect of the plastic deformation of 
the bed will be studied to investigate the possible formation 
of gaps between the pebbles and the surrounding structural 
material. The finite element model will be refined and the 
results of time hardening due to creep deformation 
compared to those of the experiments over shorter, multiple 
heat cycles. 
 
 

Acknowledgement 
 

     TThisworkwas performed under U.S. Department of 
Energy contract DE-FG03-ER52123 and under US-JA 
JUPITER-II collaborative effort. 
 
 

References 
 
[1] S. Nishio, S. Ueda, R. Kurihara, T. Kuroda, H. Miura, K. 

Sako,et al., Prototype tokamak fusion reactor based on 
SiC/SiC composite material focusing on easy maintenance, 
Fus. Eng. Des.48 (2000) 271–279. 
[2] The ARIES Team, High performance blanket for 
ARIES-AT power plant, Fus. Eng. Des. 58–59 (2001) 549–
553. 
[3] J.D. Lulewicz, N. Roux, Fabrication of Li2TiO3 pebbles 
by the extrusion–spheronisation–sintering process, J. Nucl. 
Mater. 307–311 (2002) 803–806. 
[4] J.H. Fokkens, Thermo-mechanics finite element analysis 
for the HCPB in-pile test element, NRG report 
#21477/02.50560/P, 2003. 
[5] G. Piazza, J. Reimann, E. Gunther, R. Knitter, N. Roux, 
J.D. Lulewicz, Behavior of ceramic breeder materials in 
long time annealing experiment, Fus. Eng. Des. 58–59 
(2001) 653–659. 
[6] L.C. Alves, E. Alves, M.R. da Silva, A. Paul, A. La 
Barbera, Li ceramic pebbles chemical compatibility with 
Eurofer samples in fusion relevant conditions, J. Nucl. 
Mater. 329–333 (2004) 1295–1299. 
[7] L. Buhler, J. Reimann, Thermal creep of granular 
breeder materials in fusion blankets, J. Nucl. Mater. 307–
311 (2002) 807–810. 
 

233



Numerical characterization of thermo-mechanical performance of breeder pebble beds 
Zhiyong An *, Alice Ying, Mohamed Abdou 

a Mechanical and Aerospace Engineering Department, UCLA, Los Angeles, CA 90095-1597, USA 
 
     A numerical approach using the discrete element method 
(DEM) has been applied to study the thermo-mechanical 
properties of ceramic breeder pebble beds. This numerical 
scheme is able to predict the inelastic behavior observed in 
a loading and unloading operation. In addition, it 
demonstrates that the average value of contact force 
increases linearly with overall pressure, but at a much 
faster rate, about 3.4 times the overall pressure increase 
rate. In this paper, the thermal creep properties of two 
different ceramic breeder pebble materials, Li4SiO4 and 
Li2O, are also examined by the current numerical code. The 
difference found in the properties of candidate materials is 
reflected numerically in the overall strain in the pebble bed 
when the stress magnitude becomes smaller. 
 
 
I. Introduction 
 
     Ceramic breeder pebble bed is an important component 
in the solid breeder blankets. Practical use of the breeder 
pebble beds in fusion power reactors requires good 
characterization of the thermomechanical behavior and 
irradiation effects of the pebble beds. Different from solid 
materials, mechanical behavior of the pebble beds is not 
only dependent on the pebble materials, but also related to 
other parameters (e.g., pebble size, packing density of the 
pebble bed and bed structure, etc.). Experimental and 
numerical approaches [1–3] have been tried to quantify the 
thermo-mechanical characteristics of ceramic breeder 
pebble beds. According to previous works, ceramic pebble 
beds show inelastic mechanical behavior, and at elevated 
temperatures, the pebble bed behavior is affected by 
thermal creep deformation, especially in the first 10 h of 
operation. However, due to the lack of a detailed and 
insightful description of pebble bed properties, the existing 
predictive capability mainly based on experimental 
approaches may not fully quantify their thermomechanical 
state. A numerical algorithm based on the discrete element 
method is currently being developed by the UCLA Fusion 
Science and Technology Center to predict the thermo-
mechanical behavior of ceramic breeder pebble beds, 
particularly in the timedependent creep deformation regime. 
In the discrete element method (DEM), each individual 
particle is separately considered; particles are connected 
only through contacts by appropriate physics-based 
interaction laws. As mentioned in a previous paper [4], 
compared to experimental work, this numerical algorithm 
can provide more comprehensive information, such as the 
magnitude of the force at inter-particle contacts, as well as 
the stress–strain relationships of a pebble bed. With that 
information, we can obtain information on the likelihood of 
particle breakage and the thermal conductance at the 

bed/clad interface. In this paper, we will exploit the thermo-
mechanical properties of ceramic breeder pebble beds with 
respect to compressive loading at high temperature. For our 
program, a new inter-particle model, which is based on 
Hertz –Mindlin ’ s formulation [5], has been updated to 
include thermal creep deformation. In general, for contacted 
particles, thermal creep deformation increases contact area 
and decreases contact stresses. The new microstructural 
plasticity model describes the creep behavior of contacted 
particles, which can be easily incorporated into our discrete 
element program. 
 
 
II. Algorithm of numerical simulation 
 
     In the DEM program, the thermo-mechanical behavior 
of the ceramic breeder pebble bed can be modeled as a 
collection of particles interacting via Hertz–Mindlin contact 
interactions. When the stresses and temperature are high 
enough, creep deformation needs to be considered. Fig. 1 
shows two typical particles in contact in a packed pebble 
bed. The inset figure on the right shows the von Mises 
 

 
Fig. 1. Sketch of two contacting particles. (The right-inset 
figure shows a FEA simulation and light color areas stand 
for the highest stress.) 

 
stress distribution calculated by finite element analysis 
(FEA). We can see that stresses are non-uniform and are 
highly concentrated near the contact. During the simulation, 
the contact radius, a, is an important parameter for 
determining the displacement of two particles. At each 
contact, a virtual spring is applied to simulate the particle–
environment relationship. A contact force can be calculated 
by the deformation and the stiffness of the virtual spring. 
The stiffness of the virtual spring, including contact normal 
and shear stiffness, is determined by the properties of the 
contacting particles and their deformation. In this code, all 
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ceramic breeder pebbles are assumed to have a spherical 
shape. The contact force and the stiffness of the contacting 
pebbles are estimated from Hertz–Mindlin’s formulation. 
The contact force and stiffness will be updated when creep 
deformation needs to be considered. For each particle, the 
resultant force and stiffness are directly obtained by 
summing these properties over all its contacts. During our 
simulations, the contacts inside a pebble bed will be 
determined by particle position and geometry. Between 
each cycle, the pebble bed is unsteady and the movement of 
each particle will be calculated by its summed contact force 
and stiffness. For example, if the resultant force of a 
particle in the x-direction is not equal to zero, there is an 
incremental displacement in the x-direction, which is 
obtained by dividing the resultant force by the stiffness. In 
our program, the friction at the contacts is also considered. 
The following equations are used to determine the 
movement of particles:  

 
Otherwise, 

 
where kf = tanφ·μ is the friction coefficient at contacts and 
kx is the resultant stiffness in x-direction. At high stresses 
and elevated temperatures, creep deformation will affect the 
normal and friction forces at the contact. In particular, 
contact stresses will be relaxed due to contact neck increase. 
In general, creep deformation for materials can be evaluated 
by power-law creep: 

 
where the coefficient c is dependent on material properties 
and temperature, r is the von Mises stress in MPa, n is the 
stress exponent and έ is the creep rate in s-1. In the literature 
[6,7], a stress exponent of around 3.6 ± 0.5 was found for 
Li2O in the temperature range of 700–800 oC and stress 
range of 15–45 MPa. For 90% dense Li4SiO4, the stress 
exponent is about 3.6 ± 0.2 with a temperature around 850 
oC and the stress range is about 50– 200 MPa. In our 
numerical program, it is assumed that the rate of increase in 
contact radius due to creep deformation is on the same 
order as the shrinkage rate of the two contacting particles. 
As shown in Fig. 1, for two contacting particles, high 
stresses are concentrated at the contact area. Under Hertz–
Mindlin’s contact theory, the maximum stress is located at 
about 0.57a from the contact interface, where a is the radius 
of the contact circle. According to the geometry of two 
contacting spheres, the power-law creep deformation will 
affect the contact area as shown in the following equation: 

 
where α = 0.57a. And in the above equation, έa can be 
obtained by solving: 

 
where t is creep time and a0 is the initial value of the contact 
radius. Fig. 2 shows the local contact creep deformation 
model for particle material with c = 10-17 and n = 4.0. The 
above equation is in good agreement with the finite element 
analysis result, where creep deformation is calculated for 
two particles. The above creep model is derived from two 
perfect contacting spherical particles, without any breaking 
during deformation. For non-spherical particles, the mass 
involved with creep deformation is difficult to calculate, 
however, a contact circle with the same area size can be 
equivalent to an irregular contact area. Further study needs 
to specify the coefficient in Eq. (4). 
 

 
Fig. 2. Verification of DEM creep model compared with 
FEA simulation of two particles. 
 
 

 
Fig. 3. Stress–strain behavior of a rectangular pebble bed 
under uniaxial pressure (along y-direction). 
 
 
III. Mechanical properties of pebble beds 
 
     Fundamental mechanical properties of lithium ceramics 
have been obtained from previous experiments. However, 
after a lithium ceramic is packed in the form of a pebble 
bed, its mechanical properties are much different from its 
properties as a bulk material. Based on experimental results, 
Reimann et al. [1] provided the effective mechanical 
properties of ceramic breeder pebble beds. The effective 
constitutive equations derived from these experiments show 
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a nonlinear behavior of the macroscopic stress – strain 
relation. As they are based on a continuous model, no detail 
can be derived on ’particle’ quantity like the deterministic 
way whether or not the particle is under stress high enough 
for creep deformation. 
     Fig. 3 shows the stress–strain response of a ceramic 
pebble bed with Li4SiO4 breeder materials. The small figure 
shows the geometry of the tested pebble bed. First, 
numerical results show that the mechanical behavior of a 
pebble bed system is inelastic, and the stiffness of a pebble 
bed is dependent on applied loading. Second, the results 
show that irreversible pebble displacement is generated 
after one loading–unloading cycle. This is a plastic-like 
behavior of particular materials. In other tests, it has been 
found that this property is related to bed packing properties 
such as packing density, particle size distribution, geometry 
of the pebble bed container, etc. For fusion blanket design, 
vibration packing is an important process to achieve 
consistent experimental results in order to eliminate or 
minimize this effect. One advantage of discrete element 
analysis is that information about pebble-to-pebble contacts 
inside the pebble beds can be obtained through calculation. 
     Fig. 4 shows the distribution of contact force under 
different loads. The contact forces inside the pebble bed 
increase significantly with loading. The inset figure shows 
that the rate of increase in the average contact force value is 
about 3.4 times the rate of increase of the applied pressure. 
Based on this information, breeder structure loads can be 
designed to prevent exceeding the crush force of breeder 
pebbles. 
 
 
 
 

 
Fig. 4. Distribution of particle contact force as a function of 
applied load. (The inset figure shows the magnitude 
relationship between average contact force and overall 
pressure.). 
 
 
 
 
 

IV. Analysis of creep deformation 
 
     Creep deformation under constant thermal deformation 
is more typical for fusion blanket design. Under 
compression, deformation will increase the contact area 
between particles and reduce the thermal stresses generated 
inside the pebble beds. On the other hand, when the 
breeding blanket is exposed to a pulsed irradiation 
environment, the creep deformation will cause a total 
volume loss in the pebble beds and may generate some gaps 
between the pebble beds and the structure container, which 
potentially can cause the breeder material to exceed its 
operating temperature limit and endanger the operation of 
the fusion reactor. 
     In previous experiments and numerical simulations [1,3], 
the creep deformation has been observed to exist in a 
pebble bed when the temperature is sufficiently high. In this 
paper, the relation between the creep strain rate of materials 
in bulk and pebble bed form will be explored. Our DEM 
simulation code was applied to two different breeder 
materials, Li4SiO4 and Li2O. The mechanical properties are 
listed in Table 1.  
     Fig. 5 shows the code prevision for the axial creep strain 
and strain rate of Li4SiO4 and Li2O pebble beds under 
uniaxial pressure, when the temperature is about 850 oC. 
The pressure applied in this calculation is about 10 MPa on 
the top and bottom surfaces. The two of the lines show that 
the creep strains of pebble beds with different breeder 
materials are similar during the first three hours, but the 
Li2O pebble bed shows a larger creep strain after three 
hours. Two data points in Fig. 5 show the creep strain rates 
of the same two pebble beds; there is not much difference 
between them. Similar to experimental results, numerical 
data of both ceramic breeder pebble beds show that the 
creep strain rate decreases over time, even though the load 
remains constant. When considering the load on a pebble 
bed as equivalent to the pressure on a bulk material, the 
strain rate of a pebble bed is much higher than that of solid 
material. This means that contact stresses concentrated near 
the contact areas can enhance the creep deformation of 
materials. 

 
Fig. 5. Axial creep strain and strain rate of Li4SiO4 and 
Li2O pebble beds under uniaxial pressure (P = 10 MPa).
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Table 1 
Summary of material properties of lithium ceramic breeder materials 

 
 
 
V.  Conclusion 
 
     The current numerical approach will help us to better 
understand the thermo-mechanical properties and 
characteristics of ceramic breeder pebble beds. As revealed 
in the analysis, it is particularly exciting that the contact 
force at particle/particle contacts can be correlated with the 
external applied pressure. Our approach provides a flexible 
method to predict the mechanical performance of breeder 
pebble beds under different temperature or boundary 
conditions, as well as thermal creep deformation. Numerical 
results of two different ceramic breeder pebble materials, 
Li4SiO4 and Li2O, show that the creep strain rate of pebble 
beds are higher than bulk materials at steady state, while the 
difference between different pebble beds thermal creep 
magnitude is less significant than the difference between 
pebble beds and the bulk material. In the future, more 
complex cases, including thermal expansion and tri-axial 
loading, will be developed to examine the coupled thermo-
mechanical behavior of ceramic breeder pebble beds. 
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  Silicon carbide composites were fabricated by chemical 
vapor infiltration method using high purity fiber, Hi- 
Nicalon Type-S and Tyranno SA, and non-high purity fiber 
Hi-Nicalon. Bare fibers, SiC/SiC composites and CVD SiC 
were irradiated at 7.7 dpa and 800 oC or 6.0 dpa and 300 
oC. The density of fiber and CVD SiC was measured by 
gradient column technique. Mechanical properties of the 
composites were evaluated by four-point flexural tests. 
Fracture surfaces were observed by SEM. Tyranno SA fiber 
and CVD SiC showed similar swelling behavior following 
irradiation at 7.7 dpa and 800oC. Mechanical properties of 
composites reinforced with Hi-Nicalon Type-S and Tyranno 
SA fibers were stable even following neutron irradiation at 
7.7 dpa and 800 oC. Fracture surfaces of these composites 
following irradiation were similar to those of non-
irradiated composites with relatively short fiber pull-out. 
 
 
I. Introduction 
 
     The superior high temperature mechanical properties and 
low activation make SiC/SiC composites very attractive as 
fission and fusion reactor materials [1,2]. The higher 
thermal efficiency associated with self-cooled solid blanket 
[3,4] or gas-cooled solid blanket [5], where potential plant 
efficiency is 50%, can be available in the fusion blanket 
using SiC/SiC composites. In fusion reactor environment, 
nuclear collisions and reactions with high-energy neutrons 
and particles from fusion plasma have strong impacts on 
materials through the production of displacement damage 
and transmutation effects [6]. Degradation of material 
performance such as mechanical properties, thermal 
properties and so on has been recognized as the key issues 
and extensive efforts have been conducted [7]. Up to this 
point, interfacial properties between the fiber and matrix of 
neutron-irradiated SiC/SiC composites limited mechanical 
performance [8]. This limitation has been attributed 
primarily to shrinkage in the SiC-based fibers due to 
irradiation-induced grain growth of microcrystalline fibers 
[9,10], irradiation-assisted oxidation [11], and potentially 
large dimensional changes of the graphite [10,12] 
interphase applied to the fibers, while matrix swells a little 
by irradiation-induced point defect. Fiber shrinkage leads to 
fiber/matrix debonding as reported by Snead et al. [13] and 
a decrease in elastic modulus and fracture strength. 

Therefore, there is a critical need to optimize the 
microstructure of SiC/SiC composites (i.e. fiber, 
fiber/matrix interphase and matrix) to retain the interfacial 
shear strength between the fiber and matrix. To mitigate 
radiation effects, the recent trend in SiC fiber development 
is toward lower oxygen content, reduced free carbon and 
enhanced crystallinity. The development of more radiation-
resistant SiC composites is based on the use of near 
stoichiometric SiC fibers with lower oxygen and SiC-based 
interphases. Recently, near stoichiometric SiC fibers have 
been developed including Hi-Nicalone Type-S [14], 
Sylramice [15] and Tyrannoe SA [16]. However the effect 
of high dose and high temperature irradiation on the 
SiC/SiC composites reinforced with highly crystalline 
fibers has not been revealed yet. The objective of this work 
is characterization of neutron irradiation effects on high 
purity fibers and their silicon carbide composites for fusion 
application. For this purpose, the effects of high dose and 
high temperature neutron irradiation on mechanical 
properties of SiC/SiC composites reinforced with high 
purity fiber were evaluated. 
 
 
II. Experimental procedure 
 
     The fibers used in this work were TyrannoTM SA (Ube 
Industries Ltd., Ube, Japan), Hi-Nicalon Type-S and Hi-
Nicalone SiC fibers (Nippon Carbon Co., Tokyo,  Japan). 
Both satin woven and plain woven fibers were used to 
fabricate composites with orientation of 0/90o ± 30o. 
Tyranno SA and Hi-Nicalon Type-S fibers contain a 
reduced amount of oxygen and a near-stoichiometric 
chemical composition and consist of b-SiC polycrystalline 
structures while another low oxygen fiber, Hi-Nicalon, has 
excess carbon and does not have highly crystalline structure 
compared with Tyranno SA and Type-S. Representative 
properties and chemical compositions of the fibers [14,17] 
reported by the manufactures are compiled in Table 1. Note 
Tyranno SA fiber used in this work was the first trial piece. 
Tyranno SA fiber has been improved and the mechanical 
properties of a current fiber are slightly different from those 
of the Tyranno SA fiber used in this work. The matrix of 
composite was formed by forced-flow thermal-gradient 
chemical vapor infiltration (FCVI) method [18] at Oak  
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Table 1 
The properties of fibers used in this work 

 
 
 
Ridge National Laboratory. A pyrolitic carbon interphase 
was applied to the fibers by CVI prior to the matrix 
processing. The nominal thickness of the interphase was 
150 and 500 nm. The properties of material used in this 
work are summarized in Table 2. Neutron irradiation was 
carried out in the HFIR 14J capsule at Oak Ridge 
National Laboratory, USA. The fluence and temperature 
of the irradiation were 7.7 × 1025 nm-2 (E > 0.1MeV) at 
800 oC and 6.0 × 1025 nm-2 (E > 0.1 MeV) at 300 oC. The 
sample temperature was controlled by electric heaters.  
      Density was measured using density gradient column 
and chemicals were mixed to generate a column. The 
Density was measured using density gradient column and 
chemicals were mixed to generate a column. The column 
with a density range between 2.90 and 3.10 g/cm3 was 
mixed with bromoform and diiodomethane. Following a 
HF bath at room temperature to remove any surface silica, 
samples were dropped into the column. When the sample 
position was stable, accurate density was measured. 
     The composites were square-cut into 30 (long) × 6.0 
(wide) × 2.2 (thick) mm3 bar for the flexural tests. Four-
point flexural tests were carried out at ambient 
temperature prior to and after the irradiations. The support 
span and the loading span were 20 and 5 mm, respectively. 
The crosshead speed was 0.51 mm/min. Fracture surfaces 
were observed by SEM following the flexural tests. 
 
Table 2 The properties of samples used in this work 

 
 
 
 

 
III. Results 
 
     Figs. 1–3 show the effect of neutron irradiation on 
strain–stress behavior of the four point flexural tests of 
SiC/SiC composites reinforced with plain woven fibers. 
Both composites reinforced with Hi-Nicalon Type-S 
fibers and Tyranno SA fibers were stable to neutron 
irradiations Figs. 4 and 5 show the fracture surface of 
composites reinforced with Hi-Nicalon Type-S and 
Tyranno SA fibers following irradiation at 800 oC. In the 
previous composites containing off-stoichiometric SiC 
fibers such as Nicalon, Tyranno Lox M and Hi-Nicalon, 
significantly long fiber pull-out with more than several 
hundred lm length was seen following irradiation [8,19]. 
However in the composites reinforced with Hi-Nicalon 
Type-S fibers, fiber pull-out was relatively short and 
seemed almost same with non-irradiated composites even 
following 7.7 dpa irradiation. Composites reinforced with 
Tyranno SA fibers showed brittle fracture surface and 
seemed almost same with the non-irradiated composites, 
too. Mechanical properties of SiC/SiC composites 
following irradiation at 800 and at 300 oC are compared 
with those prior to the irradiation in Figs. 6 and 7. The 
Figs. show the relative values, i.e. the value after 
irradiation/ the value prior to irradiation, of modulus, PLS 
obtained from 0.01% strain offset and flexural strength. 
Error bars show maximum and minimum values. The 
composites reinforced with Type-S fibers and Tyranno 
SA fibers with plain weave fabric kept their 
flexuralstrength following irradiation, while the 
composites reinforced with Hi-Nicalon fibers decreased. 
Most of PLS decreased following the irradiation at 800oC, 
while they increased following the irradiation at 300 oC. 
In all composites, the elastic modulus decreased following 
the irradiation with the exception of the composites 
reinforced with Hi-Nicalon Type-S plain weave fabric. 
Normalized density change of Tyranno SA fiber and CVD 
SiC irradiated at 7.7 dpa and 800 oC are shown in Fig. 8 
with those of previous fibers, Nicalon and Hi- Nicalon 
and CVD SiC irradiated at 150oC. Tyranno SA fiber 
swelled slightly following irradiation, while the other 
fibers underwent radiation-induced densification. 
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Fig. 1. Effect of irradiation on flexural behavior of Hi-Nicalon 
Type-S (P/W) samples. 
 
 

 
 
Fig. 2. Effect of irradiation on flexural behavior of Tyranno SA 
(P/W) samples. 

 
Fig. 3. Effect of irradiation on flexural behavior of Hi-Nicalon 
(P/W) samples. 
 
 

 
Fig. 4. Fracture surface of Hi-Nicalon Type-S sample following 
the irradiation at 800 oC. 
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Fig. 5. Fracture surface of Tyranno SA sample following the 
irradiation at 800 oC. 

 
Fig. 6. Effect of irradiation at 7.7 dpa and 800 oC on mechanical 
properties. 
 
 

 
Fig. 7. Effect of irradiation at 6.0 dpa and 300 oC on mechanical 
properties. 

 
Fig. 8. Relative density change of SiC fibers and CVD SiC by 
neutron irradiation. 
 
 
IV. Discussions 
 
Both composites reinforced with Hi-Nicalon Type-S and 
Tyranno SA fibers showed stable mechanical properties 
to even high dose and high temperature irradiation. Of 
particular note, the fracture behavior was completely 
different from previous composites reinforced with 
nonhigh purity fibers. In composites reinforced with 
nonhigh purity fibers, the composites fractured with long 
fiber pull-out following irradiation due to debonding of 
fiber/matrix interface. However, composites reinforced 
with Hi-Nicalon Type-S and Tyranno SA fibers fractured 
with relatively short fiber pull-out even with C interphase, 
and the fracture behavior of the composites following 
irradiation was similar with that of non-irradiated 
composites. C interphase was considered one of the 
critical issues for the degradation of interfacial shear 
strength. However the apparent effect of C interphase 
degradation on mechanical properties were not seen in 
this results. Composites reinforced with Tyranno SA 
fibers showed brittle fracture behavior even following 
irradiation due to weaker fiber strength and rough fiber 
surface attributed to larger grain size than Hi-Nicalon 
Type-S even with same fiber/matrix interphase. This 
fracture behavior is not ideal for composite materials. 
However, it was completely different from previous 
composites after irradiation. Tyranno SA fiber have been 
improved. The grain size decreased and the fiber strength 
increased. Composites reinforced with the current 
Tyranno SA fibers are expected to show superior 
mechanical properties.  Similar fracture behavior between 
irradiated composites and unirradiated composites with 
relatively short fiber pull-out is attributed to similar 
swelling behavior between the fiber and matrix. As shown 
in Fig. 8, there was a large mismatch of swelling between 
previous fiber, such as Nicalon and Hi-Nicalon, and CVD 
SiC. This mismatch caused fiber/matrix interfacial 
debonding and reduced mechanical properties with long 
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fiber pull-out. Normalized density of Tyranno SA is quite 
similar to CVD SiC irradiated at same condition. That is 
the reason that both composites reinforced with Hi-
Nicalon Type-S and Tyranno SA fibers retain their 
fiber/matrix integrity and mechanical properties. In most 
of composites, degradation of modulus was seen. The 
degradation of elastic modulus of CVD SiC following 
irradiation has been reported [20,21] and considered that 
the degradation is inversely proportional to the amount of 
swelling. Fig. 8 shows slight swelling of both fiber and 
CVD SiC, and it is considered that the modulus of both 
fiber and matrix decreased. However effect of irradiation 
temperature on elastic modulus was not clear, while the 
amount of swelling of CVD SiC depends on irradiation 
temperature. Typically, swelling and mechanical 
properties of ceramics saturate by a few dpa [21,22]. 
Perhaps this indicates that composite will be stable to 
much higher dpa, although further experiment of much 
higher dpa is required to confirm it. 
 
 
V. Conclusions 
 
1. Stoichiometric fibers are dimensionally stable to doses 

and temperatures of this study like CVD SiC. 
2. The SiC/SiC composites with reinforced with high 

purity fibers showed stable mechanical properties to 
high dose (7.7 dpa)/high temperature (800oC) 
irradiation. Acknowledgements The authors would like 
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      Key characteristics required for the development of 
fusion-grade SiC/SiC composites are high-crystallinity 
and nearstoichiometry. To identify the primary 
mechanisms of degradation caused by neutron irradiation, 
the radiation behavior of the constituent SiC fibers needs 
to be examined. In this study, single filament tensile tests 
were conducted after neutron irradiation on a recently 
developed highly-crystalline and near-stoichiometric SiC 
fiber; Hi-NicalonTM Type-S. Hi-NicalonTM Type-S fiber 
exhibited excellent strength retention up to 7.7 dpa 
independent of irradiation temperature up to 800 oC. The 
radiation stability of the Hi-NicalonTM Type-S fiber 
directly contributed to the excellent radiation performance 
in composites made with this fiber. The observed 14-20% 
decrease of elastic modulus due to neutron irradiation of 
Hi-NicalonTM Type-S fiber had a minor effect on 
composite strength.  
 
I. Introduction 

 
Silicon carbide based composites (SiC/SiC), considered to 
be a candidate as a structural fusion-gradematerial, 
require excellent radiation stability of all 
constituents:reinforcing fiber, matrix and interphase. 
Siliconcarbide, in nature, exhibits excellent radiological 
properties such as low induced radio-activation and low 
after-heat [1]. Moreover, it was revealed that high-
crystallinityand near-stoichiometry b-SiC matrix, formed 
by chemical vapor infiltration (CVI), exhibited superior 
dimensional and mechanical stabilities under neutron 
irradiation up to 10 dpa [2,3]. In contrast, SiC-based 
fibers containing glassy siliconoxycarbide phases 
(SiCxOy) such as NicalonTM and Hi-NicalonTM (Nippon 
Carbon Co. Ltd.) exhibited severe  dimensional and 
mechanical property changes due to extensive shrinkage 
caused by crystallization of the amorphous SiC phase 
and the presence of radiationinstable impurities such as 
excess carbon [4]. As a result, fiber shrinkage and 
swelling of high-crystallinity SiC matrix caused stress-
induced debonding of the fiber/ matrix (F/M) interphase 
[5]. Recently developed Hi-NicalonTM Type-S (Nippon 
Carbon Co. Ltd.) and TyrannoTM-SA (Ube Industries, 
Ltd.) fibers have offered the possibility of improved 
radiation stability due to the similar microstructures  with 
radiation-stable b-SiC; high-crystallinity and 
nearstoichiometry. In fact, SiC/SiC composites with these 
fibers did exhibit excellent tolerances in shape and 

mechanical properties under neutron irradiation [6,7]. To 
further understand why these composites exhibited 
improved radiation performance, the effect of neutron 
irradiation on fiber constituent alone needs to be assessed. 
The objective in this study is to identify the effect of 
neutron irradiation on mechanical properties of highly-
crystalline and near-stoichiometric SiC fiber by single 
filament tensile testing. Specifically, the effect of high-
temperature irradiation on composite strength up to 800 
oC is evaluated. The effects of neutron irradiation on 
chemical vapor deposited (CVD) SiC and advanced 
SiC/SiC composites are also assessed to explore the 
confirmed development of fusion-grade SiC/SiC 
composites. 
 
 

 
Fig. 1. Schematic illustration of cardboard specimen 
holder for single filament tensile test. 
 
 
II.  Experimental 
 
     Highly-crystalline and near-stoichiometric SiC fiber; 
Hi-NicalonTM Type-S, was used. Key characteristics of 
Hi-NicalonTM Type-S fiber are listed in Table 1. Neutron 
irradiation was carried out in the High Flux Isotope 
Reactor (HFIR) at Oak Ridge National Laboratory as a 
part of the HFIR-14J experiment. Irradiation temperatures 
were 300, 500 and 800 oC, and the irradiation fluence was 
6.0, 6.0 and 7.7 dpa, respectively. It was assumed that 1 
dpa corresponds to 1.0 × 1025 n/m2 (E > 0:1 MeV). 
Experimental details are described elsewhere [8]. 
Fig. 1 shows a design of the cardboard specimen holder. 
Gauge length of tested fibers was 25.4 mm. Both ends of 
a single filament were adhered on the cardboard by epoxy. 
Viscous grease was spread on the fiber surface to capture 
broken fiber segments. Tensile strain was calculated from 
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the distance between two stripes on the flags measured by 
a laser extensometer. The stiffness of test fixture is high 
compared with fiber and its effect on fiber strain was 
considered quite a small. For stress calculation, the fiber 
diameter was estimated by taking the average of three 
measurements on each individual fiber by video 
microscopy. Prepared cardboard specimen was mounted 
by the connecting pins to main fixture and the center of 
the cardboard was cut by scissors taking care not to 

damage the tested fiber just before the testing. Crosshead 
displacement rate was 0.5 mm/min (strain rate: 2.0 × 104 
s-1). Fibers broken within the gauge length were 
recognized as valid. All of the valid data were analyzed 
by Weibull statistics. A detailed description of the test 
methodology was referred in the modified standard by 
Lara-Curzio [9]. 
 

 

 
Table 1 
Key characteristics of silicon carbide fibers 
 

 
Table 2 
Tensile properties of Hi-Nicalon Type-S fibers irradiated at 300, 500 and 800 

o
C 

 
III. Results and discussion 
III.A. Effect of neutron irradiation on Hi-NicalonTM 
Type-S SiC fiber 
 
    Table 2 and Fig. 2 show tensile strength test results 

for Hi-NicalonTM Type-S fiber. It is noted that 5-10% of 
measurement errors of the fiber diameter affected the 
large scatters of tensile strength and tensile modulus. A 
slight decrease in Weibull modulus is observed but there 
was no overall degradation in tensile strength after 
neutron irradiation. Little effect of the irradiation 
temperature on Weibull mean strength was observed 
(approximately +5%, after irradiation). Fig. 3 shows 
normalized Weibull mean strength represented as the 
retention ratio after neutron irradiation. According to 
Osborne et al. [4], strength increase by neutron irradiation 
was typical for amorphous based SiC fibers; NicalonTM 
and Hi-NicalonTM, due to crystallization of the   
amorphous SiCxOy phase or excess carbon. In contrast, 
Hi-NicalonTM Type-S fiber maintained its tensile strength 
at the original level under neutron irradiation. The dose 
dependency of tensile strength for Hi-NicalonTM Type-S 
fiber was very similar to that of flexural strength for 

crystalline and pure SiC, i.e. CVD-SiC [2,3,10]. Both 
CVD-SiC and Hi-NicalonTM Type-S fiber, in principle, 
kept its strength under heavy neutron irradiation under the 
same surface finish in materials preparation for CVD-SiC. 
A slight increase of flexural strength by Snead et al. might 
be explained by the increase of fracture toughness [10]. 
However, the primary mechanism is still uncertain. Fig. 4 
shows the effect of neutron irradiation on the tensile 
modulus of Hi-NicalonTM Type-S fiber. Specifi-cally, the 
tensile modulus tended to decrease attaining a maximum 
change of 20% for the 300 oC irradiation, 16% at 500 oC 
and 14% at 800 oC. Conversely, crystallization of 
NicalonTM with its amorphous SiCxOy phase and Hi- 
NicalonTM with excess carbon had significant effects on 
the change of their lattice parameters resulting in  increase 
of the elastic modulus. However, it is noted that the Hi-
NicalonTM fiber swells slightly in the low fluence neutron 
irradiation range due to its well-organized crystal 
structure [4]. In this range, no significant change of the 
tensile modulus was identified. The degradation of the 
elastic modulus for Hi-NicalonTM Type-S fiber was also 
very similar to that for CVD-SiC [2,11,12]. The tendency 
toward greater reduction in elastic modulus for lower 
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Fig. 2. Weibull statistical plots for tensile strength of Hi-NicalonTM 

Type-S fibers; (a) non-irradiated and irradiated at 
(b) 300 

o
C, (c) 500 

o
C and (d) 800 

o
C. 

 

 
Fig. 3. Effect of neutron irradiation on Weibull mean strength 
of NicalonTM (CG-NL), Hi-NicalonTM (HNL) and Hi-NicalonTM 

Type-S (HNLS). 
 

 
Fig. 4. Effect of neutron irradiation on elastic modulus of 
NicalonTM (CG-NL), Hi-NicalonTM (HNL) and Hi-NicalonTM 

Type-S (HNLS). 

temperature irradiation is attributed to the higher amount 
of surviving defects consistent with the higher level of 
saturation swelling at low temperature. Moreover, 
wellcrystallized, higher initial modulus structures such as 
CVD-SiC are more sensitive. However, at higher 
temperatures, surviving defects following neutron 
cascades are reduced, leading to smaller elastic modulus 
change.  
 
 
III.B. Effect of neutron irradiation on highly-
crystalline and near-stoichiometric SiC/SiC 
composites 
 

Several mechanical test results after neutron irradiation 
have been reported for advanced SiC/SiC composites 
[6,7,13]. SiC/SiC composites with high purity SiC fiber 
and matrix exhibited stable flexural strength under high 
dose (7.7 dpa) and high-temperature (800 oC) irradiation. 
The radiation stability in tensile strength for Hi-NicalonTM 
Type-S fiber contributed the excellent radiation 
performance in composite strength. However, the 10-20% 
of degradation in flexural modulus of composites was 
identified, even at low-fluence neutron irradiation up to 1 
dpa [13].  
 

 
Fig. 5. Effect of neutron irradiation on ultimate tensile strength 
(UTS), proportional limit stress (PLS) and elastic modulus (E) 
of Hi-NicalonTM Type-S fiber reinforced CVI-SiC matrix 
composites with single PyC, multilayered SiC/PyC and porous 
SiC interphase. 
 
 

Conversely, recent our work offers no degradation of 
the tensile modulus of composites after neutron 
irradiation. Fig. 5 shows the preliminary test result about 
the effect of neutron irradiation on tensile properties of 
Hi- NicalonTM Type-S fiber reinforced CVI-SiC matrix 
composites with single PyC, multilayered (ML) SiC/PyC 
and pseudo porous SiC interphase after neutron 
irradiation at 800 oC up to 1 dpa performed in the Japan 
Materials Testing Reactor (JMTR) at Oarai. Materials 
tested are summarized in elsewhere [14]. This indicates 
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that the radiation-induced change in tensile modulus of 
fiber is not the primary mechanism for the degradation of 
the composite modulus. Moreover, Fig. 5 shows that the 
significant reductions of the tensile strength and 
proportional limit stress were identified in only a porous 
SiC interlayer composite. This also implies the 
importance of the F/M interphase to maintain good 
radiation performance in composite strength. Further 
investigations are addressed to confirm this issue. 
 
 
IV.Conclusions 
 
In order to identify the effect of neutron irradiation on 
recently developed highly-crystalline and near-
stoichiometric  SiC fiber; Hi-NicalonTM Type-S, single 
filament  tensile tests were carried out after neutron 
irradiation. Hi-NicalonTM Type-S fiber exhibited no 
statistically significant degradation in tensile strength up 

to 7.7 dpa at 300-800 oC, leading to the excellent radiation 
performance in composite strength. The observed 14・0% 
decrease of elastic modulus due to neutron irradiation of 
Hi-NicalonTM Type-S fiber had a minor effect on 
composite strength. However, this needs to be verified in 
the following microstructural observation. 
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      Mechanical property changes of SiC/SiC (Hi-
Nicalon/C/SiC) composite caused by uniform He pre-
implantation up to about 170 at.ppm at 400–800 oC 
followed by neutron irradiation up to about 7.7×1025 n/m2 
(En > 0:1 MeV) at 800 _C in HFIR were investigated by 
the three-point bend tests and nano-indentation tests. 
Degradation of the composite bend properties due to 
neutron irradiation was observed. The hardness 
increased after neutron irradiation for both the SiC-
matrix and the Hi-Nicalon fiber. There was almost no 
change in the elastic modulus of the SiC-matrix, but there 
was an increase in the modulus of the Hi-Nicalon fiber 
after neutron irradiation. He pre-implantation had almost 
a negligible effect on the mechanical properties of the 
composite specimen. 

 
 
I. Introduction 

 
     Silicon carbide (SiC) fiber-reinforced SiC-matrix 
composites  (SiC/SiC composites) are being considered as 
a structural material for components in future fusion 
reactor blankets [1,2]. Displacement damage and 
transmutation products such as helium (He) will be 
produced in these materials during high energy (about 14 
MeV) neutron irradiation. In a full power year, the 
displacement damage and He concentration in a SiC 
component of the blanket of the ARIES-IV concept 
reactor were calculated to be approximately 57 dpa and 
15 380 at.ppm, respectively [2]. The He concentration per 
dpa in SiC will be about 10 times larger than that in other 
candidate materials (ferritic steels and vanadium alloys). 
A relatively large number of studies of the displacement 
damage effect on the mechanical properties of SiC/SiC 
composites have been carried out. Advanced SiC/SiC 
composites, developed in recent years using 
stoichiometric and high crystalline SiC-fibers such as Hi-
Nicalon Type-S [3] and Tyranno SA [4], have exhibited 
improved radiation resistance up to about 7.7 × 1025 n/ m2 
[5]. There have also been some studies of the effect of 
transmutant He on the mechanical properties of SiC/SiC 
composites [6–8]. Using bend tests, the ultimate fracture 
strength of a Nicalon CG/C/SiC composite (C: carbon) [6] 
and a Hi-Nicalon/C/SiC composite [7] decreased after 
He-implantation up to 2500 at.ppm at 900 oC and up to 

150–170 at.ppm at 400–800 oC, respectively. For 
composite studies utilizing the nano-indentation test, both 
hardness and elastic modulus of the SiC-matrix and SiC 
fibers (Hi-Nicalon and Hi-Nicalon Type-S) decreased 
after He-implantation up to 20 000 at.ppm below 100 oC 
[8]. However, the effects of He, and of displacement 
damage, and their synergistic effect on the mechanical 
property changes of SiC/SiC composites were not clearly 
distinguished in all cases. The purpose of this study is to 
investigate the effect of He pre-implantation followed by 
neutron irradiation on the mechanical properties of a SiC/SiC 
composite. 

 
II. Experimental Procedure 
 
     A SiC/SiC composite with Hi-Nicalon fibers (0o/90o 
plain-weave) manufactured by DuPont Lanxide [9] was 
examined in this study. The SiC-matrix(crystalline b-SiC) 
was fabricated by an isothermal chemical vapor 
infiltration (ICVI) process. The interface material 
between SiC-fibers and SiC-matrix was a pyrolytic 
carbon (_150 nm thickness), which was fabricated by a 
chemical vapor deposition (CVD) process. Hi-Nicalon is 
composed of b-SiC grains whose size is about 5–10 nm 
and have some of residual oxygen (<0.5 wt%), but 
substantial amounts of carbon (C/Si atomic ratio_1.39) 
[3]. The geometry of the specimens for irradiation and 
bend tests was approximately 4w × 1t × 20l mm3 
(machined from specimens with an original geometry of 
6w × 2t × 20l mm3). The compression side of the bend 
specimens was machined to 1 mm thickness, while 
tension side was not machined. As a result, a CVI b-SiC 
overlayer remained on the tension side. Fig. 1 shows the 
schematic illustration of the specimen dimensions and test 
configurations in this study. 
   Helium pre-implantation was performed using the 
cyclotron accelerator at Tohoku University. The 
acceleration energy of He-ions was 36 MeV. The 
projected range of 36 MeV He-ions in SiC was calculated 
to be about 470 lm by the TRIM code [10]. Tandem type 
energy degrader wheels were used to obtain uniform 
depth distribution of He-atoms. The nominal He 
concentration was about 170 at.ppm. The displacement 
damage in the He implanted region was calculated to be 
about 0.009 dpa using a threshold displacement energy of 
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40 eV. The implantation temperature was 400–800oC. He-
ions were implanted to the tension side of the bend 
specimens within an area of about 4w × 4l mm2 located at 
the center of the specimens as shown in Fig. 1. Neutron 
irradiation was performed in the High Flux Isotope 
Reactor (HFIR) at Oak Ridge National Laboratory.  
 
 
 

 
Specimens were irradiated at 800 oC up to about 7.7 × 
1025 n/m2 (En > 0:1 MeV), which corresponds to about 
7.7 dpa using an assumption that the displacement energy 
of 40 eV for both the Si and C sublattices. Three point 
bend tests were performed at room temperature in air. The 
support span length and crosshead speed were 10 mm and 
0.5 mm/min, respectively. Configurations #1–1 and #1–2 
in Fig. 1 were used for the bend test measurements of the 
non-He-implanted, but neutron-irradiated region. 
Configuration #2 was for the measurements of the He-
implanted and neutron irradiated region. Fractography 
observations were performed using a scanning electron 
microscope (SEM). Cross-sectional nano-indentation tests 
were performed at room temperature using a NANO 
INDENTER®II (Nano-instruments) equipped with a 
Berkovich diamond tip. The indentation depth and 
loading (unloading) rate were constant, 50 nm and 50 
mN/s, respectively. Specimens were mechanically sliced 
perpendicular to the He-implanted surface as shown in 
Fig. 1. The cross-section of the cut specimens for 
indentation was mechanically polished with a 0.5 lm 
diamond slurry. Hardness H and elastic modulus E were 
evaluated using an unloading curve and the method 
proposed by Oliver and Pharr [11]. H is calculated from 
the following formula: 

 
where Pmax is the maximum indentation load and A, which 
is a function of constant indentation depth hc, is the 
contact area of the indenter with the specimen surface. E 

is defined as follows: 

where ms; mi; Er and Ei are the Poisson’s ratio of 
specimen, the indenter (0.07 for diamond), the reduced 
modulus and the elastic modulus of the indenter (1141 
GPa for diamond), respectively. Further details of this 
method are given in Ref. [11]. 
 
III. Results  

 
     Fig. 2 shows the summary of the bend test results 
(ultimate fracture strength, elastic modulus and 
proportional limit stress – PLS) for the as-received, the 
non-He-implanted and neutron-irradiated (Non-He/ 
Neutron), and the He-implanted and neutron-irradiated  
 

 
Fig. 2. The summary of the bend test results (ultimate fracture strength, 
elastic modulus and proportional limit stress (PLS, offset strain_0.0005)) 
for the as-received, the non-He-implanted and neutron-irradiated (Non-
He/Neutron), and the He implanted and neutron-irradiated (He+Neutron) 
composites. 
 
 
 (He+Neutron) composites. The elastic modulus was 
calculated using the slope of the linear range of the stress–
strain curves. The PLS was the stress value when offset 
strain was about 0.0005. The ultimate fracture strength, 
elastic modulus and proportional limit stress decreased 
due to neutron irradiation by about 50%, 10% and 55%, 
respectively. The ‘He +Neutron’ specimens had similar 
bend properties to the ‘Non-He/Neutron’ specimens. 
     Fig. 3 shows a typical observation of the fracture 
surface by SEM for the ‘as-received’, the ‘Non-He/ 
neutron’, and the ‘He + Neutron’ composites. He-ions 
were implanted from the bottom side of the pictures. The 
pull-out lengths of the Hi-Nicalon fibers for the ‘Non-
He/Neutron’ composite were longer than that for the ‘as-
received’ composite. Almost no differences of the pull-

Fig. 1. The schematic illustration of the specimen dimensions and 
test configurations in this study. 
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out lengths for the Hi-Nicalon fibers were observed 
between ‘Non-He/Neutron’ and ‘He + Neutron’ 
composites. Figs. 4 and 5 show the hardness and elastic 
modulus of the SiC-matrix and Hi-Nicalon fiber of the 
‘asreceived’, ‘Non-He/Neutron’, and ‘He + Neutron’ 
composites. The data for non-He-implanted, but neutron-
irradiated region and data for He-implanted and neutron-
irradiated region were the average of the data points at the 
depth of 0–470 and 470–1000 lm from the He-implanted 
surface, respectively. The hardness increased by about 
30% after neutron irradiation (no helium) for both the 
SiC-matrix and the Hi-Nicalon fibers. Almost no change 
in the elastic modulus for the irradiated SiC-matrix was 
observed, but about a 30% increase for the irradiated Hi-
Nicalon fibers was observed. The ‘He+ Neutron’ 
specimens exhibited almost the same hardness and elastic 
modulus as the ‘Non-He/ Neutron’ specimens.  

 
 
Fig. 4. The hardness of the SiC-matrix and Hi-Nicalon fiber for as-
received, non-He-implanted and neutron-irradiated (Non- He/Neutron) 
and He-implanted and neutron-irradiated (He+Neutron) composite.

 
Fig. 3. Typical fracture surface observations by SEM for as-received, non-He-implanted and neutron-irradiated (Non-He/Neutron) 
and He-implanted and neutron-irradiated (He+Neutron) composites. He-ions were implanted from the bottom side of the pictures. 
 

 
Fig. 5. The elastic modulus of the SiC-matrix and Hi-Nicalon fiber for 
as-received, non-He-implanted and neutron-irradiated (Non-He/Neutron) 
and He-implanted and neutron-irradiated (He+Neutron) composites. 
 
 

IV.  Discussion 
 
     A 10% reduction in the elastic modulus for the 
composite was observed. In contrast, almost no change in 
the elastic modulus for the SiC-matrix and about 30% 
increase for the Hi-Nicalon fiber were observed. Thus, so 
called the sum rule defined as follows is not applicable for 
the neutron-irradiated composite in this study:  

 
where Ec; Ef and Em are the elastic modulus of the 
composite, fiber and matrix, ff and fm are the volume 
fraction of the fiber and matrix in composite, respectively. 
Therefore, it can be predicted that the degradation (e.g. 
crack and debonding) of the interface between the SiC-
matrix and Hi-Nicalon fiber was occurred due to neutron 
irradiation. Shrinkage of Hi-Nicalon fibers during neutron 
irradiation was observed in previous studies [12–15]. A 
previous study [16] also showed the presence of 
microcracks and debonding of the C-interface of Hi-
Nicalon/C/SiC composite due to C-ions irradiation up to 
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about 10 dpa at 800 oC. Moreover, tensile strength of Hi-
Nicalon fiber increased with neutron dose [17]. Thus, 
bend property degradations of Hi-Nicalon/C/SiC 
composite due to neutron irradiation  might be related to 
the formation of microcracks and debonding of the C-
inter interface induced by the shrinkage of the Hi-Nicalon 
fibers.  
     The effect of He pre-implantation treatment prior to 
neutron irradiation on mechanical properties was almost 
negligible (relative to the mechanical properties of the 
neutron irradiated specimens) up to a concentration of 170 
at.ppm for the composite and the individual components 
of the composite. In previous work [8], the total number 
of released He atoms from the room temperature He-
implanted Hi-Nicalon/C/SiC composite and carbon 
material during the annealing to 1500 oC werecalculated 
to be about 30% and 80% of the original number of the 
implanted-He atoms, respectively. Moreover, a previous 
work [16] showed no cavity formation in the Hi-
Nicalon/C/SiC composite due to simultaneous C- and He-
ion irradiation up to about 10 dpa and 1000 at.ppm-He at 
800 oC. Therefore, it can be assumed that the pre-
implanted-He in the Hi-Nicalon/C/SiC composite in this 
study remained in the specimens (especially in the SiC-
matrix and Hi-Nicalon fibers) as small clusters and single 
atoms after the neutron irradiation at 800 oC. However, it 
may be indicated that the effect of the pre-implanted He 
(~170 at.ppm) on the mechanical properties of Hi-
Nicalon/C/SiC composite in this study was relatively 
smaller than that of displacement damage caused by the 
He pre-implantation and neutron irradiation. 

 
 
V. Summary 
 
Mechanical property changes of SiC/SiC composite, its 
matrix and fibers (Hi-Nicalon) were studied for He pre-
implantation up to about 170 at.ppm at 400–800 oC 
followed by neutron irradiation up to about 7.7 × 1025 
n/m2 (En > 0:1 MeV) at 800 oC in HFIR using bend tests 
and nano-indentation. The following results were 
obtained: 
(1) The composite ultimate fracture strength, elastic 
modulus and proportional limit stress decreased due to 
neutron irradiation by about 50%, 10% and 55%, 
respectively. Specimens that were He pre-implanted and 
then neutron irradiated had similar bend properties to 
specimens irradiated with neutron only. 
(2) The pull-out lengths of Hi-Nicalon fibers for non-He-
implanted, but neutron-irradiated composites were longer 
than that for as-received composites. Almost no 
differences in pull-out lengths of Hi-Nicalon fibers were 
observed between non-He-implanted and neutron-
irradiated composites and He-implanted and neutron-
irradiated composites. 

(3) The hardness increased by about 30% due to neutron 
irradiation for both SiC-matrix and Hi-Nicalon fiber. The 
specimens that were He pre-implanted and neutron 
irradiated had almost the same hardness properties as the 
specimens that were only exposed to neutrons. 
(4) Almost no change in the elastic modulus of the SiC 
matrix, but about a 30% increase in elastic modulus of the 
Hi-Nicalon fibers was observed after neutron irradiation. 
The specimens that were He pre-implanted and neutron 
irradiated had almost the same elastic modulus values as 
the specimens that were only neutron irradiated. 
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     The effect of neutron irradiation on tensile properties 
in advanced 2D-SiC/SiC composites was evaluated. The 
composites used were composed of a SiC matrix obtained 
by the forced-flow chemical vapor infiltration (FCVI) 
process and either TyrannoTM-SA Grade-3 or Hi-
NicalonTM Type-S fibers with single-layered PyC coating 
as the interphase. Neutron irradiation fluence and 
temperature were 3.1 × 1025 n/m2 (E > 0.1 MeV) and 1.2 
× 1026 n/m2 at 740 – 750 oC. Tensile properties were 
evaluated by cyclic tensile test, and hysteresis loop 
analysis was applied in order to evaluate interfacial 
properties. Both composites exhibited excellent 
irradiation resistance in ultimate and proportional limit 
tensile stresses. From the hysteresis loop analysis, the 
level of interfacial sliding stress decreased significantly 
after irradiation to 1.5× 1026 n/m2 at 750 oC. 
 
 
Ⅰ. Introduction 
 
     Silicon carbide (SiC) continuous fiber-reinforced SiC 
matrix composites (SiC/SiC composites) are attractive 
structural materials for fusion reactors and advanced 
fission reactors because of their superior mechanical 
properties and good irradiation resistance at high 
temperatures [1]. The mechanical properties of SiC/SiC 
composites after irradiation is determined by the 
properties of their constituents, especially the fiber/matrix 
(F/M) interphase in case of composites with high modulus 
matrix. In earlier studies, SiC/SiC composites reinforced 
with nanocrystalline and non-stoichiometric SiC fibers 
have shown interfacial debonding due primarily to fiber 
contraction, which caused severe degradation in flexural 
strength [2 – 5]. In recent studies, however, advanced 
SiC/SiC composites appeared to retain ultimate flexural 
strength due to improved irradiation stability of the high 
crystallinity and near-stoichiometric SiC fibers [5,6]. 
     For composites with highly irradiation-resistant 
matrices and fibers, irradiation effects on F/M interfacial 
properties has become one of the most important issues to 
be investigated. However, it is difficult to use the simple 
flexural testing to develop an understanding of irradiation 
effects on interfacial properties, because it is hard to 
analyze the data due to mixed failure modes. Simple 
failure modes, such as are obtained in tensile tests enable 
the fracture behavior of SiC/SiC composites after 

irradiation to be understood more precisely. Recent 
studies have employed tests yielding simple failure modes 
to evaluate interfacial properties [7–9]. The main purpose 
of this work is to identify neutron irradiation effects on 
tensile and interfacial properties of advanced SiC/SiC 
composites reinforced with two commercially available, 
high crystallinity, near-stoichiometric SiC fibers. For this 
purpose, tensile properties were evaluated in an 
unloading/reloading cyclic tensile test and the hysteresis 
loop analysis method was applied to predict interfacial 
properties. 
 
 
Ⅱ. Experimental procedure 
 
     The composites used in this study were produced 
thorough a forced-flow thermal gradient chemical vapor 
infiltration (FCVI) process developed at Oak Ridge 
National Laboratory. Either TyrannoTM- SA 3rd grade 
(hereafter TySA) or Hi-NicalonTM Type-S (hereafter 
HNLS) fibers were used as reinforcements. These were 
stacked in a [0_/90_] orientation and held tightly in a 
graphite fixture for interphase deposition and subsequent 
matrix dentification. The F/M interphase was singly-
layered pyrolytic carbon (PyC) and the thickness was 20–
60 nm. The density of the composites was 2.3–2.7 g/cm3, 
and the fiber volume fraction and porosity were _38% and 
17–25%, respectively. More detailed information about 
the materials fabrication is given elsewhere [10,11]. 
     Neutron irradiation was performed in JOYO fast 
spectrum reactor at Oarai, Japan, in JNC-54 and -61 
capsules as part of the CMIR-6 irradiation campaign. 
Neutron fluence and irradiation temperature were 3.1 × 
1025 n/m2 (E > 0.1 MeV) at 740 oC and 1.2 × 1026 n/m2 at 
750 oC. An equivalence of one displacement per atom 
(dpa) = 1 × 1025 n/m2 (E > 0.1 MeV) is assumed in the 
following sections. The irradiation temperature was 
passively controlled by a fixed composition gas gap 
technique. Tensile tests were conducted in accordance 
with ASTM C1275 at room temperature under crosshead 
displacement control at 0.5 mm/min by using a 
faceloaded miniature specimen developed previously 
[12,13]. The gauge dimensions were 3 × 1.5 × 15 mm and 
the specimen machining involved surface grinding into 
fabric layers [10]. A 1.0 mm-thick aluminum tab was 
attached to each end of the rectangular specimens, and a 
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pair of 6.0 mm-length strain gauges were adhered in the 
center of gauge sections on both sides. Specimens were 
mounted in the test frame by connection of a wedge-type 
gripping system that was kept in the plastic bags during 
the test. Successful tests typically retained intact tab 
adhesion to the samples. In order to avoid fractional 
bending during the tests, both sides of the wedge fixture 
were fixed at 60 kN m equally using a torque driver. The 
detailed tensile setup is given elsewhere [7]. 
     After the tensile tests, the fractured surfaces of the 
specimens were observed using an optical microscope and 
scanning electron microscope (SEM). 
 
 
Ⅲ. Results 
 
     Fig. 1 exhibits typical tensile stress–strain curves of 
TySA and HNLS composites after neutron irradiation. 
The composites in all conditions exhibited quasi-ductile 
behaviors. There was an initial steeper linear region in the 
stress–strain curve, with a second, nearly linear region at 
higher strains during tensile loading with multiple 
unloading/reloading sequences. The initial linear portion 
corresponds to the linear elastic deformation of the 
composite, whereas the second linear portion corresponds 
to a process of progressive development and opening of 
the multiple matrix micro-cracks. Table 1 lists a summary 
of unirradiated and irradiated tensile properties: 
proportional limit stress (PLS), ultimate tensile stress 
(UTS) and elastic modulus (E) obtained from the tensile 
tests, and Fig. 2 shows the tensile properties after neutron 
irradiation. Both composites exhibited excellent 
irradiation resistance. Almost no degradation in PLS and 
UTS occurred under both irradiation conditions, and an 
increase of about 50% was measured in PLS of TySA 
composites irradiated to 12 dpa at 750 _C. In elastic 
modulus, a 15 – 20% decrease was obtained for both 
composites. Fig. 3 exhibits the maximum hysteresis loop 

width at each peak stress where rp is the transition stress 
from reloading to unloading. For both composites, the 
hysteresis loop width after irradiation up to 3.1 dpa 
became narrower than that of the unirradiated one. After 
neutron irradiation to 12 dpa, the hysteresis loop width of 
TySA composites remained narrower, while that of HNLS 
exhibited almost the same behavior as the unirradiated 
material. Fig. 4 exhibits typical fracture surfaces of 
composites observed by SEM. No significant change of 
fiber pull-out was observed for both composites after 
irradiation. Fiber pull-out in TySA composites were 
shorter than that in HNLS composites under all conditions. 
 

 
Fig. 1. Representative tensile stress–strain curves and 
hysteresis loops for (a) TySA (2D)/PyC/FCVI, (b) HNLS 
(2D)/PyC/FCVI composites after neutron irradiation. 

 
 
Table 1 
Summary of unirradiated and irradiated tensile properties 
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Fig. 2. Ratio of irradiated to unirradiated tensile properties of (a) TySA (2D)/PyC/FCVI, (b) HNLS (2D)/PyC/FCVI 
composites after neutron irradiation. Error bars show maximum and minimum. 
 
 

 
Fig. 3. Hysteresis loop width plotted against peak stress; (a) TySA (2D)/PyC/FCVI, (b) HNLS (2D)/PyC/FCVI composites. 
Error bars show standard deviation. 
 
 

 
Fig. 4. Typical fracture surfaces of unirradiated and neutron-irradiated tensile specimens; (a) unirradiated, (b) 740 oC, 3.1 dpa 
and (c) 750 oC, 12 dpa for TySA (2D)/PyC/FCVI, and (d) unirradiated, (e) 740 oC, 3.1 dpa and (f) 750 oC, 12 dpa for HNLS 
(2D)/PyC/FCVI. 
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Ⅳ. Discussion 
 
      Both composites irradiated to 3.1 dpa at 740 oC 
exhibited narrower hysteresis loop widths, a slightly 
steeper slope in the second linear portion of the curve and 
nearly unchanged fiber pull-out length, all of which imply 
retaining or increasing of interfacial sliding stress. 
      For further investigation of interfacial properties, the 
method of unloading/reloading hysteresis loop analysis 
methodology proposed by Vagaggini, Domergue and 
Evance was applied [14–17]. In this analysis, the inelastic 
strain index, which is the most important parameter for 
estimating interfacial properties, and Young’s modulus of 
the material with matrix cracks were obtained from values 
of the inverse tangent moduli of reloading tensile stress–
strain curves at different peak stress. A detailed 
description of this analysis method for 2D composites is 
found elsewhere [17]. 
     The maximum hysteresis loop width (dmax) before 
and after irradiation is dependent on both interfacial 
sliding stress (s) and mean matrix crack spacing (_dT. 
The composites in all conditions met the large debond 
energy condition. For this condition, the maximum 
hysteresis loop width (dmax) is given by [14,17], 

 
for ri=rp ffi 0:85; d1T where k is inelastic strain index, ri 
is ‘debond’  stress [14], Em is Young’s modulus of 
matrix, R is fiber radius, f is fiber volume fraction, and a1 
and b1 are the Hutchinson–Jensen parameters [18]. All 
the parameters except interfacial sliding stress and mean 
matrix crack spacing remain almost unchanged during 
irradiation. Unfortunately, the mean matrix crack spacing 
was not measured, so the interfacial sliding stress 
parameter t=t×d/R obtained from the inelastic strain index 
was used for this analysis. Thus, the evaluation of 
interfacial sliding stress parameter at the same matrix 
crack spacing (i.e. same matrix damage level) is required. 
The matrix damage parameter (D) is defined as [14], 

 
where E is the elastic modulus of the composite, E* is 
Young’s modulus of the composite with matrix cracks 
obtained from the reloading stress–strain curve, and B is a 
constant for particular composite. As shown in Eq. (2), 
the matrix damage parameter is inversely proportional to 
matrix crack spacing. Therefore, the interfacial sliding 
stress can be predicted using the interfacial sliding stress 
parameter obtained for the same matrix damage parameter. 
 

 
Fig. 5. Interfacial sliding stress parameters compared at 
similar matrix damage parameters for composite samples 
before and after neutron irradiation. #1266; TySA 
(2D)/PyC/FCVI, #1272; HNLS (2D)/PyC/FCVI. Error 
bars show standard deviation. 
 
 
Fig. 5 exhibits the interfacial sliding stress parameter at 
approximately the same matrix damage parameter (D ffi 
0.2). For both composites, the interfacial sliding stress 
parameter remained nearly constant after irradiation up to 
3.1 dpa at 740 C, while the parameter decreased after 
irradiation up to 12 dpa at 750 oC. According to the work 
by Bokros et al. [19,20], the interfacial PyC is expected to 
shrink in both the a and c axis directions after neutron 
irradiation up to 2–3 × 1025 n/m2 in the range of 520–690 
oC. 
     However, it began to swell significantly in the c axis 
direction over ~10 × 1025 n/m2 irradiation. This result 
might be correlated with the analysis of data in this study, 
but the details are unclear. Therefore, further research and 
SEM observations of crack propagation and TEM 
observation of the PyC interphase itself are required in 
order to understand the behavior of the interphase after 
neutron irradiation. Residual stress between the fiber and 
matrix may affect the tensile behavior of SiC/SiC 
composites, so the misfit stress rT was also estimated by 
hysteresis loop analysis. The conversion of misfit stress to 
residual stress components was carried out by the method 
discussed elsewhere [14]. At high peak stresses, the misfit 
stress was influenced by fiber roughness due to the 
damage of the PyC interphase during the test. Therefore, 
the misfit stress at a peak stress of 125–175 MPa was 
used for this evaluation. The result is: rT = +9 ± 6 MPa 
(unirradiated), +3 ± 3 MPa (3.1 dpa at 740 _C), +6 ± 2 
MPa (12 dpa at 750 _C) for TySA composites, and +9 ± 
5 MPa, +6 ± 5 MPa, +5 ± 3 MPa for HNLS composites. 
From these results, it appears that the misfit stress may 
not affect the tensile behavior of either composites under 
these irradiation conditions. 
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Ⅴ. Summary 
 
     In order to identify the effects of neutron irradiation on 
tensile properties of advanced SiC/SiC composites 
(Tyranno-SA3rd (2D)/PyC/FCVI and Hi-Nicalon Type-S 
(2D)/PyC/FCVI), unloading/ reloading cyclic tensile tests 
were conducted and hysteresis loop analysis was applied. 
Neutron fluence and irradiation temperature were 3.1 × 
1025 n/m2 (E > 0.1 MeV) and 1.2 × 1026 n/m2 at 740–750 
oC. The following results were obtained: 
1. Both composites exhibited excellent irradiation 
resistance to changes in ultimate tensile strength and 
proportional limit stress. A slight reduction of elastic 
modulus was observed after irradiation. 
2. Hysteresis loop analysis indicated that the sliding stress 
at fiber/matrix interfaces remained almost unchanged 
after irradiation to 3.1 × 1025 n/m2 at 740 oC, whereas it 
was significantly reduced by 12 × 1025 n/m2 at 750 oC for 
both composites.  
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     Silicon carbide (SiC)-based ceramic composites have 
been studied for fusion applications for more than a 
decade. The potential for these materials have been 
widely discussed and is now understood to be (1) the 
ability to operate in temperature regimes much higher 
than for metallic alloys, (2) an inherent low level of long-
lived radioisotopes that reduces the radiological burden 
of the structure, and (3) perceived tolerance against 
neutron irradiation up to high temperatures. This paper 
reviews the recent progress in development, 
characterization, and irradiation effect studies for SiC 
composites for fusion energy applications. It also makes 
the case that SiC composites are progressing from the 
stage of potential viability and proof-of-principle to one 
where they are ready for system demonstration, i.e., for 
flow channel inserts in Pb–Li blankets. Finally, remaining 
general and specific technical issues for SiC composite 
development for fusion applications are identified. 
 
 
Ⅰ.Introduction 
 
Silicon carbide (SiC) is a unique heat-resistant material 
that exhibits several attractive properties such as high 
strength at elevated temperatures in excess of 1500 oC, 
general chemical inertness, low specific mass, and low 
coefficient of thermal expansion. Continuous SiC fiber-
reinforced SiC-matrix composites (SiC/SiC) are ceramic 
composites designed to have a pseudo-ductile and 
predictable fracture mode and tailorable physical and 
mechanical properties while taking advantage of most of 
the inherent merits of monolithic SiC. SiC/SiC have been 
studied and developed for decades because they are 
promising materials for high temperature applications 
such as gas turbines and aerospace propulsion systems. 
For fusion and advanced fission energy applications, 
additional interest in SiC and SiC/SiC comes from the 
excellent irradiation performance, which was 
demonstrated during early studies on chemically vapor 
deposited (CVD) SiC for fission fuel coatings [1,2]. 
Furthermore, safety features arising from the inherent low 

activation/low decay heat properties [3,4] and low tritium 
permeability [5] for SiC have been demonstrated. 
     Recent development of SiC/SiC in the fusion materials 
community has been intended to address the key 
feasibility issues when using an essentially new class of 
materials [6–10]. Benefiting from nonnuclear programs 
that pursued issues such as manufacturing technology, 
testing development, and to a limited extent how to design 
structures from these materials, the fusion community was 
able to focus on fusion-specific issues. For this reason, the 
majority of resources in fusion materials programs have 
addressed the fundamental performance of SiC 
composites under irradiation along with simulation to 
define the effects of transmuted helium. Additionally, 
fusion specific design issues such as the need to develop a 
leak-tight component, the need for joining the materials 
with low-activation agents, and issues regarding coolant 
compatibility have been addressed during the last decade. 
     In this paper, the recent status for application 
development and the design requirements for using 
SiC/SiC in fusion and advanced fission energy systems 
are first reviewed briefly. The case is made that SiC/SiC 
development has progressed from the stage of potential 
viability and proof-of-principle to one where they are 
ready for system demonstration. In the following sections, 
recent progress in research and development of SiC/SiC 
in fusion materials and related programs, namely 
development of materials, joining, characterization, and 
irradiation effects studies, is overviewed. Finally, 
identification of the remaining critical issues, both for 
general fusion applications and specific to individual 
target systems, is attempted. 
 
 
Ⅱ. Status of application development and design 
Requirements 
 
Ⅱ.A.Proposed power reactor blanket concepts 
 
     Utilization of SiC/SiC for structural components in 
fusion power reactor blankets was proposed in the early 
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1990s [11–13]. Reasons for the proposed employment of 
SiC/SiC were the anticipated attractive energy cost 
competitiveness and favorable social receptivity 
associated with the high operating temperature and low 
activation. The proposed designs were based on self-
cooled lead– lithium (SCLL) or helium-cooled ceramic 
breeder (HCCB) concepts. The latest SCLL conceptual 
designs, EU Power Plant Conceptual Study (PPCS) 
Model D [14] and the US ARIES-AT [15], assume the 
lowest/highest operating temperatures for SiC/SiC 
structures of ~700/~1000 oC yielding a power conversion 
efficiency of _60% for the blanket circuit. For the HCCB 
concept, the Japanese DREAM assumes the inlet/outlet 
helium coolant temperatures of ~600/~900 oC with a gross 

thermal efficiency of ~50% [13]. In Table 1, key 
properties assumed for SiC/SiC when used in structural or 
the flow channel insert (FCI) application are summarized 
and compared with typical values for two resently-
available promising materials (2D and 3D CVI and NITE). 
General reviews of issues regarding blanket designs using 
SiC/SiC are given elsewhere [16,17]. Many of the 
assumed basic requirements are already satisfied or 
advanced to a substantial extent so that the design could 
rather be adjusted. Discussion of some of the individual 
properties will be provided in the later sections. 
 
 

 
 
Table 1 
Key properties for SiC/SiC assumed in blanket designs and typical values for CVI and NITE composites 

 
 
 
Ⅱ.B. Flow channel insert application 
 
     The use of SiC/SiC as the insert for a lead–lithium 
flow channel was proposed initially in the EU advanced 
lead–lithium blanket concept [18] and the US ARIES-ST 
blanket design [19]. In this application, an FCI serves as 
an electrical and thermal insulator in order to mitigate the 
MHD pressure drop and to allow a significantly higher 
coolant outlet temperature compared to the temperature 
limit for the metallic duct structure. The dual-cooled 
lead–lithium blanket concept (DCLL) has been adopted 
for the proposed US test blanket module (TBM) and 
Chinese late-stage TBM to be inserted in the International 
Thermonuclear Experimental Reactor (ITER) [20]. The 
design inlet/outlet lead– lithium temperatures for the EU 
PPCS Model C DCLL blanket are 480/700 _C. This outlet 
temperature of 700 _C approximately corresponds to the 
inside temperatures for the FCI, whereas the outside 
temperature will be [500 oC [21].  
 
 

Ⅱ.C. Interaction with fission material programs 
 
     Programs considering potential utilization of SiC/SiC 
for core and/or in-vessel components in advanced fission 
energy systems have been initiated during the last few 
years. These programs are associated with the effort for 
Generation IV (Gen IV) Nuclear Power Plants, which is 
internationally coordinated by the Generation IV 
International Forum (GIF). In the US, the use of SiC/SiC 
is considered as an option for control rod sleeves in a very 
high temperature reactor (VHTR)/next generation nuclear 
power (NGNP). This option is based primarily on the 
promise of SiC/SiC demonstrated by the fusion materials 
program [22]. 
     The US NGNP composite program assumes the 
fundamental viability of chemically vapor infiltrated 
(CVI) SiC/SiC in a fission neutron environment, and 
focuses on (1) confirmative feasibility issues which 
include irradiation effects and fabrication of desired 
shapes and sizes, (2) key technical issues governing the 
life-time envelope such as time-dependent fracture and 
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irradiation creep, and (3) providing support to test 
standards and design code development in the 
frameworks of ASTM International, International 
Organization for Standardization (ISO), and American 
Society of Mechanical Engineers (ASME). Similar efforts 
are on-going or planned in several countries including 
France and Japan. A common feature in these programs is 
that addressing the application-specific issues is targeted 
based on the perceived potential of SiC/SiC as a 
radiation-resistant high-temperature nuclear material. 
     SiC and SiC/SiC are also being considered as the 
primary candidate materials for fuel cladding and core 
structures in a gas-cooled fast reactor (GFR), which is one 
of the six Gen IV concepts. The GFR concept features a 
fast-neutron spectrum, a helium cooled reactor and a 
closed fuel cycle [23]. General feasibility issues still exist 
for SiC/SiC used in a GFR application, i.e., the effect of 
very high fluence neutron irradiation at temperatures 
ranging to largely beyond 1000oC, as well as issues which 
overlap those for fusion power reactor applications. 
 
Ⅲ. Status of material development and 
Characterization 
 
Ⅲ.A. CVI composites 
 
     For nuclear environments, SiC/SiC made from 
stoichiometric, high purity, and fully crystalline SiC 
fibers and matrices are preferred for the harshest 
conditions [24]. This is because of the demonstrated 
radiation instability of common matrix second phases 
such as metallic silicon in the reaction-bonded matrices 
[25], sintering agent represented by boron in hot-pressed 
SiC [26], and the amorphous Si–C–O commonly obtained 
through preceramic polymer routes [27]. Therefore, CVI, 
which essentially imparts CVD-SiC into a SiC fiber fabric, 
is an obvious selection of the matrix densification 
technique for fusion reference grade SiC/SiC [28,29]. 
     Early Generation III (near-stoichiometric and 
crystalline) SiC fiber, CVI-SiC matrix composites were 
produced in US – Japan collaboration in 1998 and 
subjected to a neutron irradiation campaign [30]. Hi-
NicalonTM Type S ( ‘ Nicalon-S ’  hereafter) and 
TyrannoTM-SA fibers were used and various fiber –
matrix interfacial phases ( ‘ interphases ’  hereafter) 
including pyrolytic carbon (PyC) and SiC-based 
interphases, were examined. Uni-directional (UD) 
reinforcement architecture was employed for 
investigation of fundamental aspects of interfacial 
properties and irradiation effects. Non-irradiated and low 
dose (_1 × 1025 n/m2, E > 0.1 MeV, the same shall apply 
hearafter) irradiation experiments demonstrated the 
promise of PyC and multilayered (ML) (PyC/SiC)n 
interphases [30 – 32]. The results for higher dose 
irradiation are discussed later in this review. 

     Optimum interphase structure and configurations for 
the advanced CVI composites were then explored. 
Nicalon-S and Tyranno-SA Grade-3 (SA3) composites 
with various PyC and ML interphases were fabricated 
using the forced-flow CVI (F-CVI) technique and 
evaluated [33–35]. The important finding was the general 
lack of sensitivity of mechanical properties on PyC 
interphase thickness for the both SiC fiber composites 
[34,35]. As seen in Fig. 1, the SA3 composites lacked the 
steep strength drop at very thin interphase, which is 
commonly observed for SiC/SiC with older generation 
fibers. These results show that the interphase can be 
designed for the optimum radiation and environmental 
compatibility without compromising the fast fracture 
strength. 
     For blanket materials, a high through-thickness 
thermal conductivity is required to reduce thermal stress. 
To identify the practical limit and to explore the 
possibility of further improvement of SiC/SiC thermal 
conductivity, CVI composites with threedimensional (3D) 
fabric architectures with various through-thickness (z) 
fiber fractions were recently produced and evaluated. A 
study on orthogonal 3D CVI composites with SA3 
reinforcement [36] demonstrated that the presence of z-
tows enables higher through-thickness conductivity, 
because the matrix shells around the tows carry a major 
fraction of heat. The maximum of the thermal stress 
figure of merit appeared to occur at relatively small z-
fiber fractions [36–38]. Model-based predictive capability 
for temperature-dependent conductivity of 2D and 3D 
CVI SiC/SiC has been demonstrated [36,39]. Irradiated 
thermal conductivity of SiC/SiC willbe limited by the 
irradiation defect accumulation, which is determined 
primarily by the irradiation temperature [40,41]. Raising 
thermal conductivity beyond such limits obviously 
requires incorporation of very high thermal conductivity 
media [42]. To examine this possibility, 2D and 3D CVI 
SiC/SiC ’ s supplemented with pitch-based P-120S 
graphite fibers were produced and evaluated. These 
‘hybrid fabric’ composites demonstrated limited promise, 
since the CTE (coefficient of thermal expansion) 
mismatch introduced fine micro-cracks in the SiC 
matrices surrounding the graphite fibers [43]. The concept 
requires an improved architectural design, perhaps 
properly adjusting the hybrid fabric configurations so that 
the matrix micro-cracking can be suppressed.In the EU 
program, manufacturing and extensive characterization of 
commercial grade 2D and 3D SA3, CVI SiC matrix 
composites has been pursued [44,45]. The composites 
were made with a singlelayered PyC interphase of _80 
nm-thickness and were optimized mainly for thermal 
conductivity. 
     The 3D composites demonstrated reasonable through-
thickness thermal conductivity (reaching ~18 W/m K at 
1000 oC) [45]. Low cycle fatigueproperties were 
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Fig. 1. The influence of carbon interphase thickness (shown in data labels) on tensile properties of TyrannoTM-SA3 CVI 
SiC/SiC. The similarity of the stress–strain curves indicate a general insensitivity of composite strength on interphase 
thickness. 
 
investigated by 4-point flexural tests and showed 
satisfactory results at RT and 1000 oC in argon. The creep 
behavior, investigated by constant stress rupture test in a 
flexural configuration, exhibited a short lifetime at high 
stress with runouts only at approximately half of the room 
temperature proportional limit stress [44]. The high 

temperature test results suggest the necessity of further 
R&D on fiber–matrix interphase and oxidative protection 
at elevated temperatures. 
 

 
 

 
Fig. 2. Small diameter tubes of third generation pilot commercial grade (PG3) NITE SiC/SiC produced through the pseudo-
isostatic hotpress technique. 
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Ⅲ.B.  NITE composites 
 
     The nano-infiltration and transient eutecticphase 
(NITE) process was developed by employing a liquid 
phase sintering (LPS) method utilizing a small amount of 
oxide additives. The development and fundamental 
characterization of the early NITE SiC/SiC are 
summarized elsewhere [46,47]. Based on achievement by 
the laboratory grade development, pilot commercial grade 
(PG) production was recently initiated [48]. During the 
PG productions, several process improvements were 
achieved. Near net-shaping techniques for NITE SiC/SiC 
have also been improved [48]. Small diameter (10 mm 
ID) tubes were successfully fabricated with the fiber angle 
of ±15o and ±30o (Fig. 2). The highest density of the tubes 
was 3.02 g/cm3, which is close to 3.08 g/cm3 attained for 
the PG3 plates. The average diametral ring compression 
strength was 108 MPa. Also 200 mm diameter GFR fuel 
compartment cylinders were produced with a wall 
thickness of 3 mm. These cylinders were successfully 
engineered to possess 5–40% through-wall porosity. 
     A limited neutron irradiation data has been acquired 
for NITE SiC/SiC. The PG1 composite was irradiated in 
high flux isotope reactor (HFIR) at Oak Ridge National 
Laboratory (ORNL) to 4.2 × 1025 n/m2 at 1000 oC. The 
observed mechanical and dimensional stability suggested 
decent irradiation tolerance of the matrix material [49]. 
Also, flexural strength of the NITE matrix material, in the 
form of a monolithic ceramic, was statistically evaluated 
after irradiation to 6 × 1024 n/m2 at 750 oC in Japan 
Materials Test Reactor (JMTR), and exhibited no major 
strength degradation [49]. Remaining critical issues in the 
NITE SiC/SiC development include improved control of 
matrix quality, stability of the matrix second phases at 
high temperatures, creep and oxidative resistance 
associated with the potentially enhanced oxygen transport 
due to the sintering additives, and radiation stability to 
higher doses. 
 
Ⅲ.C.  Other matrix densification processes 
 
     Other matrix densification techniques historically 
considered for nuclear applications are polymer 
impregnation and pyrolysis (PIP) and variations of direct 
conversion processes represented by melt infiltration (MI). 
Either technique is not presently attracting much attention 
for nuclear applications due to the recognized significant 
challenges [50,51]. However, for PIP, it was suggested 
that enhanced matrix crystallization and improved 
stoichiometry could be attained using a very high 
temperature treatment and novel polymer precursors 
[50,52]. Primary issue identified for high-crystallinity PIP 
composites was a loss of matrix integrity due to severe 
micro-cracking [53]. 
     This problem may possibly be overcome by employing 

precursors which shrink two-dimensionally into films 
surrounding fibers, instead of being severely cracked 
three-dimensionally upon ceramization. 
     As for the MI, a fine-tuned ‘reaction-sintering (RS)’ 
technique was developed to produce monolithic SiC with 
a minimal amount of unreacted silicon finely distributed 
as a scattered second phase [54]. The problem for 
conventional MI-SiC was its high temperature and 
irradiation instability due to the networked silicon [51]. A 
Nicalon-S composite with the fine-tuned RS matrix was 
produced and irradiated in HFIR. The composite, 
irradiated to 7.7 × 1025 n/m2 at 800 oC, exhibited flexural 
strength of 244 ± 18 MPa, which was ~23% reduction 
from its non-irradiated value of 316 ± 22 MPa. These 
results imply further reduction of unreacted silicon and 
microstructural control are required to improve the 
irradiation stability of RS SiC/SiC. 
 
Ⅲ.D.  Advanced characterization and interphase 
design 
 
     For the advanced characterization of the fiber/matrix 
interfacial properties, a modified non-linear shear – lag 
model was developed [55]. Combined with the single 
fiber push-out experiment, the model was applied to 
determine the interfacial properties of Nicalon-S CVI 
composites with PyC and ML interphases. Neutron 
irradiation effects were investigated in detail. No 
systematic changes of the interfacial shear properties for 
the PyC interphase were found, in contrast, a decreased 
frictional stress was confirmed for the ML interphase. 
However, sufficient friction after irradiation to 7.7 × 1025 
n/m2 at 800 oC was retained, thus demonstrating relatively 
good radiation stability for this ML composite. 
Furthermore, a significant reduction in interfacial friction 
caused the modification of interfacial crack path. 
Knowledge obtained through these characterization works 
will be useful for designing radiationresistant interphases. 
 
Ⅲ.E.  Slow crack growth 
 
     Understanding and predicting time-dependent 
deformation processes, both thermal and radiation-
induced, is an important consideration for structural 
materials. These time-dependent processes typically occur 
by slow crack growth in SiC/SiC. The matrix cracks 
propagate due to the time-dependent elongation of crack-
bridging fibers because the fibers carry the highest 
stresses as they bridge across cracks. Previous studies 
have indicated that bridged matrix cracks grow via fiber 
creep processes [56,57]. This is true for composite 
specimens when creep of the SiC matrix can be ignored. 
Other time-dependent deformation behaviors result when 
environmental interactions with the fiber/matrix interface 
dominate [58]. Introduction of improved SiC fibers has 
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resulted in SiC/SiC with increased slow crack growth 
resistance. 
     Accordingly, SiC/SiC with Nicalon-S fibers were 
tested in bending as single-edge notched bars or as 
compact tension specimens [59]. Several constant stress, 
4-point bend tests were performed to induce slow crack 
growth in unirradiated materials in high purity argon (Fig. 
3). The sample tested at 1300 oC failed during the test but 
the other specimens were removed intact from the test. 
Optical microscopy indicated that the cracks were 
growing under a Mode-I crack opening mode and can be 
considered as classic examples of bridged cracks. Based 
on the similar response of the composite to single fiber 

thermal creep, it was concluded that slow crack growth of 
SiC/SiC made with Nicalon-S fiber is controlled by fiber 
creep in bridged cracks. Although Nicalon-S fiber is more 
thermal creep resistant compared to the previous 
generation SiC fibers, an upper temperature limit for its 
longterm use in a composite material subjected to 
moderate stresses is still <1300 oC. Importantly, further 
tests will be needed to include radiation-induced fiber 
creep together with any other environmental effects. 
Efforts are currently underway to model slow crack 
growth behavior for these other conditions. 
 

 

 
Fig. 3. Slow crack growth data for Hi-NicalonTM Type-S CVI SiC/SiC as a function of test temperature in argon under a 
constant applied stress of 260 MPa. 
 
Ⅲ.F. Joining 
 
     A reliable technique of joining must be developed to 
use SiC/SiC as a primary structure. Joining technologies, 
including those through the preceramic polymer, direct 
reaction, and eutectic alloy routes, were overviewed 
previously [9]. Although recent efforts on joining 
development for fusion applications are rather limited, 
steady progress has been achieved. For instance, 
considering the polymer route, application of 
polyhydromethylsiloxane (PHMS) was shown to provide 
a flexible polymer chemistry and high ceramic yield [60]. 
Initial work demonstrated that PHMS systems with 
appropriate filler materials for joining SiC, particularly as 
a field repair technology, were viable. The NITE SiC/SiC 
matrix processing technique was also applied for SiC 
joining [61]. The ‘ NITE Joint ’  demonstrated tensile 
strengths in excess of 200 MPa, however, the joining 
process requires pressurization at high temperatures in a 
controlled environment. In addition, mechanical fastening 
of NITE SiC/SiC using screw-threaded tubes and 
manifolds was successfully demonstrated. 

Ⅲ.G.  Pb–Li Compatibility 
 
     To compliment prior SiC/Pb–17Li compatibility work 
[62,63], a series of static capsule tests was performed on 
high-purity CVD b-SiC specimens by Pint et al. [64]. 
Studying monolithic SiC avoids SiC/SiC composites 
processing issues, such as fiber interfaces and porosity. 
Initial 1000 h exposures at 800 oC and 1100 oC showed no 
mass change and no increase in the Si content (30 ppma 
detection limit) of the Pb–Li. Subsequent experiments 
were conducted at longer times and higher temperatures. 
After 5000 h at 800 _C, no increase in the Si content was 
measured. However, after 2000 h at 1100 oC and 1000 h 
at 1200 oC, increased levels of Si were detected in the Pb–
Li (185 and 370 ppma, respectively) [65]. Based on these 
results, the maximum use temperature of SiC composites 
in Pb–Li appears to be [1100 oC. To fully determine the 
compatibility of these materials, future work will need to 
include testing in a flowing system with a thermal 
gradient. 
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Ⅲ.H.  Hermetic behavior 
 
     Hermeticity is a major issue for first wall and blanket 
structure applications that require a pressure boundary 
and/or gas or fluid containment. A hermetic seal coating 
likely will be required for such applications, because the 
matrix micro-cracks, existing more or less in the as-
fabricated CVI, PIP or MI SiC/SiC, cause unacceptable 
gas leak rates for the high pressure helium containment. 
For the PG3 NITE SiC/SiC, helium gas permeability was 
recently measured to be on the order of 10-10 m2/s at room 
temperature [66]. It remained on the same order after 
unloading from tensile loading in excess of the matrix 
cracking stress, which indicates that the closed matrix 
micro-cracks do not significantly deteriorate hermeticity 
in this order. The helium permeability for the matrix 
micro-cracked PG3 NITE SiC/SiC was >3 orders smaller 
than that for typical as-produced MI SiC/SiC. 
 
Ⅳ. Irradiation effects studies 
 
IV.A.Radiation damage processes and microstructures 
 
     Substantial progress has been achieved in 
understanding the irradiation-induced microstructural 
evolution in b-SiC at elevated temperatures by neutron 
and self ion irradiations. The evolutions of various 
radiation defects (including tiny clusters, dislocation 
loops, network dislocations, and cavities) were mapped as 
a function of irradiation temperature and fluence [67]. 
The formation of black spot defects and small dislocation 
loops were shown to dominate at relatively low 
temperatures ([800oC], whereas these defects grow into 
Frank faulted loops and finally develop into dislocation 
networks at a higher temperature (1400oC). This radiation 
damage process is similar to that for FCC metals with low 
stacking fault energy [68]. During self ion irradiation, 
cavity formation on grain boundaries and stacking faults 
was observed at >1000 oC and became very significant at 
>1400 oC [69].  
 
Ⅳ.B.  Strength of composites 
 
     The effect of neutron irradiation on strength of 
SiC/SiC has long been evaluated by flexural tests due to 
the lack of more relevant test techniques [30,70]. 
Primarily for studying the neutron irradiation effects, 
small specimen test techniques (SSTT’s) for room and 

elevated temperature tensile properties [71], in-plane 
shear strength [72], and transthickness tensile strength 
[73] have been developed in fusion SiC/SiC programs. 
Reliable tensile properties were obtained using specimens 
with typical dimensions of 40 × 4 × 2 mm3 whereas the 
conventional tensile tests typically require >10 times 
larger specimen volume. Tensile tests are preferred over 
flexural tests because they provide more design-relevant 
property data as well as additional information such as 
ultimate tensile stress (UTS), strain at load maximum and 
fracture, interfacial friction, and residual stress [74]. 
     Several Nicalon-S, PyC interphase, UD CVI 
composites irradiated in HFIR and JMTR were evaluated 
using the developed tensile test [32,75]. In the HFIR 
experiment, strength retention of Nicalon-S CVI 
composites after neutron irradiation to 7.7 × 1025 n/m2 at 
800 oC was confirmed. The flexural tests only indicated a 
general lack of either the composite proportional limit 
stress (PLS) or the severe fiber tensile strength reduction, 
whereas the tensile tests reveal more detailed information 
such as the fact that the composite UTS slightly increases 
while other properties such as PLS and modulus do not 
significantly degrade after irradiation. Moreover, the 
detailed analysis on the loading –  unloading behavior 
provides insight into the interfacial shear properties and 
the residual stress. The results for an identical material 
irradiated in JMTR to at 1-2 × 1025 n/m2 at 800 and 1000 
oC indicated similar tensile properties as that for a higher 
dose and 800 oC [32]. The major differences observed in 
non-linear behavior are due to the mitigation of residual 
stress by irradiation creep. Several 2D Nicalon-S and SA3, 
PyC interphase, CVI composites were irradiated in JOYO 
fast breeder reactor (Japan Atomic Energy Agency, Oarai, 
Japan) up to a relatively high dose of 1.2 × 1026 n/m2 at 
750 oC [76]. In Fig. 4, representative stress–strain curves 
are shown. The test results indicated no statistically 
significant changes in tensile properties for composites 
with either type of fibers, which confirms that SA3 
composites also are radiation-stable. Up to this dose range, 
tensile hysteresis analysis and fractography implied no 
major degradation in interfacial frictional stress. However, 
as a major degradation of graphite strength is expected to 
take place at about this dose level, irradiation to even 
higher doses will be essential to determine the very high 
dose effect on the composite strength. 
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Fig. 4. Tensile stress–strain relationships for 2D TyrannoTM-SA3 CVI SiC/SiC non-irradiated and irradiated to 1.5 × 1026 
n/m2 (E > 0.1 MeV) at 750 oC. 

 
Fig. 5. Volumetric swelling of fission reactor irradiated high-purity SiC to 1600 oC. 

 
 
Ⅳ.C. Swelling and thermal conductivity 
 
     Past examinations of SiC swelling for irradiation 
temperatures >1000 oC are limited and suffered from the 
technical difficulty of determining irradiation temperature 
[77 – 79]. Recent detailed work by Snead et al. [80] 
examined swelling in high purity CVD and 
monocrystalline SiC over the 900–1600 oC irradiation 
temperature range for doses up to ~1 × 1026 n/m2. Fig. 5 
shows the swelling results from this study along with 
various historical data. Of note is that the swelling at 
1100–1300 oC appears not to saturate, increasing from 
~0.2% to ~0.5% as the dose increases from 2 to 6 × 1025 
n/m2. Moreover, swelling is seen to increase with 

increasing irradiation temperature for T J 1100 oC. At ~6 
× 1025 n/m2 the maximum swelling is ~1.5% at ~1580 oC. 
The peak temperature for void swelling may be at or 
above 1580 oC. In the same paper, the authors correlate 
new data on swelling with the room temperature thermal 
conductivity for SiC irradiated at high temperatures as 
well as for material irradiated in the 200–800 oC range. 
As the irradiation temperature increases above 1000 oC, 
the as irradiated conductivity also increases. The non-
irradiated room temperature thermal conductivity ~330 
W/m K decreased to ~25 W/m K for CVD SiC irradiated 
at _800 oC to saturation. For CVD SiC irradiated at ~1595 
oC, the thermal conductivity was ~110 W/m K. The 
thermal conductivity and swelling data for CVD SiC 
irradiated from 200 to 1600 oC were examined using the 
thermal defect resistance approach [40]. A clear, linear 

263



correlation is observed between the swelling and the 
thermal defect resistance in the irradiation temperature 
range from 200 to 800 oC. This clear correlation between 
the defect swelling (generally attributed to point defects 
and small clusters at these low temperatures) and the 
vacancy defects (which dominate the phonon scattering) 
suggests that the room temperature thermal conductivity 
can be estimated from a simple swelling measurement. 
The linear relationship between the thermal defect 
resistance and swelling breaks down for irradiation 
temperatures >1200 oC, which indicates that void swelling 
becomes dominant and that these defects are less effective 
as phonon scatters. The capability of predicting 
anisotropic thermal conductivity for SiC/SiC composite 
with any given reinforcement architecture was developed 
based on the thermal defect resistance model [40] and 
constitutive models of the composites ’  transport 
properties [81,82]. The comprehensive models are able to 
predict the composites’ thermal conductivity at various 
combinations of irradiation temperature, dose, and test 
temperature, with appropriately calibrated thermal 
resistance data for as-grown and irradiation-induced 
defects [36]. Meanwhile, further understanding of the 
physics of production, accumulation, and phonon-
interaction of irradiation defects in SiC would greatly 
improve the quality of models. 
 
 
Ⅳ.D.  Irradiation creep 
 
      For estimating the neutron irradiation creep of SiC 
and SiC/SiC, bend stress relaxation (BSR) technique was 
applied [83] to an irradiation experiment. In this 
experiment, thin strip samples were bent at constant strain 
and irradiated in HFIR and JMTR at 400–1030 oC [84]. 
Irradiation creep strain at <0.7 dpa exhibited only a weak 
dependence on irradiation temperature. However, the 
creep strain dependence on fluence was non-linear due to 
the early domination of the initial transient creep, and a 
transition in creep behavior was likely between ~950 and 
~1080 oC. Steady-state irradiation creep compliances of 
CVD SiC at doses >0.7 dpa were estimated to be 
2.7(±2.6) × 10-7 and 1.5(±0.8) ×10-6 (MPa dpa)~1 at 
~600 – ~950 oC and ~1080 oC, respectively, whereas 
linear-averaged creep compliances of 1–2 × 10-6 (MPa 
dpa) were obtained for doses of 0.6 – 0.7 dpa at all 
temperatures. The larger irradiation creep compliances 
previously reported are attributed to the domination by 
transient creep component [85]. This work is ongoing, 
and further results will be presented as they become 
available. 
 
 
 
 

Ⅴ. Other critical issues 
 
Ⅴ.A. FCI-specific issues 
 
     For flow channel insert (FCI), low electrical and 
thermal conductivities are the primary requirements to 
lower MHD pressure drop and to maintain modest 
temperature at the ferritic steel/Pb –Li boundary [86]. 
However, optimum ranges for electrical and thermal 
conductivities are not only dependent on various blanket 
design parameters but also inter-related each other. For 
example, some preliminary evaluation suggest upper 
limits for electrical and thermal conductivity of ~100 S/m 
and <2 W/m K, respectively, for the 5 mm-thick FCI wall 
in US DCLL TBM [87]. Likewise, irradiation effects on 
the transport properties must be considered. Other issues 
for SiC/SiC FCI include: (1) chemical compatibility with 
lead–lithium in a flow system with strong temperature 
gradients, (2) hermeticity against lead–lithium, and (3) 
secondary stresses due to thermal expansion and 
differential swelling in the presence of strong trans-
thickness temperature gradient [20]. Requirement for 
SiC/SiC for FCI application and typical values for 
presently available composites are summarized in Table 1. 
For the FCI application beyond ITER TBM, major 
technical issues added will be related with high fluence 
neutron loading and higher operating temperatures. 
 
 
Ⅴ.B. He/H effects in irradiated SiC 
 
     Relatively extensive production of helium and 
hydrogen occurs in SiC as a result of nuclear trans- 
mutation due to fusion neutrons. Calculation by Sawan 
and El-Guebaly indicates production ratios of 80–170 
appmHe/dpa and 30 – 70 appmH/dpa at the FW peak 
radiation regions for various blanket concepts [88]. The 
helium effect is important because helium interacts with 
the radiation defects and impurities, and consequently, 
may alter various irradiation effects on physical or 
mechanical properties. 
     Helium/hydrogen effects have been studied mostly by 
means of dual/triple beam ion irradiation experiments and 
TEM. Helium effect on swelling was reported [89], and 
later the enhanced void production in the presence of 
helium was confirmed [69]. In fact, bubble production in 
dual/triple-ion irradiated SiC was confirmed at >1000 oC, 
whereas temperature of >1300 oC was required to produce 
voids in irradiated, nearly helium-free SiC. Little 
difference between Si/He dual-beam and Si/He/H triple-
beam has been observed [90]. Recently, interesting 
dislocation–helium interactions were examined by a dual-
ion experiment. The presence of helium promotes Frank 
loop production and dislocations network development, 
which in turn promotes long-range transport of helium 
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along the dislocation network at 1400 oC [68]. Although 
much progress has been made, because in SiC the 
production of helium and hydrogen in the fusion 
environment is considerable, further investigations of 
helium/hydrogen effects are needed. 
 
 
Ⅴ.C. Solid transmutation, burn-out/burn-in 
 
     In SiC-based materials, transmutations other than 
helium/hydrogen production also are remaining as major 
issues for fusion (e.g., non-stoichiometric burn-out of SiC 
and burn-in of impurities including Al, Mg, Li, Be, and P 
[9,88]). A small amount of impurity burn-in may cause a 
drastic change in electrical resistivity, hence a major 
consideration for the FCI application. Accumulation of 
burn-out and impurity burn-in may cause significant 
changes in other critical properties; e.g., solid solution Al 
is known to degrade oxygen corrosion resistance of SiC. 
General issues related with the solid transmutation were 
briefly overviewed previously [9]. A most appropriate 
tool for studying transmutation would be a 14 MeV 
neutron source with sufficient dose. However, 
fundamental understanding may also be acquired by ion 
implantation experiments. 
 
 
Ⅵ. Conclusions 
 
     The recent status and the critical issues for SiC/SiC 
research and development for fusion applications, such as 
for use as a blanket structure in a fusion power reactor 
and also for relatively nearterm application in ITER TBM, 
were reviewed. Advanced (Generation III) SiC fiber, CVI 
SiC matrix composites have been evaluated as the current 
reference materials. Various interphase configurations and 
reinforcement architectures have been studied for 
improved radiation stability, strength, and thermal 
conductivity. Advanced characterization tests, including 
fiber/matrix interfacial friction and time-dependent 
deformation, have been developed. Baseline property 
characterization and low dose irradiation studies were 
completed for PG3 NITE SiC/SiC, as a promising 
alternate material. Some of the previously identified 
critical issues for SiC/SiC for fusion applications were 
addressed. Importantly, after tensile evaluation of CVI 
composites, no significant degradation of strength 
properties was observed for composites up to a relatively 
high dose of 1.2 × 1026 n/m2. However, potentially 
significant void swelling in CVD SiC at >~1100 oC was 
implied. On the other hand, encouraging irradiation creep 
resistance at 600–1100 oC was indicated. Models for 
prediction of the thermal conductivity for irradiated CVI 
SiC/SiC have been developed. Also, understanding of the 
fundamental radiation damage processes and 

microstructural evolution in high purity SiC has been 
advanced substantially. However, further work will be 
required for a definitive understanding of irradiation-
effects for various forms of SiC and SiC/SiC and the 
operating physical mechanisms. Nuclear transmutation 
remains as a critical issue. Finally, issues with respect to 
specific applications, such as for an FCI, were introduced, 
and other issues will arise as specific designs are 
developed. 
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Advanced SiC/SiC composites composed of highly-
crystalline and near-stoichiometric SiC fibers, SiC matrix 
by CVI method, and PyC interphase were irradiated up to 
1.0×1025 n/m2 (E > 0.1 MeV, ~1 dpa) at 1273 K.  Unload / 
reload cyclic tensile test and hysteresis loop analysis were 
carried out in order to identify neutron irradiation effects 
on interfacial properties of advanced SiC/SiC.  The 
composites exhibited good irradiation resistance in 
ultimate tensile strength (~10% increase), but there were 
slight reduction of elastic modulus and proportional limit 
stress (PLS) (~10%).  Wider hysteresis loops and lower 
gradient of the curves beyond PLS from the strain-stress 
curves, and longer pullouts of fiber from the SEM 
observation were observed, which imply weaker F/M 
interactions after neutron irradiation.  From the 
hysteresis loop analysis, degradation of interfacial sliding 
stress and negative increment of misfit stress after 
neutron irradiation were obtained.   

 
I. INTRODUCTION 

 
 Silicon carbide (SiC) and its composites (SiC/SiC) 

are attractive structural materials for fusion reactors and 
gas fast reactors because of their superior mechanical 
properties at high temperature and good irradiation 
resistance [1].  The mechanical properties of SiC/SiC 
composites after irradiation depend on the properties of 
their constituents, especially fiber/matrix (F / M) 
interphase [2-6].  SiC/SiC composites reinforced with less 
crystalline and non-stoichiometric SiC fibers have shown 
the interfacial debonding due to mismatch of swelling 
behavior of the fiber and β-SiC matrix after neutron 
irradiation.  In contrast, due to highly crystalline and near 
stoichiometric SiC fibers, advanced SiC/SiC composites 
have exhibited excellent irradiation stability in ultimate 
bend/tensile strength [6, 7]. 

In our previous work [8], tensile, flexural and inter-
laminar shear properties of advanced SiC/SiC composites 
with various interfaces (pyrolitic carbon (PyC), 
multilayered SiC/PyC (ML) and pseudo-porous SiC) after 
neutron irradiation up to 1×1025 n/m2 at mainly 1023 K 
was examined.  Advanced SiC/SiC composites exhibited 

good irradiation resistance in ultimate bend / tensile 
strength, but the result of a slight loss of proportional 
limit stress (PLS) in the monotonic tensile test and ~40% 
degradation of inter-laminar shear strength in the double 
notched specimen (DNS) test suggested degradation of F / 
M interphase.  However, irradiation effects on F / M 
interphase remain uncertain because it is well known that 
PLS depends on various constituent properties of 
composites and inter-laminar shear strength also might be 
dependent on size, geometry and distribution of pores.  
Therefore, irradiation effects on the interfacial role 
became one of the most important issues to be discussed.   

The main purpose of this study is to identify neutron 
irradiation effects on interfacial properties of advanced 
SiC/SiC composites.  For this purpose, we applied 
unloading / reloading tensile test and hysteresis loop 
analysis.  

 
II.  EXPERIMENTAL PROCEDURE   
II.A. Materials   
 

Unidirectional (UD) SiC/SiC composites were 
prepared by isothermal chemical vapor infiltration (I-
CVI) process at Hyper-Therm High-Temperature 
Composites, Inc..  They were composed of Hi-NicalonTM 
Type-S fibers as reinforcements with single pyrolytic 
carbon (PyC).  The thickness of PyC coating was 520, 
720 nm (PyC520, PyC720), the density of SiC/SiC was 
2.58 Mg/m3, and the fiber volume fraction was 29 %.  
Materials fabrication is detailed elsewhere [9, 10]. 

 
II.B. Neutron Irradiation   

 
Neutron irradiation was performed in the Japan 

Materials Testing Reactor (JMTR) at Oarai, Japan.  
Neutron fluence and temperature were 1.0×1025 n/m2 
(E>0.1MeV, correspond to 1dpa) and 1273K, respectively. 

 
II.C. Tensile Test   

 
Tensile tests were carried out in accordance with 

ASTM C 1275 at room temperature by using a face-
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loaded miniature specimen developed in previous works 
[11, 12].  The size of tensile test specimens was 4×1.5×50 
mm except unirradiated PyC720.  First, 1.0 mm-thick 
aluminum tabs were attached on both ends of rectangular 
specimens.  Second, a couple of 6.0 mm-length gauges 
were adhered in the center of gauge sections on both sides.  
Prepared specimens were mounted in the test flame by 
connection of wedge-type grips gripping system was kept 
in the plastic bags during the test.  Tensile tests were 
conducted under the displacement control of 0.5 mm/min.  
The detailed tensile setup is in [8], and more details are 
discussed elsewhere [11, 12].  In addition, the size of 
unirradiated PyC720 was 2×1.5×50 mm, and detailed 
procedures of the tensile test of unirradiated PyC720 were 
given elsewhere [2, 9]. 

 
II.D. Microstructural Observations   

 
After the tests, the fractured surfaces of tensile 

specimens were observed by scanning electron 
microscopy (SEM). 

 
III.  RESULTS 
 

Typical tensile stress / strain curves of PyC520 after 
neutron irradiation were shown in Fig. 1.  Initial linear 
region and non-linear behavior beyond it during tensile 
loading were observed in all composites; ~ 435 MPa of 
ultimate tensile stress (UTS) with ~ 235 MPa of 
proportional limit stress (PLS) and ~ 319 GPa of elastic 
modulus, i.e. unirradiated composites, fractured at lower 
stress ~365 MPa of UTS with ~268 MPa of PLS and ~365 
GPa of elastic modulus.  As shown in Fig. 1, wider 
maximum hysteresis loop width and larger permanent 
strain after neutron irradiation were observed.   

Table 1 exhibits the summary of unirradiated and 
irradiated tensile properties in PLS, UTS and elastic 
modulus after the test.  PyC520 and PyC720 exhibited 
almost same behavior. Hence they are lumped together as 
PyC in this study, since SiC/SiC with >400nm-thick PyC 
showed almost same behavior in bend test [13].   

Fig. 2 shows the relative tensile properties after 

neutron irradiation.  PyC composites exhibited good 
irradiation resistance in UTS (~30% increase), but a slight 
loss of both elastic modulus (~10%) and PLS (~10%) 
were observed after neutron irradiation up to 1 dpa at 
1273 K.   

Fig. 3 exhibits the typical fractured surfaces by SEM 
observation of the unirradiated and irradiated composites.  
Longer fiber pullouts were observed in the irradiated 
composites (0~287 μm, 94 μm in average), comparing 
with the unirradiated composites (0~121 μm, 46 μm in 
average).  In addition, some regions of the fractured 
surfaces in the unirradiated composites were flat with no 

 
Table 1  Summary of unirradiated and irradiated tensile properties.  Averages and standard deviations were shown.  PyC 

means PyC520 and PyC720.  The parentheses in Number of test indicate the number of tests fractured successfully. 
 

Specimen Irradiation  
condition E/GPa PLS/MPa UTS/MPa Number of  

test 
PyC520 Unirrad. 314.9±31.3 150.1±3.7 349.1±16.1 2 (2) 
PyC520 1273K, 1dpa 296.8±16.3 175.5±45.6 409.2±19.6 3 (2) 
PyC720 Unirrad. 329.1±33.2 236.9±16.3 287.4±37.3 5 (5) 
PyC720 1273K, 1dpa 266.1±5.8 189.4±33.9 435.5±0.0 3 (1) 

PyC Unirrad. 325.0±33.3 212.1±41.6 325.0±42.9 7 (7) 
PyC 1273K, 1dpa 281.4±19.6 182.4±40.8 418.0±20.2 7 (3) 
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Fig. 1  Representative stress / strain curves and 
hysteresis loops for Hi-NicalonTM Type-S / 520 nm-

PyC / I-CVI composites after neutron irradiation up to 
1 dpa at 1273 K. 
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pullouts.   
 

IV.  DISCUSSION   
IV.A. Neutron Irradiation Effects on Tensile Elastic 
Modulus   
 

The slight loss of tensile elastic modulus after 
neutron irradiation at 1273 K was similar to the decrease 
irradiated at 1073 K [8].  According to previous reports, 
moduli of Hi-NicalonTM Type-S single fiber by tensile test 
[14] and CVD-SiC by nano-indentation techniques [15, 
16], decreased ~ 10% at 1dpa, and kept this level up to at 
least 10 dpa in the temperature range from 423 to 823 K.  
At 1023 to 1273 K, elastic modulus exhibited nearly no 
reduction at least up to 3 dpa, following 10 % decrease at 
~ 8dpa.  Therefore, the small amount of degradation in 
elastic modulus of advanced SiC/SiC after neutron 
irradiation might be occurred.   

 
IV.B. Neutron Irradiation Effects on PLS   

 
Generally, proportional limit stress, i.e. matrix 

cracking stress (σmc), is closely dependent on interfacial 
properties and moduli of fiber and matrix and misfit stress 
[17, 18],   

 

T

m

fmm
mc REEf

EfE
E σ

τ
σ −

⎥
⎥
⎦

⎤

⎢
⎢
⎣

⎡

−

Γ
=

3/1

2

2

)1(
6

 (1)

 
where σT is the misfit stress, Γm is the matrix fracture 
energy, Ef is the Young’s modulus of fiber, Em is that of 
matrix, E is that of composites, τ is the interfacial sliding 
stress, f is the fiber volume fraction, and R is the fiber 
radius, respectively.  As discussed in Section IV.A., the 
irradiation-induced change of elastic moduli of highly 

crystalline SiC matrix and fiber should be minor at 1273 
K up to 1 dpa.   

Wider hysteresis loop width and lower gradient of the 
curves beyond PLS (Fig. 1), and longer fiber pullouts (Fig. 
3) imply the degradation of interfacial properties.  In 
order for further investigation of interfacial properties, the 
method of unloading / reloading hysteresis loop analysis 
methodology proposed by Vagaggini, Domergue, and 
Evans was applied [18-20].  In this analysis, inelastic 
strain index, which is important for estimating the 
interfacial property, and Young’s modulus of material 
with matrix cracks were obtained from the reciprocal 
moduli during reloading tensile-strain curves from 
different peak stress (σp: the transition stress from 
reloading to unloading).  The detailed method for 
unidirectional composites is given in elsewhere [18].   

Figure 4 exhibits the inelastic strain index (L) of 
advanced SiC/SiC composites after neutron irradiation, 
which is given by, 
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with ⎯d being the matrix crack spacing, and a1, b2 the 
Hutchinson and Jensen parameters [21].  As defined in Eq. 
(2), L is dependent on interfacial stress and mean matrix 
crack spacing.  Unfortunately, as the mean matrix crack 
spacing was not measured in individual tested samples, 
the saturated matrix crack spacing (⎯ds ) was determined 
by the crack spacing at fiber bundles of the fractured 
surfaces by SEM observation, in accordance with the 
matrix damage parameter (D) which is defined as, 

 
DB ≡=− dREE /1*  (3)

 

Fig. 3  Typical tensile fracture micrographs before and 
after neutron irradiation up to 1 dpa at 1273 K; (a), (b) 

unirradiated, (c), (d) irradiated. 
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Fig. 4  Inelastic strain index of Hi-NicalonTM Type-S / 
520 nm-PyC / I-CVI composites after neutron 

irradiation up to 1 dpa at 1273 K as a function of peak 
stress σp. 
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where B is a constant for a particular composite (fixed f 
and Ef/Em) and E* is the Young’s modulus of the 
composite with matrix cracks, respectively.  As shown in 
Eq. (3), D is in inversely proportion to matrix crack 
spacing, and is almost saturated around 300 MPa of peak 
stress (Fig. 5), so  we applied the saturated matrix crack 
spacing from the SEM observation ( 58 μm,  23 μm) to 
Eq. (2) at 306 MPa for the unirradiated specimens and 
289 MPa for the irradiated.  As a result, each interfacial 
sliding stresses was obtained (τunirrad.=35 MPa, τirrad.=21 
MPa).  Actually, about 40% degradation of the interfacial 
sliding stress after neutron irradiation up to 1 dpa at 1273 
K was confirmed.   

As shown in Eq. (1), PLS also depends on misfit 
stress, which correlates with residual stress in composites.  
Figure 6 exhibits the misfit stress for large debond energy 
as a function of peak stress using the following method in 
Ref. [20].  The conversion of misfit stress to residual 
stress components is provided elsewhere [18].  Negative 
increment of misfit stress was detected after neutron 
irradiation;   was in range of +80~-10 MPa, -4 MPa in 
average at the highest peak stress, and   was -60~-230 
MPa, -150 MPa, respectively.   

This result indicates that slight difference of swelling 
between each constituent (fiber and PyC interphase, 
matrix and PyC) might affect the residual stress in PyC 
interphase and cause the degradation of the interfacial 
property, ignoring the influence of interphase thickness 
and roughness of fiber.  Or it is also considered that the 
degradation might be caused by volumetric change of 
PyC interphase itself.  According to Kaae [22], low 
density isotropic PyC shrinks and has anisotropy in 
volumetric change after neutron irradiation up to 1 dpa.  
Therefore, further researches about swelling behaviors of 
SiC constituents (fiber, matrix) and PyC interphase after 
irradiation are required respectively in order to clarify the 
detailed mechanism of the degradation.   

 
IV.C. Neutron Irradiation Effects on UTS   

 
It is well known that degradation of interphase 

affects composite maximum strength in unidirectional 
composites [23], 
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where σu is the ultimate tensile strength, σc is the 
characteristic strength, σ0 is the Weibull mean strength, m 
is the shape parameter, and L0 is the gauge length, 
respectively.  In this study, there was up to 30 % 
increment in UTS after neutron irradiation regardless of 
the decrease of interfacial sliding stress as discussed in 
Section IV.B..  However, low fluence neutron irradiation 
probably caused moderate degradation in interfacial 
properties of PyC layer, resulting in the fullest potential of 
fiber strength.  Most cracks emerged in matrix penetrated 
into fibers through the strong-bonded F / M interface for 
the unirradiated samples.  (The result of SEM observation 
showed that some regions of the fractured surfaces in 
unirradiated composites were flat with no pullouts.)  This 
indicates that the maximum strength of composites 
significantly depends on the performance of intact fibers.  
There have no degradation in β-SiC [24, 25]) and Hi-
NicalonTM Type-S fiber [14]) and primary role of 
interphase is to control the fracture behaviors (brittle or 
quasi-ductile).  From these aspects, it can be concluded 
that the major achievements to provide good irradiation 
tolerances of UTS.   

 
IV. CONCLUSIONS 

200 250 300 350 400
0

1

2

M
at

ri
x 

da
m

ag
e

pa
ra

m
et

er
, D

Unirrad.

Irrad.

Peak stress, σp /MPa
200 250 300 350 400
0

1

2

M
at

ri
x 

da
m

ag
e

pa
ra

m
et

er
, D

Unirrad.

Irrad.

Peak stress, σp /MPa  
Fig. 5  Matrix damage parameter of Hi-NicalonTM 

Type-S / 520 nm-PyC / I-CVI composites after neutron 
irradiation up to 1 dpa at 1273 K as a function of peak 

stress σp. 
 

200 250 300 350 400
-300

-200

-100

0

100

Peak stress, σp /MPa

Unirrad.

Irrad.M
is

fit
 s

tr
es

s,
σΤ

 /M
Pa

200 250 300 350 400
-300

-200

-100

0

100

Peak stress, σp /MPa

Unirrad.

Irrad.M
is

fit
 s

tr
es

s,
σΤ

 /M
Pa

 
Fig. 6 Misfit stress of Hi-NicalonTM Type-S / 520 
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In order to identify neutron irradiation effects on 

interfacial properties of advanced SiC/SiC composites, 
unload / reload cyclic tensile test and hysteresis loop 
analysis were carried out.  The advanced SiC/SiC 
composites exhibited good irradiation resistance in UTS 
(~ 30% increase), but a slight reduction of PLS was 
obtained.  Wider hysteresis loops and lower gradient of 
the curves beyond PLS from the strain-stress curves, and 
longer fiber pullouts from the SEM observation were 
observed, which imply weaker F/M interactions.  
Additionally, from the hysteresis loop analysis, 
degradation of interfacial sliding stress was detected.  
Therefore it is considered that a slight reduction of PLS 
might be caused by the degradation of interfacial sliding 
stress.   
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The neutron irradiation effect on tensile properties in 
advanced 2D-SiC/SiC composites were evaluated.  The 
composites used were composed of a SiC matrix obtained 
by FCVI process and either Tyranno-SA 3rd grade (TySA) 
or Hi-Nicalon Type-S fiber with singly-layered PyC.  
Neutron irradiation fluence and temperature were 
3.1×1025n/m2 (E>0.1MeV) at 740oC and 1.2×1026n/m2 at 
750oC, respectively.  Tensile properties were evaluated by 
unloading/reloading cyclic tensile test, and hysteresis 
loop analysis was applied in order to predict interfacial 
properties.  Both composites exhibited excellent 
irradiation resistance in ultimate and proportional limit 
tensile stresses.  From the hysteresis loop analysis, the 
level of interfacial sliding stress was decreased 
significantly after irradiation to 1.2×1026n/m2 at 750oC.   

 
 

I. INTRODUCTION 
 
Silicon carbide (SiC) continuous fiber-reinforced SiC 

matrix composites (SiC/SiC composites) are attractive 
structural materials for fusion reactors and advanced 
fission reactors because of their superior mechanical 
properties at high temperatures [1].  The mechanical 
properties of SiC/SiC composites after irradiation is 
determined by the properties of their constituents, 
especially fiber/matrix (F/M) interphase in case of 
composites with high modulus matrix.  In earlier studies, 
SiC/SiC composites reinforced with nano-crystalline and 
non-stoichiometric SiC fibers have shown interfacial 
debonding due primary to fiber contraction, which caused 
severe degradation in flexural strength [2-5].  In recent 
studies, however, advanced SiC/SiC composites appeared 
to retain ultimate flexural strength due to improved 
irradiation stability of the high crystallinity and near-
stoichiometric SiC fibers [5, 6].   

For composites with highly irradiation-resistant 
matrices and fibers, irradiation effects on F/M interfacial 
properties has become one of the most important issues to 
be investigated.,  However, it is difficult to use the simple 
flexural testing to develop an understanding of irradiation 
effects on interfacial properties, because it is hard to 

analyze the data due to mixed failure modes.  Simple 
failure modes, such as are obtained in tensile tests enable 
the fracture behavior of SiC/SiC composites after 
irradiation to be understood more precisely.  Recent 
studies have employed tests yielding simple failure modes 
to evaluate interfacial properties [7-9].   

The main purpose of this work is to identify neutron 
irradiation effects on tensile and interfacial properties of 
advanced SiC/SiC composites reinforced with two 
commercially available, high crystallinity, near-
stoichiometric SiC fibers.  For this purpose, tensile 
properties were evaluated in an unloading/reloading 
cyclic tensile test and hysteresis loop analysis method was 
applied in order to predict interfacial properties.   

 
II.  EXPERIMENTAL PROCEDURE 
 

The composites used in this study were produced 
thorough a forced-flow thermal gradient chemical vapor 
infiltration (FCVI) process developed at Oak Ridge 
National Laboratory.  Either TyrannoTM-SA 3rd grade 
(hereafter TySA) or Hi-NicalonTM Type-S (hereafter 
HNLS) fibers were used as reinforcements.  These were 
plain-woven in a [0o/90o] orientation and held tightly in a 
graphite fixture for interphase deposition and subsequent 
matrix dentification.  F/M interphase was singly-layered 
pyrolytic carbon (PyC) and the thickness was 20~60nm.  
The density of the composites was 2.3-2.7 g/cm3, and the 
fiber volume fraction and porosity were ~38% and 17-
25%, respectively.  More detailed information about the 
materials fabrication is given elsewhere [10, 11].   

Neutron irradiation was performed in JOYO, fast 
spectrum reactor at Oarai, Japan, in JNC-54 and -61 
capsules as part of the CMIR-6 irradiation campaign.  
Neutron fluence and nominal irradiation temperature were 
3.1×1025n/m2 (E>0.1MeV) at 600oC and 1.2×1026n/m2 at 
750oC.  And equivalence of one displacement per atom 
(dpa) = 1×1025n/m2 (E>0.1MeV) is assumed.  The 
irradiation temperature was passively controlled by a 
fixed composition gas gap technique.  An estimation of 
the actual specimen temperature during irradiation has not 
been made available.   
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Tensile tests were conducted in accordance with 
ASTM C1275 at room temperature under the crosshead 
displacement control of 0.5mm/min by using a face-
loaded miniature specimen developed previously [12, 13].  
The gauge dimensions were 3×1.5×15mm and the 
specimen machining involved surface grinding into fabric 
layers [10].  A 1.0mm-thick aluminum tab was attached to 
each end of rectangular specimens, and a pair of 6.0mm-
length strain gauges were adhered in the center of gauge 
sections on both sides.  Specimens were mounted in the 
test flame by connection of wedge-type gripping system 
that was kept in the plastic bags during the test.  
Successful tests typically retained intact tab adhesion to 
the samples.  In order to avoid fractional bending during 
the tests, the both side of wedge was fixed at 60kN⋅m 
equally using a torque driver.  The detailed tensile setup is 
given elsewhere [7].   

After the tensile tests, the fractured surfaces of the 
specimens were observed using optical microscope and 
scanning electron microscope (SEM). 
 
III.  RESULTS 
 

Fig. 1 exhibits the typical tensile stress-strain curves 
of TySA and HNLS composites after neutron irradiation.  
The composites in all conditions exhibited quasi-ductile 
behaviors.  There was an initial steeper linear region in 
the stress-strain curve, with a second, nearly linear region 
at higher strains during tensile loading with multiple 
unloading/reloading sequences.  The initial linear protion 
corresponds to the linear elastic deformation of the 
composites, whereas the second linear protion 
corresponds to a process of progressive development and 
opening of the multiple matrix micro-cracks.   

Table I lists a summary of unirradiated and irradiated 
tensile properties: proportional limit stress (PLS), ultimate 
tensile strength (UTS) and elastic modulus (E) obtained 
from the tensile tests, and Fig. 2 shows the tensile 
properties after neutron irradiation.  Both composites 
exhibited excellent irradiation resistance.  Almost no 
degradation in PLS and UTS was occurred under both 

irradiation conditions, and an increase of about 50% was 
measured in PLS of TySA composites irradiated to 12dpa 
at 750oC.  In elastic modulus, a 15~20% decrease was 
obtained for both composites.   

Fig. 3 exhibits the maximum hysteresis loop width at 
each peak stress where σp is the transition stress from 
reloading to unloading.  For both composites, hysteresis 
loop width after irradiation up to 3.1dpa at 740oC became 
narrower than that of unirradiated one.  After neutron 
irradiation to 12dpa, 750oC, the width of TySA 
composites remained narrower, while that of HNLS 
exhibited almost the same behavior as the unirradiated 

Table I.  Summary of unirradiated and irradiated tensile properties.  Numbers in parenthesis show standard deviations.  
#1266, TySA (2D)/PyC/FCVI; #1272, HNLS (2D)/PyC/FCVI; E, tensile elastic modulus; PLS, proportional limit stress; 

UTS, ultimate tensile strength. 
 

ID Irradiation 
condition E [GPa] PLS [MPa] UTS [MPa] Number 

of test 
Unirrad. 257 (32) 76 (31) 218 (18) 6 

740oC, 3.1dpa 216 (11) 80 (9) 241 (30) 3 #1266 
750oC, 12dpa 198 (19) 112 (12) 209 (11) 3 

Unirrad. 253 (25) 98 (17) 227 (27) 10 
740oC, 3.1dpa 222 (33) 107 (9) 210 (18) 3 #1272 
750oC, 12dpa 200 (5) 100 (18) 220 (16) 4 
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Fig. 1.  Representative tensile stress-strain curves and 
hysteresis loops for (a) TySA (2D)/PyC/FCVI, (b) 
HNLS (2D)/PyC/FCVI composites after neutron 

irradiation.   
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material.   
Fig. 4 exhibits the typical fracture surfaces of the 

composites by SEM.  No significant change of fiber-pull 
outs was observed for both composites after irradiation.  
Fiber pull-outs in TySA composites were shorter than that 
in HNLS composites under all conditions.   

 
IV. DISCUSSION 

 
Both composites irradiated to 3.1dpa at 740oC 

exhibited narrower hysteresis loop widths, a slightly 
steeper slope in the second linear portion of the curve and 
nearly unchanged fiber pull-out length, all of which imply 
retaining or increasing of interfacial sliding stress.   

For further investigation of interfacial properties, the 

method of unloading/reloading hysteresis loop analysis 
methodology proposed by Vagaggini, Domergue and 
Evance was applied [14-17].  In this analysis, inelastic 
strain index, which is the most important for estimating 
interfacial property, and Young’s modulus of the material 
with matrix cracks were obtained from values of the 
inverse tangent moduli of reloading tensile stress-strain 
curves at different peak stress.  A detailed description for 
2D composites is found elsewhere [17].   

The maximum hysteresis loop width (δmax) of before 
and after irradiation is dependent on both interfacial 
sliding stress (τ) and mean matrix crack spacing (⎯d ).  
The composites in all conditions met large debond energy 
condition.  For this condition, the maximum hysteresis 
loop width (δmax) is given by [14, 17],   

E PLS UTS
0.2

0.4

0.6

0.8

1

1.2

1.4

1.6

1.8

E PLS UTS

R
el

at
iv

e 
te

ns
ile

 p
ro

pe
rt

ie
s,

 S
ir
ra

d.
/S

un
irr

ad
.

JOYO CMIR-6 
JNC-54, 61
Tyranno-SA3rd

(2D)/PyC/FCVI

JOYO CMIR-6 
JNC-54, 61
Hi-Nicalon
Type-S 
(2D)/PyC/FCVI

a b 740℃, 3.1dpa
750℃, 12dpa

E PLS UTS
0.2

0.4

0.6

0.8

1

1.2

1.4

1.6

1.8

E PLS UTS

R
el

at
iv

e 
te

ns
ile

 p
ro

pe
rt

ie
s,

 S
ir
ra

d.
/S

un
irr

ad
.

JOYO CMIR-6 
JNC-54, 61
Tyranno-SA3rd

(2D)/PyC/FCVI

JOYO CMIR-6 
JNC-54, 61
Hi-Nicalon
Type-S 
(2D)/PyC/FCVI

a b 740℃, 3.1dpa
750℃, 12dpa

Fig. 2.  Ratio of irradiated to unirradiated tensile 
properties of (a) TySA (2D)/PyC/FCVI, (b) HNLS 

(2D)/PyC/FCVI composites after neutron irradiation.  
Error bars show maximum and minimum. 
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Fig. 3.  Hysteresis loop width plotted against peak 
stress; (a) TySA (2D)/PyC/FCVI, (b) HNLS 

(2D)/PyC/FCVI composites.  Error bars show standard 
deviation.   

  
Fig. 4.  Typical fracture surfaces of unirradiated and neutron-irradiated specimens; (a) unirradiated, (b) 740oC, 3.1dpa and 

(c) 750oC, 12dpa for TySA (2D)/PyC/FCVI, and (d) unirradiated, (e) 740oC, 3.1dpa and (f) 750oC, 12dpa for HNLS 
(2D)/PyC/FCVI.   
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where λ is inelastic strain index, σi is ‘debond’ stress [14], 
Em is Young’s modulus of matrix, R is fiber radius, f is 
fiber volume fraction, and a1 and b1 the Hutchinson-
Jensen parameters [18].  All parameters except interfacial 
sliding stress and mean matrix crack spacing remain 
almost unchanged during irradiation.   

Unfortunately, the mean matrix crack spacing was 
not measured, so the interfacial sliding stress parameter 
τ’=τ⋅⎯d /R obtained from inelastic strain index was used 
for this analysis.  Thus, the evaluation of interfacial 
sliding stress parameter at the same matrix crack spacing 
(i.e. same matrix damage level) is required.  The matrix 
damage parameter (D) is defined as [14],  

 

 d
RB

E
EED =

−
≡ *

*

 
(2)

 
where E is elastic modulus of the composite, E* is 
Young’s modulus of the composite with matrix cracks 
obtained from the reloading stress-strain curve, and B is a 
constant for particular composite.  As shown in Eq. (2), 
the matrix damage parameter is inversely proportional to 
matrix crack spacing.  Therefore, the interfacial sliding 
stress can be predicted using the interfacial sliding stress 
parameter obtained for the same matrix damage parameter.   

Fig. 5 exhibits the interfacial sliding stress parameter 
at approximately the same matrix damage parameter 
(D≅0.2).  For both composites, the interfacial sliding 
stress parameter remained nearly constant after irradiation 
up to 3.1dpa at 740oC, while the parameter decreased after 
irradiation up to 12dpa at 750oC.   

According to the work by Bokros et al. [19,20], the 
interfacial PyC is expected to shrink in both the a and c 
axis directions after neutron irradiation up to 2-3×1025 
n/m2 in the range of 520-690oC. However, it began to 
swell significantly in the c axis direction over ~10×1025 
n/m2 irradiation.  This result might be correlated with the 
result of the analysis of data in this study, but the details 
are unclear.  Therefore, further research and SEM 
observations of crack propagation and TEM observation 
of the PyC interphase itself are required in order to 
understand the behavior of the interphase after neutron 
irradiation.   

Residual stress between the fiber and matrix may 
affect the tensile behavior of SiC/SiC composites, so the 
misfit stress σT was also estimated by hysteresis loop 
analysis.  The conversion of misfit stress to residual stress 
components was carried out by the method discussed 

elsewhere [14].   At high peak stress, misfit stress was 
influenced by fiber roughness due to the damage of the 
PyC interphase during the test.  Therefore, the misfit 
stress at a peak stress of 125-175 MPa was used for this 
evaluation.  The result is: σΤ=+9±6MPa (unirradiated), 
+3±3MPa (3.1dpa at 740oC), +6±2MPa (12dpa at 750oC) 
for TySA composites, and +9±5MPa, +6±5MPa, 
+5±3MPa for HNLS composites.  From these results, it 
appears that the misfit stress may not affect the tensile 
behavior of either composite under these irradiation 
conditions.   

 
IV. SUMMARY 

 
In order to identify the effects of neutron irradiation 

on tensile properties of advanced SiC/SiC composites 
(Tyranno-SA3rd (2D)/PyC/FCVI and Hi-Nicalon Type-S 
(2D)/PyC/FCVI), unloading/reloading cyclic tensile test 
was conducted and hysteresis loop analysis was applied.  
Neutron fluence and irradiation temperature were 
3.1×1025n/m2 (E>0.1MeV) at 740oC and 1.2×1026n/m2 at 
750oC.  The following results were obtained:   
1. Both composites exhibited excellent irradiation 
resistance to changes in ultimate tensile strength and 
proportional limit stress. And slight reduction of elastic 
modulus was observed after irradiation.  
2. Hysteresis loop analysis indicated that the sliding 
stress at fiber/matrix interfaces remained almost 
unchanged after irradiation to 3.1×1025n/m2 at 740oC, 
whereas it was significantly reduced by 1.2×1026n/m2 at 
750oC for both composites.   
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In order to clarify key engineering issues and to 

enhance key R&D activities for D-T fusion blankets, 

many design activities on innovative liquid blanket 

systems are on going as collaboration studies in 

Japan.  Recently an improved long-life Flibe blanket 

has been proposed, and the self-cooled Li/V blanket 

design has started. For Flibe systems, much progress 

has been made on tritium permeation barrier, energy 

conversion system, free surface designs, and 

thermofluid loop experiments. For Li/V systems, 

evaluation studies have proceeded on Be-free nuclear 

properties and allowable crack fraction on multi-

layered MHD insulation coatings. 

 

 

I. INTRODUCTION 

 

After selecting the molten-salt Flibe blanket in 

the LHD-type helical reactor FFHR in 1995
1
, 

intensive design studies on Flibe blanket have been 

continued and expanded into wide R&D areas, 

including materials compatibility, tritium disengager 

systems, thermofluid and MHD effects, and energy 

conversion systems, in the NIFS collaborations as 

summarized in Fig.1 under the Fusion Research 

Network
2
 in Japan Universities. And then, these 

activities have been expanded into international 

research programs such as JUPITER-II (2001-2006)
3
.  

The main purposes of these design activities are 

to clarify key engineering issues and to enhance key 

R&D activities required for advanced system 

integration of D-T power plants.  Recently an 

improved long-life Flibe blanket has been proposed, 

and self-cooled Be-free liquid blanket designs such as 

Li/V have been started, based on intensive R&D 

works and results. This paper mainly focuses on these 

liquid blanket designs and related R&D activities in 

Japan. 

 

 

II. FLIBE BLANKET DESIGN ACTIVITIES 

 

II.A Long-life blanket designs 

 

 New design approaches are proposed for the 

Flibe / RAFS (reduced activation ferritic steel) blanket 

in FFHR to solve the major issues of blanket space 

limitation and replacement difficulty.  For the neutron 

wall loading of 1.5MW/m
2
 as adopted so far in FFHR 

designs, an innovative concept of replacement-free 

blankets is possible in the reactor life of 30 years, 

using carbon armor tiles as ISSEC (Internal Spectral 

Shifter and Energy Converter), in which, however, the 

tritium breeding and tile cooling were key issues
4
.  

Figure 2 shows the new proposal of our STB 

(Spectral-shifter and Tritium breeder Blanket) of flibe 

in the limited thickness of about 1m, where the Be2C 

layer in C and the flibe zone are optimized. 

Comparing with the original blanket
1
 without ISSEC, 

the MCNP-4C calculations using JENDL3.2 nuclear 

data show that in this STB the flux of fast neutrons (> 

0.1MeV) at the first wall of JLF-1 (RAF) is reduced to 

1.3x10
18

/m
2
s, which is about 140dpa in 30 years and 

1/3 of the original flux as shown in Fig.3. At the same 

time the local TBR higher than 1.2 is obtained as 
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shown in Fig.4, and the fast neutron fluence to SC 

magnets is one order reduced to 5x10
22

n/m
2
, which is 

sufficient to keep Tc/Tc0 >0.9 for Nb3Sn, for instance.   

According to a preliminary thermal analysis, the 

surface temperature of the carbon armor is about 

1600°C under conditions of nuclear heating, an 

effective thermal conductivity of 100W/m/K for C-

Be2C-C bonded armors of 16cm thickness and heat 

transfer coefficient of 6000W/m
2
/K for the 

mechanical contact under a normal bolted pressure 

using a super-graphite sheet
5
 between the armor and 

the first wall of JLF-1. These conditions are not yet 

fully available, due to dimensional changes and 

degradation of thermal properties of carbon under 

neutron irradiations. Those are key R&D issues 

including thermal stress in tiles. Fortunately the 

tritium inventory trapped in carbon is negligible at 

such high temperatures.  

 

II.B     Tritium recovery systems 

 

Because of low hydrogen-isotope solubility in 

Flibe, tritium recovery is very easy. At the same time, 

however, tritium leak due to permeation through the 

recovery system is a crucial problem. In the FFHR 

with 1GWth fusion power, the tritium generation rate 

is 1.8MCi/day and the Flibe flow rate is 2.3m
3
/s for 

the in-out temperature difference of 100°C. Then, for 

the condition of the tritium concentration at the outlet 

to be 5x10
-4

wppm (1kPa), the tritium recovery system 

needs to recover almost all tritium in one cycle using 

such as a vacuum disengager or a He-Flibe counter-

current flow extractor in order to decrease tritium leak 

from the heat exchanger. The overall tritium recovery 

ratio was assumed to be 99%. 

The permeation leak rate through the duct with 

thickness of 3mm is about 1kCi/day. In order to 

reduce the leak rate below 10Ci/day, a double tube 

concept has been proposed in FFHR as shown in Fig.5. 

The leak rate is lowered down to 1Ci/day when the 

duct tube (~100m
2
) is covered with a tritium barrier. 

For this barrier, a small part of Flibe is branched off at 

the heat exchanger outlet and made flow in the 

reversible direction. When tritium is generated in 

Flibe, the tritium pressure becomes considerably high, 

because of the low Henrry’s solubility constant under 

a given tritium concentration. On the other hand, 

when tritium is not generated in Flibe, i.e., out-of-

vessel Flibe, the tritium permeability through well-

Redox-controlled Flibe becomes low because of the 

low solubility
6, 7

. Consequently, Flibe can be used as a 

permeation barrier
8
. Alternatively the conventional 

concept to flow He sweeping gas in the double tube is 

also feasible as the barrier with a flow rate around 

220cc/s.  

Plasma

107 cm0

Self-cooled
 T breeder  

Radiation shield  Vacuum vessel

SC
magnet

First wall

550°C

coolant out

LCFS

 Thermal shield 
450°C

20°C

53

T boundary
&

Flibe

6Li

40%

2
17

50.3

&

 JLF-1

 + B4C
(30 vol.%)

Be (60 vol.%)

16
7.7

Be2C

C

STBSTB

1,600°C

Tiles
mechanical

joint

10

(Redox)

Thermal
insulation

10

JLF-1
JLF-1 JLF-1

C

1

4

Be

1

Fig.2   Radial build of STB Flibe blanket for FFHR2. 

Fig.3     Neutron spectra at the first wall calculated for 

FFHR2 Flibe blanket with and without STB.   
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The most serious problem left on tritium safety is 

permeation leak through the heat exchanger to the 

secondary He loop, and its rate is estimated 18kCi/day 

assuming heat exchanger surfaces of several 

thousands m
2
. With use of a high-pressure helium 

turbine system and good thermal conductivity tube, 

the area can be cut down. At all rates, tritium in Flibe 

coming out of tritium recovery system permeates 

through the heat exchanger walls if an effective 

tritium permeation barrier is not developed. Therefore, 

the tritium has to be recovered from the secondary He 

loop. Catalytic oxidation or Pd permeation method 

will be used for the tritium recovery in a similar way 

to the tritium recovery from the He purge gas in the 

solid blanket system. 

 

II.C      Energy conversion systems 

 

The in/out operation temperature of Flibe in 

FFHR blanket design is 450˚C and 550˚C, 

respectively, where 45mol% BeF2 is selected instead 

of peritectic Flibe (33mol%BeF2) in order to keep the 

temperature margin at about 420°C, because the two 

times increase of viscosity does affect the pressure 

drop by only
0.25

. For this condition, a closed helium 

gas turbine cycle with three-stage compression-

expansion as illustrated in Fig.6
9, 10

 was newly 

proposed and the attainable thermal efficiency was 

estimated. It consists of one pre-cooler, two inter-

coolers, one regenerative heat exchanger, one main 

heat exchanger, two reheaters as well as three 

compressors and expanders. The heat rejecting 

temperature was fixed at 30˚C and the compression 

and expansion ratios for each of the three stages were 

assumed to be equal. The maximum thermal 

efficiency was found to be 37% for compression ratio 

of 1.5, which can favorably be compared with 

standard thermal efficiency of conventional nuclear 

power plants. 

However, the problem lies in the pressure drop 

ratio.  In the above estimation, the relative pressure 

drop through whole cycle path was fixed at 0.1.  

Although it is a typical value in conventional gas 

turbine cycles, the present multi-stage cycle contains 

total 7 heat exchangers in the operating flow path.  As 

the pressure drop ratio increases, the attainable 

thermal efficiency decreases rapidly. Therefore the 

layout of energy conversion devices is a key design 

issue for realizing such multi-stage compression-

expansion gas turbine cycle. 

Another problem may be a leakage of tritium-

containing helium gas through the shaft bearing.  It 

will give rise to the necessity of containing whole 

system in a large vessel, as in the design of modular 

type HTGR power plant.   

 

II.D     Innovative free surface wall 

 

In general, a high Prandtl number (Pr = /a, here 

 is viscosity and a is thermal diffusivity) fluid like 

Flibe (Pr = ~30) has relatively lower heat transport 

capability than that of liquid metal (Pr = ~0.03 for Li), 

because of its very low thermal diffusivity and low 

thermal mixing feature due to thinner thermal 

boundary layer at an interfacial region. Therefore, in 

particular, the design feasibility of the first wall for 

Flibe blanket is one of the key issues.  

As for the application of free surface concept to 

the FFHR design, it is necessary to consider the 

helical configuration, that is, at a certain position the 

free surface would be at the ceiling. In this case, the 

liquid might be falling down into the plasma. 

Therefore an innovative free surface design KSF wall 

(Kunugi-Sagara type Free surface wall) has been 

proposed, where many micro grooves are made on the 

first wall as a flow passage to use capillary force to 

withstand the gravity force
11, 12

. The higher velocity of 

Fig.7  Result of the numerical simulation for free 

surface flow and liquid temperature profile 

under the surface heat flux of 0.1MW/m
2
. 
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Fig.6  Proposed He gas turbine cycle with three-

stage compression-expansion system.  
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coolant to withstand the higher heat load from plasma 

and the lower vaporization from the coolant free 

surface would be necessary. In this sense, this 

innovative cooling concept (KSF) consists of two 

flow passages: the main coolant flow passage between 

blanket wall and the groove structures for maintaining 

the higher coolant velocity along the first wall/blanket 

structure, and the flow passages in the micro-grooves 

for reducing the free surface temperature due to the 

secondary flow convection: the enhancement of the 

thermal mixing near the free surface. The mean 

coolant flow velocity in the main passage was 

assumed 1m/s. However, the mean velocity in the 

grooves might be very small because of the large 

friction loss.  

Advanced numerical simulation has explored that, 

as shown in Fig.7, a pair of symmetrical spiral flows 

is formed in a half of 1.2mm groove due to the flow 

induced by the surface tension, the shear force from 

the main stream and the buoyancy force. In case of the 

vertical and bottom wall configurations, both cases 

show the spiral flows as the same as Fig.7. So, the 

same heat transfer performance can be expected for 

both configurations. The most attractive result is that 

this spiral flow enhances heat transfer efficiency, 

where the local heat transfer coefficient evaluated at 

the groove side wall drastically increases about four 

times higher magnitude, however the pressure loss 

was not increased much because of the low flow 

velocity in the grooves. 

 

II.E     Thermofluid R&D activities 

 

As for conventional closed-surface systems, heat-

transfer enhancement for such high Prandtl-number 

fluid as Flibe has been performed using HTS (Heat 

Transfer Salt with low melting point of 142°C) in a 

large molten salt circulating experimental device 

“TNT loop” (Tohoku-NIFS Thermofluid loop) shown 

in Fig.8
9, 13, 14

. At the test section, a packed-bed tube is 

employed as the enhancer for molten salt flow activity.  

  In Fig.9, the results obtained with HTS is 

converted to the case of Flibe at the same inlet 

condition of Pr=28.5 where Tin=200
o
C for HTS and 

536
o
C for Flibe. At this conversion, the temperature 

difference between the flow bulk and the wall 

temperature T=100
o
C and 25

o
C are assumed, and the 

linear approximation is employed. It is found that the 

minimum allowable flow rate to cool 1 [MW/m
2
] is 

about 60 [liter/min] under the condition that the 

copper bed (D/4: a quarter of the tube diameter D) is 

used and T is 100
o
C. This flow rate is lower than 

that of the turbulent heat transfer (100[litter/min]). 

This means that MHD effects including electro-

chemical activities are preferably lowered.  

The pressure drop induced in the packed-bed tube 

has to be quantitatively evaluated for a detailed 

reactor design. However, since there must be a lot of 

out-of-vessel tubes with many elbows, the total 

pressure drop may be lower for a low flow rate in case 

of packed bed comparing with the case of turbulent 

flow. And then the pumping power (pressure drop x 

volumetric flow rate) is beneficially lowered.   

 

 

III.    LI/V BLANKET DESIGN ACTIVITIES 

 

III.A     Self-cooled Be-free Li/V blanket 

  

Based on intensive R&D progress on in-situ 

MHD coatings of Er2O3
15

 and high purity V 

fabrication
16

, self-cooled Li/V blanket designs have 

started
17, 18

. In particular, the Be-free Li/V concept has 

some attractiveness such as a simplified blanket 

structure, free from Be resource limitations, and with 

no concern for safe handling and neutron-irradiation 

Fig.8  3D image of  the TNT loop, which has the total 

capacity of 0.1m
3 

and can be operated at 600°C. 

Fig.9  Flibe flow rate to remove the heat flux on 

packed-bed tubes in comparison with a strait tube. 
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effects on solid Be. Moreover, vanadium alloy as the 

structure material enables high operation temperature 

up to ~750
o 

C, leading a high thermal efficiency. On 

the other hand, the nuclear shielding property 

becomes poor without Be. 

Figure 10 shows a simple model of Be-free Li/V 

blanket as an alternative for FFHR2
18

, where the total 

blanket thickness is expanded from 90 cm of the 

original design to 120 cm as a modified design. Under 

the condition of fixed blanket space of 120 cm, 

balance of the tritium production and the shielding 

performance was examined by changing the thickness 

of the breeder channels as shown in Fig.11. 

Performances of Flibe/V and Flibe/JLF-1 blankets 

adopting the same geometrical model of Fig. 10, 

which also do not use additional solid Be, are plotted 

in the figure for comparison. TBR of Li/V is higher 

than 1.3 at about 50 cm with an acceptable shielding 

efficiency for super-conducting magnets. 

 

III.B     Evaluation of MHD pressure drop 

 

Reduction of MHD pressure drop is one of 

critical issues in self-cooled lithium blanket systems. 

For this purpose, some concepts are proposed where 

insulating material is coated on the inside wall of 

metal channel.  In these concepts, however, cracking 

in the insulator layer might become fatal to increase 

the MHD pressure drop drastically.  In order to avoid 

this fatal failure, three-layered wall is proposed as 

schematically shown in Fig.12, where the inner thin 

vanadium layer helps prevent permeation of lithium 

into a crack in the insulating  layer
19

. By expanding 

the theoretical models proposed in references
20, 21

 to 

treat the inner wall thickness explicitly in the circuit 

theory, the following equations are obtained, 

 

 

Here  and Ha corresponds to electric conductivity 

and Hartmann number, respectively. The outermost 

and innermost layers are expressed by i=1 and i=n, 

respectively.  In the equations, the Hartmann and M-

shape layers at the boundary of Li are also treated as 

conducting walls.  The performance required to the 

second layer as insulator is evaluated to be 

 

 

In this study, the following parameters are chosen; 

a=b=5cm, t1=5mm, t2=10μm
22

 and t3=10-25μm.  

Two-dimensional FEM analysis is also performed to 

evaluate effect of inner metal wall thickness on the 

MHD pressure drop
23

.  Figure 13 shows the results of 

both numerical and theoretical calculations.  

Extremely good agreement can be seen between the 

results.  From equation (2), the performance required 

to the insulator is calculated as follows;  

Fig.10    Geometrical model of self-cooled liquid 

blanket system for nuclear calculation  

Fig.11   Local TBR and neutron shielding 

performance calculated for the Li/V blanket 

with 6Li enrichment of 35%. 
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The results clearly indicate that the ratio less than 10
-9

 

is enough as complete insulator. The pressure drop 

dp/dz depends on the inner metal wall thickness t, 

flow velocity, and B field as follows 

 

where the reason of <2 is that the thickness of 

Hartmann and M-shape layers depends on the 

magnetic field itself. 

 

 

IV. CONCLUSION 

 

Liquid blanket researches in Japan have been 

widely expanded into key activities, and much 

progress has been made in the past decade. 

Furthermore the network research activities have 

matured, including international collaborations. Based 

on those activities, the next steps will be as follows: 

(1) System integration modeling, (2) Liquid loop 

experiments for each key issue, (3) Irradiation loop 

experiments in a hot cell, (4) Blanket system 

fabrication and operation tests in such devices as 

ITER
24

. 
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Neutronics investigations have been conducted in the 

design activity of the helical-type reactor Force Free 
Helical Reactor (FFHR2) adopting Flibe-cooled and Li-
cooled advanced liquid blanket systems. In this study, 
comprehensive investigations and geometry modifications 
related to the tritium breeding ratios (TBRs), neutron 
shielding performance and neutron wall loading on the 
first walls in FFHR2 have been performed by improving 
the three-dimensional (3D) neutronics calculation system 
developed for non-axisymmetric helical designs. The total 
TBRs obtained after modifying the blanket dimensions 
indicated that all the advanced blanket systems proposed 
for FFHR2 would achieve adequate tritium self-
sufficiency by dimension adjustment and optimization of 
structures in the breeder layers. However, it appeared 
that the most important neutronics issue in the present 
helical blanket configuration was suppression of neutron 
streaming through the divertor pumping areas and 
reflection from support structures for protection of 
poloidal and helical coils. Evaluation of neutron wall 
loading on the first walls indicated that the peaking factor 
would be moderated as low as 1.2 by the toroidal and 
helical effect of the helical-shaped plasma distribution in 
the helical reactor. 

 
1. Introduction 

The collaborative design activity of the helical-type 
power reactor Force Free Helical Reactor (FFHR2) has 
been conducted by the National Institute for Fusion 
Science (NIFS) and universities [1]. In the activity, the 
neutronics performance has been studied as one of the 
important issues for deciding the reactor parameters and 
improving the performance by design modification. 
Advanced self-cooled liquid blanket systems with Flibe or 
Li coolant have been studied for FFHR2 to achieve high-
performance power generation. So far, the fundamental 
neutronics potentials for the proposed blanket concepts 
have been studied by neutron transport calculations with 
1D [1, 2] or a simple torus geometry [3, 4]. 

For progress in the reactor design, evaluation of 
neutronics performance with 3D geometry data was 
required to simulate the neutron transport in complicated 
non-axisymmetric helical systems. The effort to import 
3D geometry data from the CAD system into neutronics 
calculations was made by each neutronics group in Japan, 
US,EUand China for high accuracy evaluation [5–8]. 
However, the approach with CAD data has been 
considered unsuitable for the conceptual design activity of 

FFHR2, since it would require a long time for preparation, 
correction and modification of geometry data. Therefore, 
development of a 3D neutron transport calculation system 
has been started focusing on the quick generation of 3D 
geometry data of helical structures and feedback to the 
design modification and optimization [9, 10]. 

Progress in those previous works is summarized as 
(1) the start of development of a new3D neutronics 
calculation system for helical reactor design and (2) 
preliminary evaluation of tritium breeding ratios (TBRs) 
for Flibe+Be/JLF-1 and Li/Valloy blanket systems in 3D 
geometry and modification of blanket configuration to 
enhance TBRs. However, issues that remain are (1) TBR 
evaluation for the multi-layered new helical spectral-
shifter and tritium breeding blanket (STB) concept, (2) 
more accurate evaluation of neutron streaming and 
reflection in the reactor including vacuum vessels, support 
structures, cryostat, etc, (3) evaluation of 3D neutron 
shielding performance especially for superconducting 
coils and (4) introduction of a helical-shaped plasma core 
regarding density and temperature distributions to 
evaluate peaking factors of neutron wall loading on the 
first walls. 

In this study, evaluations for the remaining issues 
(1)–(4) have been performed and, based on those results, 
modifications of the helical blanket systems have been 
discussed. Details of the neutronics methodology and the 
present neutronics investigations in the FFHR2 design 
activity are described below. 
 
2.  Advanced Liquid-Cooled Blanket Systems for 
FFHR 

Figure 1 shows the drawing of FFHR2m1, which is 
the present version of the FFHR2 design. The major 
radius of the torus is 14.0m and the plasma radius is 1.73 
m [10]. The structures of the blanket systems proposed for 
FFHR2 are shown in figure 2. The design activity has 
originally been conducted with the selfcooled 
Flibe+Be/JLF-1 (reduced activation ferritic/martensitic 
steel) blanket system (figure 2(a)) for attractive merits on 
safety aspects, low MHD resistance, etc. Recently, the 
Flibe-cooled STB concept employing thick carbon armour 
(figure 2(b)) has been proposed for the FFHR2m1 design 
to avoid critical neutron damage on the first wall [11]. In 
this concept, the replacement-free blanket would be 
achieved during the reactor lifetime of ~30 years by 
reducing irradiation damage on the first wall of ferritic 
steel. In addition to the original Flibe-cooled systems, 
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Li/V-alloy (vanadium alloy) and Flibe/V-alloy blanket 
concepts without solid Be multiplier (figure 2(c)) also 
have been studied as alternatives for high-temperature 
operation [3, 4]. Neutronics properties of the candidate 
blanket systems have been investigated by using the 
Monte-Carlo neutron transport code MCNP-5 [12] and 
nuclear library JENDL-3.2 [13] for a simple torus 
geometry as shown in figure 2. In the reactor design 
activity, the blanket space of 1.2 m and the neutron wall 
loading of 1.5 MWm−2 (~5 × 1014 n cm−2s−1) have been 

set as parameters related to neutronics investigations. 
After optimization of material composition and thickness 
for the breeder and shielding layers, both requirements on 
the local TBR ~1.2–1.3 and the neutron shielding 
performance (<1.0×1010 n cm−2s−1 for fast neutrons (>0.1 
MeV) at superconducting magnet system) are satisfied in 
all of the blanket systems with the combination of a 
breeder layer of 30–60 cm and a radiation shield of ~60 
cm.  
 
3. The 3-D Neutronics Calculation System 

Since the original FFHR2 design has adopted the 
helical divertor system, the DT core plasma is covered 
with four separated blanket layers running helically in the 
toroidal direction as shown in figure 3(a). For neutronics 
evaluation in the helical reactor, neutron transport in the 
helical blanket components, streaming through the 
divertor pumping areas and reflection from the 
components such as support structures, vacuum vessels 
and cryostat are important factors to be simulated with 3D 
geometry data. For the conceptual design activity of the 
helical reactor, development of a 3D neutronics 
calculation system has been conducted focusing on the 
quick feedback between neutronics evaluation and design 
modification [9]. 

Input data for the calculation system are prepared by 
dividing the cross-section of blanket components and 
helical coils into quadrangular meshes on design drawing 
as shown in figure 3(a). From the coordinates of each 
quadrangular mesh, a computer program written for this 
system calculates the vertices of the 3D helical structure 
according to the numerical equations defining all the 
helical structures of FFHR2 [14]. Figure 3(b) shows a 
model of 3D geometry data for the original blanket 
configuration of FFHR2m1. The geometry data are 
converted to an input file for the MCNP5 Monte-Carlo 
neutron transport code with the computer program. The 
full torus geometry data of the helical components shown 
in figure 3(b) consist of ~3,000 cells for the transport code. 
The number of cells could be decreased to ~500 in the 72◦ 
model by using the periodic boundary function of the 
MCNP code. Details of the 3D neutronics calculation 
method have been described in our previous paper [9]. 

The 3D neutronics calculation system has been 
improved for comprehensive neutronics investigations in 
this study. In the Monte-Carlo transport calculations, 
definition of void areas, i.e. vacuum areas, is a difficult 
issue for simulation of complicated 3D geometry as 
pointed out also in other calculation systems [5]. For the 
input of complicated geometry data without the limitation 
from the MCNP code [9], vacuum areas were divided into 
small sections in these calculations (section 4.1). A 
function for simulation of non-helical toroidal structures 
such as poloidal coils, support structures, vacuum vessel 
and cryostat has been installed for evaluation of neutron 
shielding performance in the helical reactor (section 4.2). 
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Figure 2. Structures of advanced liquid blanket systems 
proposed for FFHR2m. (a) Flibe+Be/JLF-1 (b) Flibe cooled 
STB and (c) Li/V-alloy, Flibe/V-alloy blanket systems. 

Figure 1. Helical-type power reactor FFHR2m1.
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Calculated neutron fluxes and neutron currents on 
components were extracted from an output file of the 

MCNP code with a post-process program also written for 
the present system and 3D distributions of the results have 
been drawn with visualization software for the 
understanding of the shielding performance (section 4.2) 
and neutron wall loading on the first walls (section 4.3). 
 
4.  Neutronics Performance of Helical Blanket System 
and Discussions 
  
4.1. Tritium Breeding Ability 

Tritium breeding abilities in the Flibe+Be/JLF-1 and 
Li/Valloy blanket systems have been evaluated using the 
3D calculation system in our previous study [9]. The 
TBRs calculated for the original blanket configuration 
shown in figure 3(a) were 0.82 (Flibe+Be/JLF-1) and 0.81 
(Li/V-alloy). The results indicated that the effective 
coverage was 60–70 % due to the wide opening at the 
divertor pumping areas. In order to enhance the tritium 
breeding ability and shielding efficiency, the dimensions 
of blanket components have been modified by expanding 
the edges as shown in figure 3(c). The effective coverage 
increased to ~80% and the total TBRs in the 
Flibe+Be/JLF-1 and Li/V-alloy blanket systems were 1.09 
and 0.99, respectively. A uniform torus-shaped neutron 
source 1.5m in diameter was assumed in the investigation. 
In this study, the TBR of the Flibe/V-alloy blanket system, 
in which the volume ratios of Flibe and V-alloy are the 
same as the Li/V-alloy blanket, was also evaluated and 
was 0.97 for the modified configuration. 

In the TBR evaluations described above, the breeder 
layer was simplified to a uniform mixture of a breeding 
material, neutron multiplier and structural material. From 
the results of transport calculations using a simple torus 
geometry shown in figure 2, it was confirmed that the 
simplification gives lower TBRs by ~0.3% (Li/V-alloy 
blanket) and ~4% (Flibe+Be/JLF-1 blanket) compared 
with the geometry simulating the material distribution in 
the breeder layer. In contrast to the three blanket systems, 
simulation of multilayered structure was necessary for the 
TBR evaluation of the helical STB concept [11]. Since the 
neutron energy from the core plasma is dramatically 
attenuated with a thick carbon armour, the position and 
thickness of the carbon and Be2C layers affect the TBR 
sensitively. In previous calculations, the shape of a 
vacuum area has been defined by simply subtracting all 
the blanket component cells from a large calculation area 
with a Boolean command of the MCNP5 code as shown 
in figure 4(a) [9]. Therefore, the increase in the number of 
the component cells directly expanded the data length for 
defining the vacuum area and the data length exceeded 
the capacity of the MCNP5 code. For the input of the 
complicated multilayered structures of the STB concept, 
the calculation system has been modified to divide a 
vacuum area into small sections as shown in figure 4(b). 
The division of a vacuum area into smaller sections 
suppressed the data length for defining each vacuum area 

(a) 

(b) 

Figure 3. Making of 3D geometry data for present neutronics 
evaluations: (a) Division of cross-section of helical blanket 
components into quadrangular meshes. (b) Example of 3D 
geometry of helical blanket system. Vertices are calculated 
according to the numerical equations defining all the helical 
structures of FFHR2 [9, 10]. (c) Cross-section of Flibe+Be/JLF-1 
and Li/V-alloy blanket geometry modified for improvement of 
tritium breeding [9]. 

(c) 
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and avoided the limitation in the previous system. By 
increasing the number of cells defining the blanket 
structures to ~1,900 (72◦ model) as shown in figure 4(c), 
the TBR of the STB concept has been evaluated for the 

modified blanket configuration. In our previous 
optimization of the layer thickness and material 
compositions using the simple torus model [11], the 
thickness for the JLF-1 first wall was set to 1 cm. 
However, the total TBR calculated for the present 3D 
geometry was 0.91 due to the drastic absorption of 
thermal neutrons by the JLF-1 first wall. The relation 
between the local TBR and the first wall thickness 
evaluated with the simple torus model [11] indicated that 
the value of the TBR would be improved drastically by 
reducing the first wall thickness in the design effort. The 
total TBR of 1.0 was obtained for the 3D geometry with 
the first wall of 5mm thickness. 

 
4.2 Shielding Performance 

Issues of neutron shielding in helical reactors have 
been discussed in previous neutronics studies for the 
Heliotron-H reactor design [15, 16]. The importance of 
shielding for neutrons flowing in the tangential direction 
of the torus has been pointed out based on neutron 
transport calculations with a coarse 3D geometry due to a 
lower computer ability at that time. In this investigation 
for the FFHR2 design, neutron streaming through the 
openings of the divertor pumping areas is the main feature 
to be simulated with the 3D neutronics calculation system. 
The target of the neutron shielding performance in the 
FFHR2 design is to suppress the fast neutron flux (> 0.1 
MeV) lower than 1.0 × 1010 n cm−2s−1 at the super-
conducting coil system to avoid critical damage during 
the 30 years operation [17]. The shielding ability of the 
helical blanket system against neutrons from the core 
plasma is evaluated with the geometry shown in figure 5 
for the Flibe+Be/JLF-1 blanket system. The intensity of 
the neutron source was fixed to 6.6×1020 n s−1 for the 360◦ 
full torus geometry, which gives the averaged neutron 
wall loading of 1.5 MWm−2 in the simple torus geometry 
shown in figure 2. The distribution of fast neutron fluxes 

Figure 4. (a) Definition of vacuum area in precious calculations 
[9]. (b) Division of vacuum areas to prepare complicated 
geometry input data for the MCNP code. (c) Cross-section of 3D 
geometry for Flibe-cooled STB concept. 

(a) 

(b) 

(c) 

Figure 5. Calculation geometry for investigation of neutron 
shielding performance.
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on the structure surfaces were investigated by 3D 
visualized drawing of the calculated results. 

The results indicated the inhomogeneous distribution 
of fast neutron flux on the helical coil surfaces. Although 
neutron shielding for the helical coils might be considered 
adequate on the vertical cross-section of design drawing 
shown in figure 3(a), the maximum value was ~9 × 1011 n 
cm−2s−1 at the inner side of the torus in the initial design. 
From the horizontal cross-section of the blanket system 
shown in figure 6, it has been understood that direct 
neutrons from the core plasma (arrow (A)) were hitting 
the thin side shield of ~30 cm thickness. By increasing the 
thickness of the side shield to ~50 cm and expanding the 
breeder layers to shield the side surfaces from the direct 
neutrons, the fast neutron flux on the helical coils at the 
inner side of the torus could be suppressed to ~3 × 1010 n 
cm−2s−1. Previous neutronics investigations using the 
simple torus geometry indicated that the fast neutron flux 

would be reduced by a factor of ~3 by increasing the ratio 
of B4C in the shield layer [4]. The improvement in the 
shielding ability has also been evaluated for the 3D 
geometry by increasing the B4C ratio in the shielding 
layers to 60 vol.%. It was confirmed that the value of the 
fast neutron flux could be suppressed to ~1 × 1010 n cm−2 
s−1. 

Another issue in the shielding performance is neutron 
streaming through the divertor pumping areas outside of 
the torus (arrow (B)). An example of 3D distribution of 
fast neutron fluxes on the structures is shown in figure 7. 
In the figure, the fast neutron fluxes on the upper poloidal 
coils, one of the helical coils and the support structures 
are extracted and drawn. The gradation of colour is by a 
smoothing function of the visualization software. The 
distribution indicated that the fast neutron flux was 
extremely high on the outer side support structure due to 
neutron streaming through the divertor pumping areas. 
The maximum fast neutron flux on the poloidal coils was 
1.7 × 1011 n cm−2s−1 and exceeded the design target also 
due to neutron streaming. In addition, the maximum fast 
neutron flux on the helical coil increased to 1.1 × 1012 n 
cm−2s−1 near the outer support structure. From the 
comparison with the fast neutron flux of ~3 × 1010 n 
cm−2s−1 obtained for the geometry without the support 
structure, this is considered to be due to reflection of 
neutrons from the support structures. By taking into 
account that the large openings of the support structures 
for blanket maintenance (figure 1) have not been 
simulated in the present 3D geometry data, the neutron 
reflection from the support structures would be lower in 
the actual reactor geometry. However, the values of fast 
neutron flux indicate the necessity of drastic enhancement 
of the shielding ability to reduce the reflection. This is the 
most important key issue in the present reactor design, 
and the detailed design modification has been discussed 
[18] and will be presented elsewhere. Figure 6. Horizontal cross-section of blanket system and 

modification of shielding performance against direct neutrons 
from core plasma. 

Figure 7. Distribution of fast neutron flux on helical coil, 
poloidal coils and support structures. 

Figure 8. Top view of calculated neutron wall loading 
distribution (72◦ of the torus). 
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4.3 Toroidal and helical effect on neutron wall loading 

While the averaged plasma radius has been assumed 
to be 1.73 m in the design parameters of FFHR2m1 [10], 
the shortest distance between the toroidal axis and the 
first wall is 1.45 m in the actual helical blanket 
configuration. The distribution of the neutron wall loading 
on the first wall was calculated to evaluate the maximum 
value in the 3D geometry. Since it has been considered 
that the neutron wall loading distribution would be 
affected by the plasma distribution shown in figure 1, the 
evaluation was performed by assuming helically rotating 
plasma distribution with an elliptical cross-section. The 
plasma distribution was simulated by adding a 
FORTRAN code to a source file of MCNP5, i.e. 
‘source.f’ defining neutron source positions, directions 
and energies and by recompiling. The assumed long 
radius and short radius of the plasma cross-section were 
2.4 m and 1.5 m, respectively. The second order 
distribution was assumed for the ion density and 
temperature in the plasma. The intensity of the neutron 
source in this investigation was also fixed to 6.6 × 1020 n 
s−1 for the 360◦ full torus geometry, which gives the 
averaged neutron wall loading of 1.5 MWm−2 in the 
simple torus geometry shown in figure 2. From the results 
shown in figure 8, the maximum neutron wall loading has 
been estimated to be 1.8 MWm−2. Since the maximum 
neutron wall loading of 2.0 MWm−2 was obtained for the 
uniform torus-shaped neutron source shown in figures 
3(c), the comparison of the results indicated that the 
peaking factor of the neutron wall loading on the first wall 
would be moderated by plasma distribution in the helical 
reactor. A more detailed investigation of the relation 
between the plasma distribution and neutron wall loading 
distribution is one of the important neutronics studies in 
the future. The simulation of the helical-shaped plasma 
increased the total TBR slightly by ~2 % for the 
Flibe+Be/JLF-1 blanket system compared with the 
evaluation with the uniform torus-shaped neutron source. 
 
4.4 Improvement of calculation system 

A quick feedback between the investigation of the 
neutronics performance in the helical blanket system and 
the design modification was performed effectively by 
using the current 3D neutronics calculation system. In the 
system, the helical and non-helical toroidal structures of 
the reactor components could be simulated from the input 
of small size data, which are the coordinates of the 
quadrangular meshes generated on the cross-section 
drawings of the components. However, the investigation 
of the shielding performance indicates the importance of 
simulating the maintenance ports on the support structures, 
divertor pumping ports on the shielding layers etc in 
further neutronics studies. The addition of the function for 
importing CAD data is planned for the detailed simulation 
of the ports. The target of the present development of the 

3D neutronics calculation system is to understand the 
neutron flow in the reactor system by meshing the 
vacuum areas around structures similarly to the reactor 
components and by 3D visualization of neutron flux 
distribution. 
 
5. Conclusion 

Neutronics investigations have been conducted in the 
design activities of the helical-type power reactor FFHR2 
by constructing the 3D neutronics calculation system for 
non-axisymmetrical helical designs. In this study, more 
accurate evaluations of tritium breeding abilities, neutron 
shielding performances and neutron wall loading 
distribution in the helical blanket systems have been 
performed by newly introducing the methods for 
complicated 3D geometry data generation and simulation 
of helical-shaped core plasma distribution. The new 
functions for 3D visualization of neutronics parameters 
have been successfully used for finding out the key points 
in enhancing the neutron shielding performance and also 
for understanding the positions on the first walls with 
maximum neutron wall loading. 

The total TBR of the Flibe/V-alloy system has been 
evaluated to be 0.97 with 3D blanket geometry data. The 
TBR for the Flibe-cooled STB system employing a thick 
carbon armour was investigated by simulating the 
multilayered blanket geometry. The results indicate that 
the STB system would achieve the TBR>1.0 in FFHR2 by 
reducing the thickness of the JLF-1 firstwall in the design 
effort. Therefore, including the results evaluated 
previously for Flibe+Be/JLF-1 (TBR : 1.09) and Li/V-
alloy (TBR : 0.99) blanket systems, all four types of 
advanced liquid-cooled blanket systems would achieve 
the total TBR>1.0 by further design modification such as 
optimization of reflectors and dimension adjustment. In 
the investigation of neutron shielding performance, 
neutron streaming and reflection in the reactor have been 
evaluated by including the geometry of the vacuum 
vessels, support structures, cryostat, etc. The maximum 
fast neutron fluxes on the helical and poloidal coil 
surfaces significantly exceeded the design target 
especially at the outer side of the torus. The neutron flux 
distribution on the components indicated that the 
suppression of neutron streaming through the divertor 
pumping areas and reflection from the support structures 
is the most important neutronics issue in this design to be 
improved by drastic modification of the shield 
configuration. In the evaluation of neutron wall loading 
on the first walls, it appeared that the peaking factor of 
distribution in the reactor is moderated as low as 1.2 by 
the toroidal and helical effect of the helical-shaped core 
plasma distribution. 

After this fundamental investigation of the neutronics 
performance, this study for the FFHR2 design will 
proceed in optimizing in accordance with improvement in 
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other aspects such as plasma distribution, divertor system, 
superconducting coil system. 
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One of the critical issues of Flibe/V-alloy blanket 
with REDOX control by Be is a large tritium inventory in 
V-alloy structures. Among the possible solutions to this 
issue would be to control REDOX not by Be but by 
addition of MoF6 or WF6 enhancing the reaction from T2 
to TF. The present study investigated feasibility of this 
procedure by thermodynamic and neutronics calculations. 
Using the blanket dimensions of Force Free Helical 
Reactor (FFHR), tritium inventory in V-alloy structure 
and Flibe were estimated based on the calculated 
equilibrium partial pressures of T2 and TF in various 
cases of REDOX control by MoF6 or WF6. Also carried 
out were neutronics examinations for the impact of Mo or 
W doping in the blanket. The results showed that the 
tritium inventory in the blanket area would be less than 
100g at the TF level of 0.1 and 1 ppm in Flibe with 
addition of WF6 and MoF6, respectively. WF6 doping 
is far more advantageous than MoF6 doping for low 
activation purposes. 

 
I. INTRODUCTION 

 
Flibe is one of the attractive liquid breeder materials 

because of its low chemical reactivity, very low MHD 
pressure drop and relatively high tritium recovery 
capability. In contrast to standard FFHR blanket design 
using Reduced Activation Ferritic/Martensitic Steel 
(RAFM),1 the use of vanadium alloys (V-4Cr-4Ti) 
increased the maximum operation temperature and ΔT of 
the coolant Flibe in the blanket, which is significantly 
beneficial for reducing viscosity of the fluid and 
enhancing thermal efficiency of the plant.2 

However, combination of high partial pressure of T2 
in Flibe and high tritium solubility of V-alloy structure 
would result in large tritium inventory in the blanket 
structural components. As a potential solution to this 
issue, it was proposed to dope MoF6 or WF6 into Flibe 
for corrosion protection of the wall surfaces by 
precipitation of Mo or W, and for reduction of the 
tritium inventory by enhancing the chemical reaction 
from T2 to TF which is more soluble in Flibe.3  

Fig. 1 is a schematic illustration of the REDOX 
control by WF6 doping into Flibe. The reaction of the 
doped WF6 with T2 results in extremely biased 
equilibrium of TF over T2. The resulting TF and W will 

be recovered out of the blanket.  At the wall surface, the 
reaction of WF6 with V results in dissolution of V into 
Flibe, because the resulting VF4 and VF5 are volatile, and 
plating of the wall surface with W at the initial operation 
period. The W plating is thought to be effective as a 
corrosion barrier for the wall according to free energies.3 
In addition, the plating has a self-healing capability.  

This concept is quite attractive because of (1) 
enhanced operation temperature by the use of V-alloys, 
(2) suppressed wall corrosion by protective Mo or W 
plating, and (3) reduced T inventory in V-alloy structures 
by reduced partial pressure of T2. This is one of the few 
self-cooled liquid breeder blanket concepts not requiring 
either MHD insulator or tritium barrier coatings which are 
recognized as key feasibility issues for the most liquid 
breeder blanket concepts. Among the issues of the 
concept is recovery of tritium in the form of TF and Mo 
or W out of the blanket. 

The quantitative examination of this concept has been, 
however, quite limited. Especially it is necessary to 
evaluate the feasibility of the concept from the tritium 
management viewpoint. The present study investigated 
possible tritium management scenario by quantitative 
thermodynamic calculations. Also carried out was neutron 
transport and activation calculations for evaluating 
nuclear properties of the blanket including continuous 
WF6 or MoF6 doping. Comparisons were made between 
WF6 and MoF6 doping with respect to the tritium 
managements and the nuclear properties. 

V-alloy V

VF4 or 5 WF6

W‐coating  
(self-healing)

WF6 doping Recovery of  TF and W

Flibe

Reaction in Flibe T2 + WF6 TF + WT2 + WF6 TF + W

V + WF6          VF4 or 5 + WV + WF6          VF4 or 5 + W
Reaction at the wall 

Out of Blanket

 
 
Fig. 1  Schematic illustration of REDOX control of Flibe 
by doping WF6. 
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II.  THERMODYNAMICS CALCULATION OF 
TRITIUM INVENTORY 

II.A. Procedure 
 

The reaction of WF6 with T2 is given as follows. 
 

 1/6 WF6 + 1/2 T2  = 1/6 W + TF       (1) 
 

For this reaction, the chemical equilibrium equation at 
temperature T is given by  
 
 ΔGf

o = -RT ln PTF/PWF6
1/6PT2

1/2          (2) 
 
where ΔGf

o, R, PTF, PWF6 and PT2
 are the difference in the 

free energy for fluoride formation, gas constant, partial 
pressure of TF, WF6 and T2, respectively.  In deriving the 
relation between PTF and PT2, PWF6 needs to be known. In 
this calculation it is assumed that the solubility of WF6 in 
flibe is so high that solution of 1 mol-ppm WF6 into Flibe 
at 1 atm results  in PWF6 of 10-6 atm. Because PWF6 
contributes to the relation between PTF and PT2 only by 
1/6 power as seen in eq. (2), the impact of the solubility of  
WF6 in Flibe is small as will be shown in the results. 

Calculation was carried out at 1000K, where ΔGf
o for 

WF6 to TF and MoF6 to TF was assumed to be 10.6 and 
16.0 kcal/mol, respectively.4 The Sievert’s constant for V-
4Cr-4Ti at 1000K was assumed to be 0.05/atm1/2 based on 

the recent hydrogen data.5 
For evaluation of tritium inventory in the V-4Cr-4Ti, 

the blanket structure of FFHR-FV6 was assumed, where 
the breeding blanket is composed of 700 tons of V-4Cr-
4Ti structure, 1140 tons of Flibe, and neutron/thermal 
shield.  
 
II.B. Results and Discussion 

 
Fig. 2 shows partial pressure and tritium molar 

fraction of TF and T2 in various levels of MoF6 or WF6 
doping into Flibe. The conversion from partial pressure to 
tritium molar fraction for TF and T2 were derived using 
the solubility of D2 and DF,7-9 respectively, and Henry’s 
law. In the figure, tritium inventory in V-4Cr-4Ti 
structure and in Flibe were also indicated assuming 
FFHR-FV blanket structure. It should be noted that the 
tritium inventory in V-4Cr-4Ti structure and in Flibe are 
dominated by the partial pressure of T2 and concentration 
of TF in Flibe, respectively. 

Fig. 2 indicates that the solution level of MoF6 or 
WF6 should not influence strongly the results. The doping 
of MoF6 results in partial pressure of T2 three orders of 
magnitude lower than that of WF6. 

The level of TF in Flibe is a key parameter for the 
tritium management in the system. The tritium inventories 
in 700 tons of V-4Cr-4Ti structure and 1140 tons of Flibe 
in the blanket area were compared in Fig. 3 as a function 
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Fig. 2  Partial pressure and tritium molar fraction of TF and T2 in Flibe for various levels of MoF6 or WF6 doping into 
Flibe at 1000K. Tritium inventory in V-4Cr-4Ti structure and in Flibe were also indicated assuming FFHR-FV blanket 
structure. 
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of the tritium molar fraction as TF in Flibe in two cases of 
MoF6 and WF6 doping.  

The tritium inventory in Flibe is a unique function of 
the molar fraction of TF in Flibe because majority of the 
tritium in Flibe is in solution as TF in the case of REDOX 
control either by MoF6 or WF6 doping.  On the other hand, 
the tritium inventory in V-4Cr-4Ti structure is quite 
different between the two types of doping. Interestingly, 
the tritium inventory in Flibe and in V-4Cr-4Ti structure 
is close with each other in the case of MoF6 doping. The 
tritium inventory in V-4Cr-4Ti structure is about 30 times 
larger in the case of WF6 doping. 

Assuming the guideline of the total tritium inventory 
in the blanket area of 100g, the acceptable maximum level 
of TF in Flibe can be estimated to be ~3 ppm and ~0.1 
ppm for MoF6 and WF6 doping, respectively.  According 
to the previous analysis of tritium management, in which 
tritium level in Flibe was designed to be ~0.1 ppm,3,10 the 
WF6 doping seems to be feasible for the tritium 
management. 

It should be noted that if REDOX control by Be is 
carried out enhancing the reaction from TF to T2, the 
expected tritium inventory in V-4Cr-4Ti structure in the 
case of 1 mol-ppm tritium in Flibe would be ~130kg. 
 
III.  NEUTRONICS CALCULATION OF BLANKET 

PROPERTIES IN THE CASE OF MoF6 or WF6 
DOPING 

III.A. Procedure 
 

Neutronics characterization was carried out for the 
blanket in the simple torus structure of FFHR-FV with the 

neutron wall loading of 1.5 MW/m2. The procedure for 
the calculation was shown in the previous paper.2 

Assuming the reactor power of 3 GWth, the reaction 
of the transmutant tritium with MoF6 and WF6 results in 
the precipitation of 2.7 kg of Mo and 5.1 kg of W per day, 
respectively.  They would be removed from Flibe out of 
the blanket area by cold traps or other recovery systems. 
In this calculation, two cases, no recovery and 99% 
recovery, were assumed for the Mo or W precipitates. The 
impurities in V-4Cr-4Ti or Flibe were not considered in 
the calculation. 

 
III.B. Results and Discussion 

 
The dose rate of the blanket as a function of the 

cooling time after 30 years’ operation is given in Fig. 4. 
The blanket without any precipitation of Mo or W can 
satisfy the hands-on recycle limit after 100 years’ cooling. 
In the case of MoF6 doping, Mo precipitation results in 
the radiation level where recycling is almost unfeasible if 
any recovery is not carried out. 99 % recovery of Mo 
precipitates results in potential recycling in some shielded 
conditions. In the case of WF6 doping, the hands-on 
recycling limit is fulfilled only after several hundreds of 
years without any recovery. In contrast, the hands-on 
recycle limit is satisfied after 100 years’ cooling with 
99% recovery, which is similar to the case without any 
precipitates. 

Therefore, the doping of WF6 has a large advantage 
over that of MoF6 with respect to the induced 
radioactivity and recycling capability. 

Fig. 5 compares the local Tritium Breeding Ratio 
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Fig. 3  The tritium inventories in V-4Cr-4Ti structure 
and Flibe in the blanket area as a function of the 
tritium molar fraction as TF in Flibe in two cases of 
MoF6 and WF6 doping at 1000K. The blanket structure 
of FFHR-FV6 was assumed, which is composed of 700 
ton of V-4Cr-4Ti structure and 1140 ton of Flibe. 
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Fig. 4  Dose rate of the blanket as a function of the 
cooling time after 30 years’ operation. The blanket 
parameter of FFHR-FV6 was used. Two cases of no 
recovery and 99% recovery of Mo or W precipitates were 
assumed. The recycle limits11 are also indicated. 
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(TBR) as a function of the operation years. Initial TBR of 
1.261 continues to decrease with accumulation of Mo or 
W in the blanket. However, since the change in TBR is 
only ~0.01 after 30 years’ operation in maximum case, the 
influence of Mo or W precipitation to TBR is thought to 
be negligible. 

Fig, 6 shows the transmutation products in Mo and W 
during the operation. Mo and W coatings, once formed 
during the initial operation, will change into Mo-Nb-Tc-
Ru alloy and W-Ta-Re-Os alloy coating during the 
succeeding operation, respectively. The chemical change 
in the coating could influence the corrosion protection 
ability.   

Some prediction of the stability of the alloy is 
possible according to the thermodynamic data. Fig. 7 
shows the free energies for fluoride formation for the 
relevant elements derived from MALT-2 database.12 
Higher free energies for RuF5 and ReF6 than those of 
MoF6 , WF6 and HF suggests that Ru and Re are stable in 
Flibe.  Nb and Ta may be unstable in Flibe.  Considering 
relatively high production rate, Ta in W could degrade the 
stability of the coating. The thermodynamic data for Tc 
and Os were not available in MALT-2 database. However, 
since Fig. 7 show that stability increases with the change 
of the element group from V-A, VI-A, VII-A and VIII, Tc 
(group VII-A) and Os (group VIII) are expected to have 
high stability in Flibe. 

 
IV. CONCLUSIONS 
 
1. Because of extremely large tritium inventory in 

structural materials, REDOX control using Be cannot 
be applied to V-alloy/Flibe blanket system. 

2. REDOX control to enhance TF production by doping 
MoF6 or WF6 can reduce the tritium inventory and 
leakage by large decrease in partial pressure of T2. 

3. The reaction of MoF6 or WF6 with wall material (V-
alloy) would form corrosion-protective Mo or W 
coating on the wall in the initial operation period. 
The coating could have self-healing capability. 

4. MoF6 doping is more effective in reducing the tritium 
inventory. However, WF6 doping is still feasible if 
TF level of ~0.1 ppm in Flibe can be designed in the 
blanket region. The tritium inventory in the blanket 
area would be less than 100g at the TF level of 1 and 
0.1 ppm in Flibe with addition of MoF6 and WF6, 
respectively. 

5. WF6 doping is far more advantageous than MoF6 
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Fig. 5  Local Tritium Breeding Ratio (TBR) as a function 
of the operation time. Two cases of no recovery and 99% 
recovery of Mo or W precipitates were assumed.  
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Fig. 6  Compositional change of Mo and Nb in the 
blanket during the operation. 
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doping for low activation purposes. 
6. Impact of precipitation of Mo or W in blanket on 

Tritium Breeding Ratio will be negligible. 
7. Transmutation products of Ta in W and Nb in Mo 

may degrade the stability of W and Mo coating in 
Flibe, respectively. 

8. Among the issues of the concept are recoveries of 
tritium in the form of TF and Mo or W out of the 
blanket. 
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A multiscale modeling approach, which is based 
on atomistic simulations, was applied to investigate the 
growth and shrinkage mechanisms of helium-vacancy 
(He-V) clusters in Fe. Firstly, a molecular dynamics (MD) 
technique with empirical interatomic potentials was used 
to determine energies for the formation and dissociation 
of clusters as a function of their size and He density. Both 
the number of He atoms and vacancies in a cluster ranged 
from 0 to 20. The dissociation energy of clusters showed 
a strong dependence on the He density, rather than the 
cluster size, indicating that the growth and shrinkage of 
clusters strongly depend on the He density. Secondly, 
these dissociation energies were employed in a kinetic 
Monte-Carlo (KMC) simulation, to explore long-time 
cluster behavior. The KMC simulation indicated that He 
can stabilize He-V clusters by suppressing thermal 
vacancy emission and by promoting thermal self-
interstitial Fe atom emission. A preliminary KMC 
simulation to investigate the migration behavior of He-V 
clusters is also presented. 

 
I. INTRODUCTION 

 
During the operation of fusion reactors, He is directly 

implanted or generated internally by (n, α) nuclear 
transmutation reactions in materials, concurrently with 
energetic displacement damage. High He concentrations 
and the formation of He bubbles in materials are known to 
enhance void swelling, cause intergranular embrittlement, 
and produce surface roughening and blistering. This 
degradation results from the fact that He is insoluble and 
therefore tends to precipitate into vacancy clusters or 
voids in materials. 

Trinkaus has classified helium-vacancy (He-V) clusters 
and He bubbles into three characteristic size classes: 
atomistic bubble nucleus, nonideal gas bubbles and ideal 
gas bubbles [1]. The lowest size class is usually indicated 
by HenVm clusters, which may play an important role in 
the nucleation of He bubbles. However, a physically 
precise description of bubble nucleation and the 
transformation of clusters into bubbles have not yet been 
obtained. The objective of the present study is to provide 
an appropriate model for nucleation and growth of He 
bubbles by using a multiscale modeling approach, where 
the advantages of various simulation techniques are 

utilized to understand the physical phenomena that take 
place at a wide variety of time and length scales. As a first 
step toward the establishment of the model, molecular 
dynamics (MD) was employed to investigate the 
energetics of He-V clusters in Fe, and then, a kinetic 
Monte-Carlo (KMC) technique was applied to understand 
the thermal stability and migration behavior of the 
clusters. To validate the computational results, the 
calculated energies were directly compared with 
experimental measurements using thermal He desorption 
spectrometry (THDS). 

 
II.  MD CALCULATION OF FORMATION 

ENRERGIES 
 

In order to evaluate the formation energies of defect 
clusters in Fe, the empirical interatomic potentials 
developed by Ackland et al. [2], Wilson and Johnson [3], 
and Beck [4] were employed to describe interactions 
between Fe-Fe, Fe-He and He-He, respectively. The Beck 
potential was modified to smoothly connect with the 
Ziegler-Biersack-Littmark (ZBL) potential [5] that is 
appropriate at short atomic separation. Computational box 
size was 10 a x 10 a x 10 a, where a is the lattice constant 
of Fe. Periodic boundary conditions were applied. Details 
of the calculation method are described in ref. [6].  

The formation energies of vacancy clusters (void) and 
self-interstitial atom (SIA) clusters in bcc Fe were 
calculated as a function of cluster size and shape, and the 
size dependence of the lowest formation energies are well 
described by the following equations, respectively: 
 

Ef(Vk)= 2.7906k2/3-0.75526k1/3,  (1) 

Ef(Ik)= 1.1392k+4.7035k1/2,  (2) 
 
where Ef(Vk) is the formation energy of the cluster of k 
vacancies, and Ef(Ik) is the formation energy of the cluster 
of k SIAs. The cluster size, k, investigated here ranged up 
to 76 and 25 for the vacancy and SIA clusters, 
respectively. The vacancy cluster formation energy agrees 
very well with a continuum level equation describing void 
surface energy, down to as small as one vacancy [7]. The 
binding energy of the vacancy and SIA clusters was 
defined as follows: 
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Eb(jk)=Ef(j1)+Ef(jk-1)-Ef(jk),    (3) 

 
where j is V or I. Both the binding energies defined in this 
way show an increasing function of cluster size. In 
addition, as shown in Fig. 1 of ref. [6], the binding energy 
of SIA clusters is greater than that of vacancy clusters at 
any size, indicating that a vacancy cluster is thermally less 
stable than an SIA cluster. In fact, even for larger size, the 
binding energy of vacancy clusters does not take more 
than about 1.2 eV, while the binding energy of SIA 
clusters is greater than 2.0 eV even for 4 SIAs. However, 
when He atoms are introduced into vacancy clusters, the 
binding state of the clusters is dramatically changed, as 
mentioned in the next section. 

The formation energy of a He-V cluster that contains n 
He atoms and m vacancies was defined as follows: 
 

Ef(HenVm)=Etot(HenVm) –{nεHe+(N–m)εFe}  (4) 
 
where Etot(HenVm) is the calculated total energy of a 
computational cell containing a HenVm cluster, εFe is the 
cohesive energy of a perfect bcc Fe crystal, and εHe is the 
cohesive energy of a perfect fcc He crystal. εFe and εHe 
was calculated to be –4.316 eV/atom and –0.00714 
eV/atom, respectively. N denotes the number of perfect 
bcc lattice sites in the computational cell and therefore 
(N–m) is the number of Fe atoms in the cell. From the 
formation energy obtained here [7], the binding energies 
of various point defects to a HenVm cluster were 
calculated, where n and m ranged from 0 to 20. The 
binding energy of a vacancy, an interstitial He atom, and a 

self-interstitial Fe atom to HenVm clusters was calculated 
according to the following equations, respectively: 

 
Eb(V)=Ef(V)+Ef(HenVm–1) –Ef(HenVm),  (5) 
Eb(He)=Ef(He)+Ef(Hen-1Vm) –Ef(HenVm),  (6) 
Eb(I)=Ef(I)+Ef(HenVm+1) –Ef(HenVm).  (7) 

 
The formation energy of an isolated vacancy (Ef(V)), an 
interstitial He atom (Ef(He)) and an isolated self-
interstitial atom (SIA) (Ef(I)) in bcc Fe was calculated to 
be 1.70, 5.25 and 4.88 eV, respectively. The binding 
energy defined in this way exactly equals the difference in 
total energy before and after the interaction between such 
a point defect and a He-V cluster. For example, from eqs. 
(4) and (5), the vacancy binding energy is rewritten by 
 

Eb(V)={Etot(V)+Etot(HenVm–1)} – 
{Etot(perfect)+Etot(HenVm)},  (8) 

 
where Etot(perfect) is the total energy of a perfect crystal 
containing N Fe atoms which can be expressed as NεFe, 
and Etot(V) is the total energy of a crystal containing an 
isolated vacancy with (N–1) Fe atoms. Thus, eq. (8) 
shows a difference in total energy between the crystal of 
2N lattice sites containing a HenVm cluster and the same 
size of a crystal containing both a HenVm–1 cluster and an 
isolated vacancy.  

Extension of eq. (7) provides the definition of the 
binding energy of an SIA cluster to HenVm clusters, as 
follows: 
 

Eb(Ik)=Ef(Ik)+Ef(HenVm+k) –Ef(HenVm),  (9) 
 
where Ef(Ik) is the formation energy of the cluster of k 
SIAs, which can be fitted to eq. (2). 

 
 
III. BINDING ENERGY OF He-V CLUSTERS  
 

Fig. 1 shows a plot of the binding energies versus the 
He density of clusters in bcc Fe. The He density was 
defined as the helium-to-vacancy ratio of clusters, which 
was the number of He atoms divided by the number of 
vacancies in the cluster. Namely, the He density of a 
HenVm cluster was provided by n/m. As shown in the 
figure, the binding energies primarily depend on the He 
density. The cluster size dependence of the binding 
energies is relatively small, except for HenV1 clusters, 
where the binding energies of a vacancy and an SIA are 
somewhat greater and the binding energy of an interstitial 
He atom is somewhat lower to the HenV1 clusters than to 
HenVm clusters. 

Except for the extremely high He density regime (> 6 
He/V), the binding energy of a vacancy to He-V clusters 
gradually increases with increasing He density, which is 
consistent with the conclusion provided by Adams et al. 
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Fig. 1  The binding energy of a vacancy, an interstitial He 
atom, and an SIA to He-V clusters in bcc Fe as a function 

of the He density of clusters. All the binding energies 
strongly depend on the He density, rather than cluster size.

297



[8]. The calculated binding energy of a vacancy to high-
density He-V clusters surprisingly exceeds 6 eV, implying 
that, at any temperature, a vacancy cannot be detrapped 
from the cluster. Such a high binding energy is 
inconsistent with the report for He in Ni [9], where 
Sharafat et al. have extrapolated and evaluated the 
binding energy of a vacancy to small He-V clusters, from 
the rather macroscopic point of view. This inconsistency 
may result from the fact that their estimation was only 
based on force balance between bubble surface tension 
and gas pressure, and moreover, the gas pressure was 
evaluated using the He equation of state (EOS) where 
only He-He interaction was considered. For such small 
clusters as investigated here (the number of He and 
vacancies ranged from 0 to 20), the interaction of He 
atoms with surrounding metal atoms is more important 
than the interaction between He-He in the cluster and 
therefore the metal-He interaction cannot be ignored. Our 
atomistic calculations giving such high values of the 
vacancy binding energy may indicate that there is a 
difficulty in determining the energies of small clusters 
from the macroscopic point of view. A physical 
description connecting our atomistic evaluation for 
smaller clusters and their macroscopic evaluation for 
larger clusters is beyond the scope of the present work, 
but it is very important and should be done in the future. 

The configuration of He atoms in a He-V cluster 
strongly depends on the He density of the cluster. When 
the helium-to-vacancy ratio is approximately 1, the He 
atoms have bcc configuration, coherent with matrix Fe 
lattice atoms. On the other hand, when the ratio is greater 
than approximately 6, they have close-packed 
configuration in the cluster, and, in this case, the 
collective motion of He atoms in the cluster produces 
bubble pressure large enough to push a Fe atom off from 
its normal site and spontaneously creates additional 
vacancies and associated SIAs, thereby lowering the He 
density. These results indicate that the maximum He-to-
vacancy ratio is about 6. The SIAs produced in high He 
density clusters were bound to the cluster, and moreover, 
the SIAs agglomerated on the same side of the cluster 
rather than uniformly distributed over the cluster surface, 
which is consistent with Wilson’s observations [10]. This 
athermal behavior may effectively increase the number of 
vacancies in the cluster, and therefore, reduce the actual 
He density of the cluster. This may reflect the vacancy 
binding energy curve in Fig. 1, where the dependence of 
the binding energy on the He density changes when the 
ratio is greater than about 6. For example, as shown in Fig. 
1, the binding energy of a vacancy to clusters of He-to-
vacancy ratio 10 is approximately the same as that of ratio 
3, indicating that the He density of the clusters is 
effectively reduced from 10 to 3 because of athermal 
vacancy creation. 

The employed interatomic potentials used in this study 
show that the repulsive interaction between Fe-He is 

much greater than the relatively weak He-He interaction 
of a closed shell noble gas. It results in the energetically 
favorable He clustering in Fe through a decrease in the 
number of high energy, repulsive Fe-He interactions. This 
is a possible reason why He atoms make a cluster in Fe, 
though the cohesive energy of He atoms is negligibly 
small (εHe=–0.00714 eV/atom for fcc He). In the same 
way, He atoms prefer to be bound to vacancies for further 
reduction in the number of the Fe-He interactions. In fact, 
He atoms are strongly trapped by vacancies and vacancy 
clusters, and namely, the binding energy of an interstitial 
He atom to nearly empty voids is very high. Fig. 1 also 
shows the binding energies of an interstitial He atom to 
He-V clusters as a function of the He density. The binding 
energy of an interstitial He atom to He-V clusters 
decreases from approximately the same value as 
interstitial He formation energy (Ef(He) = 5.25 eV) at 0 
He/V to the value slightly smaller than 2 eV at 6 He/V, 
followed by an increase at ratios greater than 6. The 
change in the dependence of the energies on the He 
density at greater than 6 He/V may be because of the 
‘athermal SIA production and associated effective 
decrease in the He density’, which is the same reason for 
the change of the dependence of vacancy binding energy 
on the He density, as mentioned above. The decreasing 
and increasing behavior of the He binding energy is 
qualitatively consistent with the results of He in Ni 
reported by Wilson et al [10]. 

Fig. 1 also shows the binding energy of an SIA to He-V 
clusters as a function of the He density. Similar to the 
density dependence of the He binding energy, the binding 
energy of an SIA to He-V clusters also decreases from the 
value close to the Frenkel pair formation energy 
(Ef(V)+Ef(I)=1.70+4.88=6.58 eV) at 0 He/V, to nearly 
zero eV at 6 He/V, followed by an increase with 
increasing the He density. The density dependence of the 
SIA binding energy is also qualitatively consistent with 
Wilson’s calculations [10]. It should be noted here that 
the SIA binding energy is almost zero at high densities. 
The cluster is fully occupied by 6 He atoms per a vacancy 
and therefore additional incoming SIAs are prevented 
from recombining with vacancies. 

The binding energies obtained above clearly show 
some of the He effects on the thermal stability of He-V 
clusters in Fe during and after irradiation. One is the 
impact on the binding energy of a vacancy to He-V 
clusters, where the vacancy binding energy increases with 
the He density. The second is the impact on the binding 
energy of an SIA to He-V clusters, where the SIA binding 
energy decreases with the He density. Both effects will 
stabilize He-V clusters. In order to profoundly understand 
He effects, the binding energies of He-V clusters were 
compared with those of copper-vacancy (Cu-V) clusters 
in Fe [6], where a Cu atom is usually a substitutional 
impurity in Fe. It should be noted that the notation of a 
CunVm cluster and the definition of the Cu density of the 
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cluster, n/m, were, on purpose, set to be the same as those 
for He-V clusters, though such notation is not usual for 
substitutional impurities. In Cu-V clusters, the athermal 
production of SIAs takes place at copper-to-vacancy 
ratios greater than 1, which may reflect the fact that an 
effective pair potential value of the employed Fe-Fe 
potential is lower than that of FeCu at the atomic 
separations expected here. The critical value of 1 for Cu-

V clusters may correspond to the critical value of 6 for 
He-V clusters, and the difference in the critical values 
may be explained by the difference in the size of the 
impurities in Fe. In the case of He-V clusters, the gradual 
but significant changes in the binding energies of a 
vacancy and an SIA to the clusters were observed for the 
He density up to the critical value, while such drastic 
changes were not observed for Cu-V clusters. Thus, the 
drastic changes in binding energies are one of the 
characteristic features of He effects in Fe. Further 
investigation of binding states for other impurity-vacancy 
clusters in Fe is interesting and it may be required as a 
reference to understand the He effects more deeply. 

Fig. 2 shows the binding energy of an SIA cluster to 
He-V clusters as a function of the He density, which was 
calculated using eq. (9). The binding energy primarily 
depends on the He density rather than cluster size, but 
there is also the difference of the density dependence 
between HenV1 clusters and HenVm (m≠1) clusters. 
Interesting is the relatively higher density regime, where 
the binding energy of an SIA cluster to He-V clusters is 
very small, indicating that the emission of an SIA cluster 
from the clusters, i.e., ‘loop punching [11] ’, can take 
place even at relatively lower temperatures. 
 
 
IV. DISSOCIATION ENERGY OF He-V CLUSTERS 
 

The frequency of dissociation of a defect j from a He-V 
cluster is usually described by the following equation [15, 
16]: 
 

ν(j)=ν0 exp(–ED(j)/kT),   (10) 
 
where j denotes a defect that dissociates from a He-V 
cluster, i.e., j=V, He, SIA, SIA cluster, etc. ν0 is the 
attempt frequency that is usually assumed to be 1013 s-1, k 
is the Boltzman constant, and T is temperature. ED(j) is 
the dissociation energy that is defined as follows [6, 16, 
17]: 
 

ED(j) = Eb(j) + Em(j),   (11) 
 
where Eb(j) is the binding energy of point defect j to a He-
V cluster. Em(j) is the activation energy for migration of 
point defect j. These were calculated to be 0.74, 0.078 and 
0.058 eV for j=V, He, SIA in bcc Fe, respectively, where 
the migration energies were obtained by the slope of the 
Arrhenius plot of diffusion coefficients calculated from 
the trajectories of the defects during 1 – 100 ns at various 
temperatures, as shown in Fig. 3. 

Fig. 4 shows the dissociation energies of a vacancy, an 
interstitial He atom and an SIA from He-V clusters as a 
function of the He density of clusters. The figure provides 
a deep insight into the growth and shrinkage behavior of 
He-V clusters in Fe during post-He-irradiation annealing, 
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Fig. 2  The binding energy of an SIA cluster to He-V 

clusters in bcc Fe as a function of the He density of He-V 
clusters. The SIA cluster binding energy for the He-V 

clusters of high He density is significantly low. 
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Fig. 3  The Arrhenius plot of diffusion coefficients of a 
vacancy, an interstitial He atom and an SIA in bcc and 
fcc Fe. The diffusion coefficients were calculated from 
the trajectories of the point defects during 1 – 100 ns at 
various temperatures. The slope of the plot provides the 

migration energy of the point defects. 

299



from the viewpoint of energetics. At a particular 
annealing temperature, it is generally expected that, if the 
activation energy for a certain dissociation process is 
lower than kT, then the dissociation process can take 
place. When temperature gradually increases during post-
irradiation annealing, firstly, at lower temperatures, 
thermal SIA emission can take place from clusters of high 
He density, and then, at higher temperatures, He can 
dissociate from clusters of higher He density, as well as 
thermal vacancy emission from the clusters of lower He 
density. It is interesting to note that, when thermal SIA 
emission takes place from a He-V cluster, the He density 
of the cluster decreases because of an increase in the 
number of vacancies. In the same way, when He 
dissociation takes place, the He density is decreased by a 
decrease in the number of He atoms in the cluster. 
Moreover, when thermal vacancy emission takes place, 
the He density increases due to a decrease in the number 
of vacancies in the cluster. Consequently, the He density 
of stable He-V clusters is given by the region below each 
curve in Fig. 4. For example, when the annealing 
temperature corresponds to the dissociation energy of 2 
eV, the He density of stable clusters lies roughly from 0.7 
to 4. At higher temperature, the lowest limit of the He 
density gradually increases and the highest limit gradually 
decreases. Finally, when the temperature corresponds to 
about 3.6 eV, the He density of stable clusters can only be 
1.8, at which all the dissociation energy curves intersect 
in the figure. Furthermore, when the temperature 
increases more, the He density of clusters is still about 1.8. 
In this way, dissociation of a vacancy, He and an SIA 

from He-V clusters strongly depend on the He density of 
the cluster and the He density of stable He-V clusters can 
be determined by annealing temperature. It should be 
noted that the picture of dissociation processes discussed 
above does not include the effect of thermal vacancies nor 
other incoming defects. 
 
V. EXPERIMENTAL VALIDATION 
 

The calculated dissociation energy of an interstitial He 
atom from He-V clusters was directly compared with the 
experimental measurements of thermal He desorption 
spectrometry (THDS), where He atoms desorbed from Fe 
samples were detected as a function of annealing 
temperatures by a quadruple mass analyzer (QMA) during 
post-irradiation annealing at the constant temperature 
ramping rate of 1 K/s. All He atoms implanted were 
retained in the as-irradiated samples and all the He atoms 
were desorbed during the post-irradiation annealing. 
Details of the experiments are described in ref. [12-14]. 
The THDS spectra roughly indicated that He atoms are 
dissociated from the surface at lower temperatures, from 
He-V clusters at intermediate temperatures (700 – 1200 
K), and from bubbles (i.e., bubble migration) at higher 
temperatures. 

When the temperature ramping rate is assumed to be 1 
K/s that is the same as our experimental condition and the 
attempt frequency is assumed to be 1013 s-1, the first-order 
reaction model [18] provides the calculated relationship 
between annealing temperature, T, in K and dissociation 
energies, ED, in eV as ED=0.0029T [6, 15]. This is an 
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Fig. 4  The calculated dissociation energies of a vacancy, an interstitial He atom and an SIA from He-V clusters in bcc and 

fcc Fe as a function of the He density of clusters. The calculated energies can be compared with experimental He 
desorption spectra obtained during the post-He-irradiation annealing at the linear ramping rate of temperature, 1 K/s. The 

relationship between the calculated dissociation energy and the annealing temperature is described by ED=0.0029T, where 
ED is dissociation energy in eV and T is annealing temperature in K. 

300



equation describing the relationship between the present 
calculations and our experiments. Fig. 4 also shows a 
comparison between the calculated dissociation energy 
curves and the experimental THDS spectra. The ordinate 
in the figure of the energy curves corresponds to that in 
the figure of the THDS spectra through the relationship 
described above. From the dissociation energy curves, He 
atoms can be detrapped from stable He-V clusters at 
temperatures approximately from 700 to 1200 K, which is 
consistent with experimental observation. However, there 
is a problem with the comparison, because a phase 
transformation from bcc to fcc takes place in pure Fe at 
1183 K. Therefore, the dissociation energies of He-V 
clusters in fcc Fe were also calculated using the same 
potential set as used in the calculations for bcc Fe. 
Although the Ackland potential for Fe-Fe interaction was 
developed so as to fit bcc Fe [2], it also reproduces the 
lattice constant of fcc Fe very well (the calculated lattice 
constant of fcc Fe is 0.3680 nm). In addition, the elastic 
constants for fcc Fe were calculated to be C11=187, 
C12=122 and C44=98 GPa at 0 K, which are consistent 
with the experimental elastic constants of C11=154, 
C12=122 and C44=77 GPa at 1428 K [19]. Since Fe-He 
and He-He interactions were described by purely pairwise 
interatomic potentials [3, 4] and atom-atom separation is 
the most important parameter for energy evaluations, it 
may not be unreasonable that the potential set is also 
useful for evaluation of He-V clusters in fcc Fe. The 
dissociation energies for He-V clusters in fcc Fe is also 
plotted in Fig. 4. The dependence of the energies for fcc 
Fe on the He density is similar to the case for bcc Fe, but 
the magnitude of the dissociation energy of an interstitial 
He atom from He-V clusters in fcc Fe is somewhat 
smaller than that in bcc Fe. This may indicate that, when 
the phase transformation takes place from bcc to fcc, the 
He binding strength of the clusters suddenly decreases, 
resulting in dissociation of excess He. In fact, a burst of 
He desorption from α-Fe was experimentally observed at 
around the phase transformation temperature, at which the 
He desorption peak is so sharp that the usual first-order 
dissociation model cannot explain the peak. Such a peak 
is not observed in an fcc Fe (Fe-Cr-Ni alloy), where no 
phase transformation takes place. Thus, our calculations 
indicate athermal He desorption at the phase 
transformation temperature, which is consistent with 
experimental observations. Helium desorption 
accompanied with the phase transformation was also 
discussed in ref. [14] purely from an experimental point 
of view. 

 
VI. LIFETIME OF He-V CLUSTERS 

 
An MD simulation technique is a useful tool for 

physical description of the static and dynamic behaviors 
of nano-scale defects in materials. However, the 
simulation time is limited within about 1 μs even when 

using recent high performance computers. The lifetime of 
He-V clusters may depend on their size and He density 
and temperature, and it could be, in many cases, beyond 
the limitation. Therefore, a kinetic Monte-Carlo (KMC) 
technique was employed to evaluate the lifetime of He-V 
clusters, where only phenomenological ‘known’ events 
are considered. The KMC simulation includes the events 
of dissociation of a vacancy, an interstitial He atom and 
an SIA from He-V clusters, but, at present, for simplicity, 
it does not include the dissociation of an SIA cluster. The 
occurrence probabilities of the events were assumed to be 
proportional to eq. (10). Only the vacancies, He atoms 
and Fe atoms located at cluster-matrix interface were 
assumed to be the candidates for dissociation. Energetics 
associated with these events was described by the MD 
results mentioned above. The time step employed in the 
calculations is Δ t=–log(R)/Σνi, where R is random 
number from 0 to 1 and νi is the occurrence probability of 
an event i [20]. 

Fig. 5 is the time evolution of the size of a He-V 
cluster in bcc Fe as a function of its initial He density, 
where cluster size is defined as the number of vacancies 
in the cluster, independent on the number of He atoms. 
Initial cluster size is 20 and temperature is fixed at 600 K. 
Without He atoms, cluster size rapidly decreases and the 
cluster is completely collapsed within 102 s due to thermal 
vacancy emission. However, when the initial He density 
increases, cluster lifetime dramatically increases. In 
addition, when the initial He density is greater than 2, the 
cluster size increases initially due to thermal SIA 
emission. Thus, the time development of cluster size, or 
cluster lifetime, strongly depends on the initial He density. 
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Fig. 5  The time evolution of the size of He-V clusters in 
bcc Fe as a function of the initial He density of clusters. 
Initial cluster size is 20 vacancies and temperature is 600 

K. 
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It is noted that the cluster lifetime evaluated here shows 
the thermal stability of an isolated He-V cluster solely as 
the general nature of the cluster. Namely, it does not 
include the effect of incoming defects produced by 
irradiation. Such an effect may be significant, but 
introduction of the effect has no general results because 
how frequently the radiation-induced defects come to He-
V clusters strongly depends on irradiation condition and 
microstructures such as dislocations, grain boundaries, etc. 
Evaluation of cluster lifetime for the individual specific 
irradiation and microstructure conditions is beyond the 
scope of the present paper. 
 
VII. He-V CLUSTER MIGRATION 

 
The migration behavior of He-V clusters in bcc Fe was 

investigated by KMC calculations, where the effect of 
thermal vacancies and the diffusion of Fe atoms on the 
cluster surface were included as well as the dissociation 
events mentioned above. The thermal vacancy effect and 
the surface migration of Fe atoms are described by the 
following equations, respectively: 
 

ν = ν0exp[– (Ef(V)+Em(V))/kT],  (12) 
ν = ν0exp[– (EM+ Δ E)/kT].  (13) 

 
where Ef(V) is vacancy formation energy and Em(V) is 
vacancy migration energy. The vacancy formation and 
migration energies are 1.70 eV and 0.74 eV obtained by 
MD calculations, respectively. The present model 
description of the surface Fe atom diffusion was similar to 
the work by Huang et al [21]. Both EM and Δ E were 
assumed to be a function of the He density and the 

coordination number, where the coordination number is 
defined as the number of Fe atoms within the first nearest 
neighbor distance from the Fe atom in considering. Δ E is 
the difference between the potential energies of a Fe atom 
at positions before and after a possible jump. The atom 
potential energy was obtained by MD calculations as a 
function of the coordination number and the He density. 
On the other hand, EM is temporarily assumed to be the 
same as the migration energy of a Fe atom on a flat free 
surface (without He). Details of the simulation methods 
and further work will be reported elsewhere [22]. 

Inclusion of the effects of Fe atom migration on the 
cluster surface and the existence of thermal vacancies into 
the KMC model provides an insight into the migration 
behavior of He-V clusters. The Arrhenius plot of 
diffusion coefficients of He-V clusters shows that the 
activation energy of He-V cluster migration is 
approximately the same as the migration energy of Fe 
atoms on the cluster surface, EM+ Δ E. When 0.5-0.7 eV 
was used as EM, the migration energy of a He20V20 cluster 
is approximately 0.89 eV [22]. It may indicate that cluster 
migration is dominated by the surface diffusion of Fe 
atoms, rather than by volume diffusion due to the effect of 
thermal vacancies. It should be noted that the prefactor of 
cluster diffusion coefficients is five orders of magnitude 
lower than that of usual point defect migration. 

Fig. 6 shows the time development of the size and 
squared diffusion distance of clusters, as a function of the 
He density. Initial cluster size is 20, and temperature is 
fixed at 1000 K. When the He density is zero, cluster size 
gradually decreases with time due to thermal vacancy 
emission and cluster mobility increases with decreasing 
the size. On the other hand, when the He density is 1, 
cluster size does not change during the simulation time, 
and therefore, longer distance migration is available 
during longer cluster lifetime. Thus, cluster migration 
depends on the size and lifetime of clusters, both of which 
strongly depend on the He density. 
 
 
VIII. SUMMARY 
 

The growth and shrinkage behaviors of He-V clusters 
in Fe were investigated by a multiscale modeling 
approach using MD and KMC techniques. He atoms in a 
He-V cluster can stabilize the cluster by suppressing 
vacancy emission and by promoting SIA emission, 
resulting in a drastic increase in the lifetime of the cluster. 
The thermal emission of a vacancy, an interstitial He atom 
and an SIA from He-V clusters greatly depend on the He 
density of clusters, rather than the cluster size. The 
preliminary KMC calculations were also performed to 
investigate the migration behavior of He-V clusters. The 
diffusion of a He-V cluster depends on the size and 
lifetime of the cluster, and therefore depends on the He 
density. 
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Thermodynamical formalization is made for 

description of the nucleation and growth of helium 
bubbles in metals during irradiation. The proposed 
formalization is available for evaluating both 
microstructural changes in fusion first wall materials 
where helium is produced by (n, α) nuclear transmutation 
reactions, and those in fusion divertor materials where 
helium particles with low energy are directly implanted. 
Calculated nucleation barrier is significantly reduced by 
the presence of helium, showing that a helium bubble 
with an appropriate number of helium atoms depending 
on bubble size can nucleate without any large nucleation 
barriers, even at a condition where an empty void has 
very large nucleation barrier without helium. With the 
proposed thermodynamical formalization, the nucleation 
and growth process of helium bubbles in iron during 
irradiation is simulated by the kinetic Monte-Carlo 
(KMC) technique. It shows the nucleation path of a 
helium bubble on the (NHe, NV) space as functions of 
temperatures and the concentration of helium in the 
matrix, where NHe and NV are the numbers of helium 
atoms and vacancies contained in the helium bubble, 
respectively. Bubble growth rates depend on the 
nucleation path and suggest that two different 
mechanisms operate for bubble growth: one is controlled 
by vacancy diffusion and the other is controlled by 
interstitial helium diffusion.  
 
I. INTRODUCTION 

 
Significant efforts toward modelling the nucleation 

and growth of helium bubbles in irradiated metals were 
made a few decades ago. Katz and Wiedersich [1] and 
Russell [2] separately used the classical nucleation theory 
to provide the homogeneous nucleation rate of empty 
voids (without helium) when vacancies and self-
interstitial atoms (SIAs) are supersaturated in metals. 
Later, the effect of helium on bubble formation was 
introduced into the model and the nucleation rate of 
helium bubbles was derived [3-5]. In addition, Mansur 
and Coghlan [6] provided the size dependence of bubble 
growth rates as a function of helium pressures in a bubble 
using the rates of vacancy absorption, vacancy emission 
and SIA absorption by the helium bubble, and they 
applied it to simultaneous rate theory equations describing 
defect interactions in metals during irradiation. Their 
efforts succeeded to explain experimental observations 

such as the bimodal size distribution of helium bubbles 
and the shift of temperatures at which void swelling 
occurs. This model is well established and can be applied 
enough to bubble formation, where helium is created by 
(n, α) nuclear transmutation reactions in metals and hence 
the concentration of helium in the matrix is relatively low.  

On the other hand, the theoretical treatment of the 
nucleation and growth of highly-pressurized helium 
bubbles has been developed separately from the above. 
This has been usually employed to interpret the 
experiments of direct low energy helium implantation. 
When the concentration of helium in the matrix is 
considerably high, such an experimental observation [7, 
8] should be taken into account that helium bubbles can 
form even at low temperatures where vacancies cannot 
migrate. In this condition, the so-called SIA emission and 
SIA loop punching have been considered as possible 
mechanisms to understand the growth of helium bubbles, 
which are not included in the model above. The SIA 
emission and SIA loop punching were essentially 
regarded as athermal, mechanical processes, and criteria 
for the mechanisms to operate were usually given by the 
minimum pressure of helium in a bubble. Glasgow and 
Wolfer [9] derived the minimum pressure for the SIA 
emission under an assumption that the ratio of the number 
of helium atoms to the number of vacancies contained in a 
helium bubble (i.e., helium-to-vacancy ratio or helium 
density) remains constant. It was approximately in good 
agreement with an expression made by Trinkaus [10]. The 
minimum pressure for the SIA loop punching was 
provided by Greenwood, Foreman and Rimmer [11], 
Trinkaus [10], and Glasgow and Wolfer [9] under an 
assumption that the energy of an SIA loop at a distance 
far from a helium bubble must be equal to the work 
expended by helium within the growing bubble. The 
minimum pressure for the loop punching was furthermore 
improved by additional consideration of an energy barrier 
due to elastic interactions between an SIA loop and a 
helium bubble [12, 13]. 

Recently, we performed both atomistic calculations 
using empirical interatomic potentials [14-17] and 
analytical evaluation based on the continuum model 
approach with the linear elasticity theory and the equation 
of states (EOS) for helium [18], to evaluate the formation 
and binding energies of helium bubbles in iron. It was 
found that the binding energy significantly depends on the 
helium density of bubbles rather than bubble size. When 
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the helium density increases, both the binding energies of 
an SIA and an SIA loop to a helium bubble significantly 
decrease to very low positive values. This fact practically 
indicates that an SIA and an SIA loop have enough 
possibilities to be emitted thermally from a highly-
pressurized helium bubble at finite temperatures, before 
the athermal mechanisms mentioned above begin to work.  

In the present study, the SIA emission was treated as a 
thermal process, similar to the vacancy emission. And 
unified formalization was constructed for description of 
the nucleation and growth of helium bubbles, available 
for both the regimes of high and low helium pressures. 
This treatment is quite reasonable when one considers the 
symmetric behaviour of interactions in metals between 
vacancies and SIAs. Based on such formalization, the 
nucleation path of helium bubbles in bcc iron during 
irradiation was investigated by the kinetic Monte-Carlo 
simulation technique for a wide range of concentrations of 
helium in the matrix. 
 
II. NUCLEATION ENERGY OF He-BUBBLES 

 
A helium bubble is a three-dimensional void 

containing helium atoms, which is sometimes called a 
helium cavity or a helium-vacancy cluster depending on 
its size and helium pressure. It is usually regarded as an 
agglomeration of helium atoms and vacancies than would 
normally be in a solution in materials during irradiation. 
However, in the present study, a helium bubble is 
regarded as an agglomeration of helium atoms, vacancies 
and SIAs, because SIAs also play an important role, in a 
negative sense, on the formation of helium bubbles in 
materials during irradiation. If n helium atoms, m 
vacancies and l SIAs agglomerate into a single helium 
bubble that is composed of NHe helium atoms and NV 
vacancies, one should have the relation: n= NHe and m−l= 
NV. It is noted that m should be greater than l because NV 
is a positive number. These relations are allusively based 
on the fact that, when an SIA is absorbed by a helium 
bubble, it is spontaneously recombined with a vacancy at 
the bubble-matrix interface. This definition is very useful 
when one considers interaction between a helium bubble 
and an SIA, as described in the next section. A similar 
definition can also be applied to mobile SIA loops if 
interaction between a helium bubble and an SIA loop is 
considered, although the interaction between them is 
neglected here for simplicity.  

Within the framework of the classical nucleation 
theory [19], the nucleation of a helium bubble is generally 
discussed in terms of the nucleation energy that is defined 
as a free energy difference between the state of point 
defects (interstitial helium, vacancies and SIAs) in a 
solution in metals and that of their agglomeration into a 
single helium bubble, and given by 

 
Δg = VΔGV + Sσ + Gel,   (1) 

 
where ∆GV is the volume-dependent term of the free 
energy change, σ is the surface tension of the helium 
bubble, Gel is the elastic energy of the matrix due to the 
formation of the helium bubble, V is bubble volume, and 
S is the surface area of the helium bubble. σ is often 
assumed to be the same as the surface (interface) free 
energy. Note that, Δg is identical to the total binding free 
energy of helium bubbles defined in our previous work 
[18].  

Consider the formation free energy of a helium bubble 
Gbubble

F, which is the free energy change of a system when 
a helium bubble is introduced into a perfect crystal. This 
energy gives the binding free energy of point defects to a 
helium bubble that is derived in an analytical form in the 
next section. When the formation free energy of a helium 
bubble Gbubble

F is used, equation (1) is rewritten by 
 

 Δg = Gbubble
F − nμHe

matrix − mμV
matrix − lμSIA

matrix, (2) 
 

where μk
matrix = Ek

F + kBTlnCk
matrix is the chemical 

potential of the type k point defect in the matrix. Ek
F and 

Ck
matrix are the formation energy and concentration of the 

type k point defect in the matrix, respectively, T is the 
temperature, and kB is the Boltzmann constant.  

Following the work done by Trinkaus [10], the 
formation free energy of a helium bubble Gbubble

F is 
provided by the sum of the helium bulk free energy 
GHe

Bulk, the helium surface free energy GHe
Surface, the metal 

surface free energy GMetal
Surface, the metal-helium interface 

free energy GHe-Metal
Interface, and the relaxation free energy 

GRelax. Considering the fact that the temperature 
dependence of these terms basically originates from the 
equation of state for helium [18], one may find that 
Gbubble

F is almost independent on temperatures at least 
when the helium pressure is relatively high, because the 
contribution of a temperature-independent term in the 
virial equation for pressures [20] to the total pressure is 
obviously more dominant at high pressures than that of a 
temperature-dependent term. Besides, when the pressure 
is low, a main contribution to Gbubble

F is GMetal
Surface and 

hence Gbubble
F is considered to be independent on 

temperatures. After all, it is considered at any pressure 
regimes that Gbubble

F is almost independent on 
temperatures. This fact implies that Gbubble

F can be 
evaluated by the molecular dynamics and molecular static 
calculation techniques, which only provide internal 
energy.  

The formation energy of helium bubbles Ebubble
F 

(≈Gbubble
F) was evaluated using the molecular dynamics 

and static calculations, where a system containing a 
helium bubble was at first fully relaxed at finite 
temperature, followed by a quench to obtain the energy of 
the system at 0 K. Empirical interatomic potentials 
employed were Ackland et al. [21], Wilson-Johnson [22] 
and ZBL-Beck [23, 24] for describing Fe-Fe, Fe-He and 
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He-He interactions, respectively. Both the numbers of 
helium atoms and vacancies investigated ranged from 0 to 
20. Details of the calculations have been described 
elsewhere [14-17]. In the present study, we have extended 
both the maximum numbers of helium atoms and 
vacancies contained in a helium bubble up to 100. 
However, additional evaluation of the formation energy 
was done by simple extrapolations of the data obtained 
from the above atomistic calculation, so that the binding 
energy of point defects to a helium bubble showed the 
same function of He/V ratios as the previous one, because 
those binding energies can approximately be regarded as 
the function of the ratios only [14-17]. The resultant 
formation energy of helium bubbles in iron is plotted in 
figure 1.  

Validation of interatomic potential functions is always 
put in question, whenever empirical interatomic potentials 
are used. The present study is such the case. Recently, it 
has been reported that density functional theory (DFT) 
calculations [25, 26] showed somewhat different 
properties, such as the stable configuration of an 
interstitial helium atom and the dissociation energy of 
substitutional helium, from the present Wilson-Johnson 
pairwise potential (PP) [22]. The DFT method is 
generally believed to provide more reliable description of 
interaction between atoms. However, one should take care 
of the fact that the method has still a disadvantage; 

namely, the upper limits of computational box size 
available for calculations are relatively low. This 
disadvantage may lead to a problem especially when a 
highly-pressurized helium bubble is evaluated, where a 
large computational box is required by the presence of 
significant lattice relaxation around the bubble. 
Fortunately, as pointed out in [25], the interstitial helium 
migration energy obtained by the DFT is very low and it 
is consistent with that obtained by the present potential. 
Besides, more importantly, the binding energy of point 
defects to a helium bubble shows a qualitative similar 
tendency against the He/V ratio between the two methods. 
These facts may indicate that, at least, the qualitative 
picture of the nucleation and growth process of helium 
bubbles can appropriately be obtained by the present 
potentials.  

When the formation free energy of a helium bubble 
thus defined is used, the chemical potential of point 
defects in a helium bubble is described as follows:  

 
μHe

bubble = ∂Gbubble
F /∂n = ∂Gbubble

F /∂NHe, 
μV

bubble = ∂Gbubble
F /∂m = ∂Gbubble

F /∂NV, 
μSIA

bubble = ∂Gbubble
F /∂l = −∂Gbubble

F /∂NV, 
 

where the relations n= NHe and m−l= NV was used for the 
second equal sign of the respective equations. It should be 
noted here that an SIA in a helium bubble indicates a 
metal atom at the bubble-matrix interface. This 
interpretation seems to be somewhat artificial; however, it 
is not only very useful from the viewpoint of mathematics, 
but also consistent with actual physical meanings. In fact, 
from these equations, one may find  
 

bubble
SIA

bubble
V μμ −= ,    (3) 

 
which reasonably indicates that the work done to 
introduce a vacancy into a helium bubble is equivalent 
with the work done to remove an SIA from the bubble. 
This equation is always correct as long as an SIA in a 
helium bubble is spontaneously recombined with a 
vacancy at the bubble-matrix interface. 

Consider the equilibrium condition as a special case. 
When a helium bubble is equilibrated with point defects 
in the matrix, the chemical potential of the type k point 
defect in a helium bubble should be equal to that in the 
matrix, i.e., bubblematrix

kk μμ = . This condition is replaced 
by matrix

SIA
matrix
V μμ −= , if equation (3) is applied. And 

eventually, equation (2) is rewritten by 
 
Δg = ΔH − TΔS,     (4a) 
ΔH = Ebubble

F − NHeEHe
F − NVEV

F,   (4b) 
ΔS = kB (NHelnCHe

matrix + NVlnCV
matrix),  (4c) 
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Figure 1  The formation energy of a He bubble in Fe as a 
function of the number of He atoms contained in the bubble. 

For He bubbles with both the numbers of He atoms and 
vacancies less than or equal to 20, the formation energies 

were calculated by the molecular dynamics and static 
calculation [14] with empirical interatomic potentials, while 
for the other bubbles, the energies were obtained by simple 

extrapolations. See text for more details. It is found that, for a 
given number of He atoms, the lowest energy configuration 

has one vacancy per He atom.   
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where ΔH is what is called the total binding energy of 
helium bubbles in [27]. These equations clearly indicate 
that the nucleation energy Δg increases with increasing 
temperatures and decreases with increasing the 
concentrations of helium and vacancies in the matrix. In 
addition, when the chemical potential of a helium bubble 
is introduced as follows: 
 

μbubble = nμHe
bubble + mμv

bubble + lμSIA
bubble  

                = Gbubble
F + kBTlnCbubble, 

 

the global equilibrium condition can be described by 
μbubble − NHeμHe

matrix − NVμV
matrix=0. Therefore, the 

equilibrium concentration of helium bubbles is given by 
Cbubble=exp(−Δg/kBT), showing that the equilibrium 
concentration decreases with increasing the nucleation 
energy, as indicated by the classical nucleation theory 
[19]. 

Figure 2(a) shows an example of the size dependence 
of the nucleation energy of a helium bubble in iron as a 
function of the number of helium atoms contained in the 
bubble. These were evaluated by equations (4a)-(4c). The 
concentrations of vacancies and helium atoms were fixed 
at 10-7 and 10-11, respectively, and temperature was 900 K. 
Figure 2(b) is the contour plot of figure 2(a). It is shown 
in figure 2(a) that the size of the critical nucleus of an 
empty void (without helium) is about 70 vacancies and 
corresponding nucleation barrier is as high as 13 eV. It 
indicates that an empty void can not nucleate at this 
condition, because the temperature is too high for the 
nucleus to be stable and the concentration of vacancies in 
the matrix is too low to be supplied enough to the 
nucleation. However, as shown in the figure, when the 
number of helium atoms contained in the bubble increases, 
the nucleation barrier is significantly reduced. It may 
reflect the fact that the formation energy of isolated 
helium atoms in the matrix is so high that they prefer to 
agglomerate into a cluster. The figure also shows that the 
nucleation energy is dramatically increased at relatively 
smaller bubble size with increasing the number of helium 
atoms in the bubble. It indicates that helium bubbles with 
quite high He/V ratios are difficult to nucleate. Thus, it 
may suggest that a helium bubble with an appropriate 
number of helium atoms depending on bubble size can 
nucleate without any large energy barrier. Figures 3(a) 
and 3(b) show another example, where CV

matrix=5×10-4, 
CHe

matrix=5×10-8 and T=1000K. The nucleation energy 
values are smaller than the previous case because of 
higher concentration of vacancies in the matrix; however, 
what the figures imply is qualitatively the same as the 
above. Thus, it is found that helium plays an effective role 
on promoting bubble nucleation. 

 
III. BINDING FREE ENERGY OF He-BUBBLES 
 
The fluxes of mobile defects to and from a helium bubble 
are important factors, which determine the growth and 
shrinkage rates of the bubble. According to the work done 
by Wolfer et al. [28, 29], the net flux of the type k mobile 
defect to an isotropic spherical helium bubble with radius 
R is given by 
 
Jk

net = Jk
in − Jk

out,      (5a) 
Jk

in = (4πRZkDk/Ω)Ck
matrix(∞),   (5b) 

Jk
out = (4πRZkDk/Ω)Ck

matrix(R)exp(Ek
int(R)/kBT), (5c) 
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Figure 2  The nucleation energy of a He bubble in Fe as a 
function of the number of He atoms contained in the bubble 

(a) and the contour plot representation (b). The 
concentrations of vacancies and He atoms were fixed at 10-7 
and 10-11, respectively. Temperature was 900 K. An empty 

void cannot nucleate at this condition; however, the 
nucleation barrier is significantly reduced by the presence of 

He. 
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where Ω is the atomic volume, Dk is the diffusion 
coefficient of the type k mobile defect in the unstrained 
matrix, Ck

matrix(r) is the concentration of the type k mobile 
defect in the matrix at a distance r from the bubble centre, 
Ek

int(r) is the interaction energy due to the elastic 
interaction between the type k mobile defect at r and the 
helium bubble, and Zk is the capture efficiency (the bias 
factor) of the helium bubble for the type k mobile defect. 
The equations are obtained by solving the steady-state 
diffusion equation, where the flux of mobile defects has a 
spherical symmetry with respect to the bubble centre. The 
fluxes Jk

in  and Jk
out of the type k mobile defect thus 

defined are both positive values, and they correspond to 
an inflow rate to the helium bubble and an outflow rate 
from the helium bubble, respectively.  

The emission rate Jk
out is usually given under an 

assumption of local thermodynamic equilibrium condition, 
where a helium bubble is equilibrium with the type k 
mobile defect at R, i.e., μk

bubble = μk
matrix(R). With this 

equation, equation (5c) is replaced by 
 

Jk
out = (4πRZkDk/Ω)exp(−Gk

bind/kBT),   (5d) 
 

where  
 

Gk
bind = Ek

F − μk
bubble    (6) 

 
is the binding free energy of the type k mobile defect to a 
helium bubble. This indicates the free energy change 
when the type k mobile defect is removed from a helium 
bubble and immediately placed in an unstrained matrix. 
When the binding free energy defined here is used, the 
above local equilibrium condition is rewritten by 
 
Gk

bind + Ek
int(R) = −kBTlnCk

matrix(R),   (7a) 
 
or, if the interaction energy is neglected, 
 

Gk
bind = −kBTlnCk

matrix(R).    (7b) 
 

It indicates that a decrease in the configurational entropy, 
ΔSk

config. = −kBlnCk
matrix(R) due to absorption of the type k 

mobile defect at R by a helium bubble is compensated by 
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representation (b). The conditions are indicated in the figure.
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Figure 4  The binding energies of point defects to a He 
bubble in Fe, which were calculated by the molecular 

dynamics and static calculations [14-17] with empirical 
interatomic potentials. The numbers of He atoms and 
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The binding energies significantly depend on the He density 
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an energy gain due to the absorption described by Gk
bind + 

Ek
int(R) in equation (7a), and Gk

bind in equation (7b).  
Figure 4 shows the binding energy of point defects to 

a helium bubble in iron as a function of He/V ratios, 
which was calculated by our previous atomistic 
calculations [14-17]. As shown in the figure, the binding 
energy significantly depends on He/V ratios rather than 
bubble size [14-17]. These significant but gradual changes 
in the binding energy against He/V ratios are a 
characteristic of helium bubbles, and such changes are not 
observed in the case of copper-vacancy clusters in iron as 
discussed in [15], where copper is a substitutional 
impurity in the metal. When He/V ratios are less than 1, 
the binding energy of point defects to a helium bubble is 
almost constant. When He/V ratios are greater than 1 and 
less than 6, the vacancy binding energy is an increasing 
function, and the SIA and helium binding energies are 
decreasing functions of the ratios. Moreover, when He/V 
ratios are greater than 6, the binding energies show 
opposite tendencies against the ratios. Changes in the 
tendencies against the ratios are mainly due to the effect 
of lattice relaxation around the bubble. At higher He/V 
ratios than 6, metal atoms at the bubble-matrix interface 
showed significant displacements from their original 
lattice sites. These significant atomic displacements result 
in producing additional space for helium atoms, leading to 
a reduction in actual helium density in a helium bubble. 
Let us imagine the helium bubble of a very high He/V 
ratio with the significant atomic displacement of metal 
atoms at the interface, and one can easily understand that 
a helium bubble is regarded as an agglomeration of 
helium atoms, vacancies and SIAs as mentioned in the 
previous section.  

The dependence of the binding energy of point defects 
to a helium bubble on He/V ratios is consistent with the 
analytical expression of the binding free energy obtained 
by the continuum model approach [18], except the range 
of very high He/V ratios where the linear elasticity theory 
employed by the analytical expression is not applicable. 
As is easily expected from the temperature independence 
of the formation free energy of helium bubbles discussed 
above, the binding free energy obtained by the continuum 
model approach [18] actually showed almost independent 
on temperatures. It is therefore considered that the 
binding energy evaluated at 0 K by our atomistic 
calculations can be applied at any temperatures.  

It is obviously indicated in figure 4 that the vacancy 
and SIA binding energies have a trade-off relation with 
each other and the sum of those energies seems to always 
be a constant. It is well consistent with the relation of 
GV

bind + GSIA
bind = EV

F + ESIA
F (=const.) that is simply 

obtained from equations (3) and (6). Within the 
continuum model approach [18], the analytical expression 
of the pressure at GV

bind = GSIA
bind is simply given by 

p=2γ/R + (ESIA
F – EV

F)/2Ω if the elastic free energy is 
neglected, where γ is the surface free energy. Since ESIA

F 

is generally higher than EV
F in metals, such critical 

pressure is always higher than the equilibrium pressure by 
(ESIA

F – EV
F)/2Ω. The corresponding He/V ratio to the 

critical pressure is evaluated to be 1.8 from the figure.  
When a He/V ratio is much higher than 1.8, the SIA 

binding energy takes a very low positive value, while the 
vacancy binding energy is as high as 6 eV. In this 
condition, JV

out evaluated by equations (5d) can be 
neglected but JSIA

out  takes a finite, significant value. It 
suggests that the SIAs can be emitted even when GSIA

bind 
> 0. Similar things can be said regarding the SIA loop 
punching. When He/V ratios are very high, the binding 
energy of an SIA loop to a helium bubble Gloop

bind takes a 
very low positive value as shown in Fig. 2 of [16], and 
therefore, the SIA loop punching can also occur even at 
Gloop

bind > 0. These positive values of the binding energies 
(GSIA

bind and Gloop
bind) at high He/V ratios are consistent 

with the earlier atomistic calculation work of Wilson et al. 
[30] for multiple helium-filled vacancies and for helium 
clusters (without vacancy).   

Strictly speaking, the present treatment regarding the 
SIA emission described by equations (5d) and (6) is 
definitely different from the earlier athermal treatment for 
the SIA emission [10], where the threshold pressure is 
given by GSIA

bind = 0. The present treatment is also 
different from the earlier athermal treatment for the SIA 
loop punching, where the threshold pressure is given by 
Gloop

bind = 0 [10-12], or more precisely, given by Gloop
bind 

+ Eloop
int(R) = 0 [13]. A difference of the present treatment 

from the earlier works is an introduction of the 
configurational entropy. Namely, from equations (7a) and 
(7b), the present treatment considers the threshold events 
using the equations: Gk

bind + Ek
int(R) − TΔSk

config. = 0, or if 
the interaction energy is neglected, Gk

bind − TΔSk
config. = 0, 

where k denotes an SIA or an SIA loop. Namely, the 
binding energy Gk

bind for the latter case, or Gk
bind + Ek

int(R) 
for the former case, can take a positive value for the 
threshold, by the amount of a reduction in the free energy 
that corresponds to a positive configurational entropy 
change, if T is finite. These treatments are not 
unreasonable, because the vacancy emission have been 
conventionally treated by equations (5d) and (6) as a 
usual manner [6]. Rather, the present treatment is 
considered to be more appropriate from the viewpoint of 
the symmetric behaviour of vacancies and SIAs in 
materials. 
 
IV. NUCLEATION AND GROWTH OF He-
BUBBLES DURING IRRADIATION 

 
The nucleation and growth process of an isolated 

single helium bubble in bcc iron was investigated by the 
kinetic Monte-Carlo (KMC) simulation technique. Events 
employed in the simulation were the absorption and 
emission of a vacancy, an SIA and interstitial helium by a 
single helium bubble, while an event associated with SIA 
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loops or substitutional helium was neglected here for 
simplicity. The events employed here were thus limited, 
but the essence of bubble nucleation and growth may be 
fully described by those events, as discussed in the 
following.  

The occurrence probability of the events for 
absorption and emission was respectively given by 
equations (5b) and (5d) that were given in the unit of per 
second. It was assumed that the interaction energy was 
neglected and therefore the capture efficiency was fixed at 
1 for any events. Prior to the simulation, all possible 
events and their occurrence probabilities were listed in a 
table. And then, one event was selected by the random 
number generator. Once a particular event was chosen, 
the defect information was accordingly modified and the 
table of all possible events and their probabilities was 
updated. Time step for real time evolution was calculated 
with the following formula [31]: Δt=−logL/Σνi, where L 
was a random number uniformly distributed between 0 
and 1 and νi was the occurrence probability of the type i 
event. Vacancies, iron atoms and helium atoms at the 
bubble-matrix interface were regarded as candidates for 
the possible event of emission of point defects. A 
migration energy employed here for describing the 
diffusion coefficient of point defects in the matrix was 

0.74, 0.058 and 0.078 eV for a vacancy, an SIA and 
interstitial helium, respectively [16].  

The concentration of point defects at a distance R 
from the bubble centre was simply given by the 
combination (NHe, NV) of a helium bubble as discussed in 
the previous section, whereas the concentration of point 
defects far from the helium bubble Ck

matrix(∞) can not be 
determined only by the character of the helium bubble. 
Ck

matrix(∞) is generally time dependent and therefore it is 
usually obtained by solving simultaneous rate theory 
equations describing a wide variety of defect interactions 
occurred in materials during irradiation such as 
production, migration, clustering and annihilation to 
various sinks. In the present study, Ck

matrix(∞) was 
regarded as a constant input parameter.  

The initial configuration of a helium bubble was 
assumed to be a single vacancy. When a single vacancy 
was annihilated by an SIA during the simulation, an 
additional vacancy was prepared as a new candidate and 
the simulation was continued. Hence, when the 
occurrence probability of SIA absorption by a vacancy 
was relatively high, bubble size was almost kept at NV=1 
during the simulation.  
 
 

Table 1  Nucleation energy and corresponding critical size for 
empty voids in bcc Fe at various temperatures. Vacancy 

concentration is fixed at 5×10-4. There are neither helium atoms 
nor SIAs in the system. 

Temp. (K) 400 500 600 630 640 650
Nucleation 
energy (eV) 

0.33 0.47 0.65 0.71 0.73 0.75

Critical size 
(No. of 

vacancies) 

 
2 

 
2 

 
3 

 
3 

 
3 

 
3 

 
 
IV.A. TIME DEVELOPMENT OF BUBBLE 
GROWTH  
 

Figure 5 is the time evolution of void size as a 
function of temperatures, which was calculated by the 
KMC technique, where there were only vacancies in the 
system and their concentration was 5×10-4. Temperatures 
ranged from 400 K to 640 K. As shown in the figure, 
there is the incubation period, followed by sudden growth 
of an empty void. During the incubation period, growth to 
a vacancy cluster with a few vacancies and its shrinkage 
to a single vacancy is alternately occurred, where the 
attempt of a nucleus to be beyond a critical size are 
repeatedly made. Nucleation energies and corresponding 
critical nucleus size at this condition were calculated 
using equation 2 and listed in table 1. The incubation 
period decreases with increasing temperatures at below 
630 K, because vacancy mobility increases with 
increasing temperatures. However, when the temperature 
is greater than 630 K, the incubation period exhibits an 
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Figure 5  Temperature dependence of the time evolution of 
void size calculated by the KMC technique. The 

concentration of vacancies in the Fe matrix was fixed at 
5×10-4, and the concentrations of SIAs and He are both 0. 

Note that, simulated time period available with this technique 
is much greater than the normal molecular dynamics 

technique. After some incubation time, which depends on 
temperatures, an empty void suddenly begins to grow. At 
higher temperatures than 640 K, an empty void was not 

observed to grow within the simulation time. 
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increasing function of temperatures. At 650 K or higher 
temperatures, the nucleation of empty voids was not 
observed at all during the present simulation of ~107 time 
steps. An increase in the incubation period at higher 
temperatures than 630 K is probably because of the 
thermal instability of void nuclei. These results may 
indicate that the so-called stage V temperature of iron 
represented by the present interatomic potential is 
approximately 650 K.  

Figure 5 also shows that, after the incubation period, 
voids can grow without any significant shrinkage at this 
condition. From the slope of the growth curve after the 
incubation period in this figure, void growth rates were 
obtained in the unit of the number of vacancies per second. 
The growth rates depend on temperatures and exhibit the 
Arrhenius behaviour as shown in figure 6. The slope of 
the Arrhenius plot is 0.72 eV, which is in good agreement 
with the vacancy migration energy employed as an input 
parameter. It reasonably indicates that the growth of 
empty voids is controlled by vacancy diffusion. 
When SIAs were additionally introduced into the system, 
the shrinkage of an empty void was observed to be more 
significant than the previous case, as shown in figure 7. 
Here, the temperature was 500K, the matrix vacancy 
concentration was fixed at 5×10-4, and the effective 
vacancy supersaturation was five. Note that, the effective 
vacancy supersaturation is defined by 
SV=(DVCV

matrix−DSIACSIA
matrix)/DVCV

eq. with the 

equilibrium vacancy concentration CV
eq.=exp(−EV

F/kBT). 
The concentration of SIAs in the matrix was fixed so as to 
produce a given value of the effective vacancy 
supersaturation. When the temperature was increased to 
1000 K, an empty void was not observed to nucleate at all 
during the present simulation, where a void nucleus was 
annihilated by an SIA in addition to its thermal instability 
at this high temperature.  

However, when helium was introduced into the 
system, helium bubbles were observed to nucleate even at 
a high temperature of 1000 K. Figure 7 also shows the 
time evolution of bubble size at 1000 K as a function of 
the concentration of helium in the matrix. Even at such a 
high temperature, helium bubbles can nucleate and their 
growth rates are greater than those of an empty void. 
Additionally, the incubation period is significantly 
decreased. An increase in the growth rate and a decrease 
in the incubation period are more significant at higher 
concentration of helium in the matrix. Moreover, the 
shrinkage becomes less frequent when the helium 
concentration is higher. 
 
IV.B.  BUBBLE NUCLEATION PATH IN (NHe, NV) 
SPACE 
 

Figures 8(a) and 8(b) are the mechanism map for 
bubble formation that we introduced in the previous work 
[18]. Here, the concentration of vacancies in the matrix 
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Figure 6  The Arrhenius plot of growth rates of empty voids 
in Fe. The slope of the line is 0.72 eV, which is in good 

agreement with the vacancy migration energy employed as 
an input parameter (0.74 eV). It reasonably indicates that the 

growth of empty voids is controlled by vacancy diffusion. 
 
 
 

Figure 7  The time evolution of bubble size as a function of 
the concentration of He in the Fe matrix. Temperature was 

500 K for an empty void and 1000 K for the others. The 
concentration of vacancies in the matrix was fixed at 5×10-4, 

and the vacancy supersaturation was five. When the 
concentration of He in the matrix increases, incubation 

periods for bubble growth decrease. The shrinkage process of 
bubbles is significantly suppressed by the presence of He. 
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Figure 8(a)  Mechanism maps for bubble formation in Fe as a function of temperatures. The concentrations of vacancies and interstitial 

He atoms in the matrix were 10-7 and 10-11, respectively. The vacancy supersaturation was fixed at five. The nucleation paths for He 
bubbles in Fe are also indicated on the maps. The average He/V ratio of a growing He bubble decreases with increasing temperatures.
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Figure 8(b)  Mechanism maps for bubble formation in Fe as a function of the matrix He concentration. The concentration 

of vacancies in the matrix was fixed at 10-7. The vacancy supersaturation was five. Temperature was 1000 K. The 
nucleation paths for He bubbles in Fe are also indicated on the maps. The average He/V ratio of a growing He bubble 

reasonably shows an increasing function of the matrix He concentration. 
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 was fixed at 10-7 and the effective vacancy 
supersaturation Sv was five. Temperature and the 
concentration of helium in the matrix were used as 
variable parameters in figures 8(a) and 8(b), respectively. 
The mechanism map describes bubble growth and 
shrinkage on the (NHe, NV) space as shown in the figures, 
which is simply determined by the magnitude of point 
defect fluxes (Jk

in and Jk
out). Note that, a movement in 

right and left hand directions in the space indicates bubble 
growth and shrinkage, respectively. In these examples, an 
investigation of the most significant event of point defects 
to occur for bubble formation divided the (NHe, NV) space 
into the following four regions: the region of bubble 
shrinkage due to vacancy emission, that of bubble 
shrinkage due to SIA absorption, that of bubble growth 
due to vacancy absorption, and that of bubble growth due 
to SIA emission. There exists the region of helium 
absorption but there is no region of helium emission in the 
space at this condition. Thus, the mechanism map 
provides the nucleation path of helium bubbles on the 
(NHe, NV) space deterministically. On the other hand, the 
present KMC simulation also provides the nucleation path 
of He bubbles, which is depicted on the mechanism map 
as shown in the figures. The KMC results are roughly 

consistent with what the mechanism map may indicate; 
however, there partly observed some inconsistencies 
between them. For example, bubble shrinkage is clearly 
observed even in the growth region on the mechanism 
map. This inconsistent behaviour is temporarily and 
caused by the stochastic fluctuation of point defect fluxes.  
The KMC nucleation path in the figures shows that the 
average He/V ratio of the growing helium bubbles 
decreases with increasing temperatures, suggesting that 
higher pressurized helium bubbles will form at lower 
temperatures. Besides, the figures also show that higher 
pressurized helium bubbles will form when the 
concentration of helium in the matrix is higher.  
 
IV.C.  Bubble growth rates 
 

Bubble growth rates were obtained from the time 
evolution of helium bubble size after the incubation 
period in the same way as described in section 4.1. The 
concentration of vacancies in the matrix was fixed at 
5×10-4, and the vacancy supersaturation was five. Figure 
9 shows the Arrhenius plot of the bubble growth rates as a 
function the concentration of helium in the matrix. As 
shown in the figure, the growth rates obviously indicate 
two different activation energies: approximately one is 
0.74 eV and the other is 0.078 eV. 

When there is no helium in the matrix, the slope 
of the Arrhenius plot is the same as the vacancy migration 
energy (0.74 eV), as indicated by the dotted line in the 
figure. This is the same as the case of figure 6. It indicates 
that the growth of empty voids is also controlled by 
vacancy diffusion, regardless of the existence of SIAs in 
the matrix. Likewise, it was also observed that there exists 
a maximum temperature limit (~650 K), at above which 
empty voids cannot nucleate during the simulation 
because empty voids are thermally unstable at such higher 
temperatures. 

When helium is introduced into the system, 
helium bubbles can nucleate even at greater than 650 K 
and therefore the growth rates can be defined at such very 
high temperatures. When the concentration of helium in 
the matrix is relatively low, the slope of the Arrhenius 
plot in the figure is identical to the vacancy migration 
energy. It indicates that the growth of helium bubbles is 
still controlled by vacancy diffusion. In this case, the 
Arrhenius plots of the growth rate of helium bubbles are 
almost overlapped with that of empty voids. Thus, when 
the matrix helium concentration is relatively low, the role 
of helium on bubble formation is only to raise the 
maximum temperature limit.  

When the concentration of helium in the matrix 
becomes higher, bubble growth rates are significantly 
enhanced as shown in the figure, where the growth 
mechanism of helium bubbles is obviously different from 
the above. It was found from comparisons with the 
mechanism map that the enhanced growth rates are 
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Figure 9  The Arrhenius plot of growth rates of He bubbles in 
Fe. The slope of the lines indicates either 0.74 eV or 0.078 

eV. The former is the vacancy migration energy and the latter 
is the interstitial He migration energy. The figure indicates 

that the growth of He bubbles is controlled by vacancy 
diffusion when the concentration of He in the matrix is 

relatively low and the temperature is relatively high; 
otherwise, it is controlled by interstitial He diffusion. Since 

the interstitial He migration energy is very low, the interstitial 
He diffusion controlled growth is almost independent on 

temperatures. 
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strongly associated with nucleation paths along the region 
of the SIA emission, which is roughly represented by 
He/V≥6 on the mechanism map. Activation energy for 
bubble growth in this case is almost identical to the 
interstitial helium migration energy (0.078 eV). It 
suggests that bubble growth is controlled by interstitial 
helium diffusion. Since the interstitial helium migration 
energy is quite low, bubble growth by this mechanism is 
almost independent on temperatures. Namely, helium 
bubbles nucleate as if athermal process is working. This 
mechanism may work more significantly when the 
concentration of helium in the matrix is higher. When the 
concentration of helium in the matrix is intermediate, the 
mechanism works only when the temperature is relatively 
low. Since vacancy migration is not always required for 
bubble growth by this mechanism, helium bubbles can 
nucleate even at low temperatures where vacancies cannot 
migrate.  

Interactions between an SIA loop and a helium 
bubble were neglected here for simplicity. If such 
interactions are included in the present KMC model, 
bubble growth due to the SIA loop punching is also 
considered to be controlled by interstitial helium diffusion, 
because the primary origin for dissociation of an SIA loop 
from a helium bubble (i.e., the SIA loop punching) is an 
increase in He/V ratios that leads to significant reduction 
in binding energy between them [16]. Therefore, bubble 
formation by this mechanism may also be almost 
independent on temperatures and may occur even at low 
temperature where vacancies cannot migrate. This is 
consistent with experiments [7, 8].  

Another candidate for mobile defects that may 
contribute to bubble nucleation and growth but were 
neglected here is a substitutional helium atom. The 
migration of a substitutional helium atom is mainly 
controlled by vacancy migration, because the energy for 
transferring a helium atom at a substitutional position to a 
nearest neighboring vacancy is extremely small (about 
0.015 eV [14]). Besides, when a substitutional helium 
atom is absorbed by a helium bubble, the trajectory of the 
growing bubble on the (NHe, NV) space is highly expected 
to be along the straight line of NHe=NV on the space 
because the He/V ratio of a substitutional helium atom is 
1. This trajectory is far from the region of SIA emission 
on the mechanism map and therefore the SIA emission is 
not expected to occur by absorption of substitutional 
helium. Thus, it is reasonably considered that the growth 
rate of helium bubbles by the contribution of 
substitutional helium shows similar behaviour to the 
above case of interstitial helium with relatively low 
concentration, where bubble growth is controlled by 
vacancy diffusion. 

 
V. CONCLUSION 
 

Thermodynamical formalization was made for 
modelling the nucleation and growth of helium bubbles in 
metals during irradiation, which is applicable, 
independently on the concentrations of helium in the 
matrix. This is definitely different from the earlier 
theoretical treatments. With the present formalization, the 
nucleation and growth process of helium bubbles in iron 
was simulated by the kinetic Monte-Carlo technique, 
where a vacancy, an SIA and an interstitial helium atom 
were regarded as the compositions of helium bubbles. The 
nucleation path of helium bubbles were obtained on the  
(NHe, NV) space as functions of temperatures and the 
concentration of helium in the matrix. Besides, two 
different activation energies for bubble growth were 
clearly shown, indicating that there are two different 
mechanisms for bubble growth: one is controlled by 
vacancy diffusion and another is controlled by interstitial 
helium diffusion. The interstitial helium diffusion 
controlled growth is associated with the SIA emission, 
where the formation of helium bubbles is almost 
independent on temperatures and helium bubbles can 
form even at low temperatures where vacancies cannot 
migrate. The present theoretical treatment is applicable to 
simultaneous rate theory equations describing various 
defect interactions to understand microstructural 
evolution in materials under more realistic conditions. 
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Task	2-1
(1) Optimization and characterization of chemical vapor infiltrated SiC/SiC 

Composites
(2) Tensile strength of chemical vapor infiltrated advanced SiC fiber composites 

at elevated temperatures 
(3) Tensile and thermal properties of chemically vapor-infiltrated silicon 

carbide composites of various high-modulus fiber reinforcements
Task	2-2

(1) Impact of material system thermomechanics and thermofluid performance 
on He-cooled ceramic breeder blanket designs with SiCf/SiC

(2) Experimental study of the interaction of ceramic breeder pebble beds with 
structural materials under thermo-mechanical loads

(3) Numerical characterization of thermo-mechanical performance of breeder 
pebble beds

Task	2-3
(1) The effect of high dose/high temperature irradiation on high purity fibers 

and their silicon carbide composites
(2) Neutron irradiation effects on high-crystallinity and near-stoichiometry SiC 

fibers and their composites
(3) Effect of He pre-implantation and neutron irradiation on mechanical 

properties of SiC/SiC composite
(4) Mechanical properties of advanced SiC/SiC composites after neutron 

Irradiation
(5) Current status and critical issues for development of SiC composites for 

fusion applications
(6) Evaluation of Fiber/Matrix Interfacial Strength of Neutron Irradiated SiC/

SiC Composites 
(7) Mechanical properties of advanced SiC/SiC composites after neutron 

Irradiation

Task	3-1
(1) Innovative liquid breeder blanket design activities in Japan 
(2) Neutronics investigation of advanced self-cooled liquid blanket systems in 

helical reactor
(3) Tritium control for Flibe/V-alloy blanket system 

Task	3-2
(1) MD and KMC modeling of the growth and shrinkage mechanisms of 

helium-vacancy clusters in Fe
(2) Nucleation path of helium bubbles in metals during irradiation
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